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Internal Friction and Grain Boundary Viscosity of 


Copper and of Binary Copper Solid Solutions 


Measurements have been made of the variation of internal friction with temperature 
for OFHC copper, and for a series of binary solid solutions of high purity copper with 
zinc, gallium, germanium, arsenic, and silicon, to investigate the effect of alloying ele- 
ments in substitutional solid solution on grain boundary viscosity. The apparatus used 
was of the torsional pendulum type developed by Ke,’ modified so that the specimen 
and vibrating system could be maintained in a high vacuum. The activation energy for 
grain boundary relaxation in copper is 33,000 cal per mol. This is considerably less than 
the activation energy for self-diffusion, in disagreement with Ke's theory’ that the two 
activation energies should be the same. All the alloying elements increase the activation 
energy for grain boundary relaxation to approximately 44,000 cal per mol, increasing 
the grain boundary viscosity at a given temperature. The results are discussed in terms 
of theories of grain boundary slip put forward by Mott’ and by Ke.' Experiments have 
also been made to investigate the effect of small amounts of oxygen on the variation 
of internal friction with temperature for copper. 


by L. Rotherham and S. Pearson 


XPERIMENTS described in this paper were de- 

signed to investigate the effect of alloying ele- 
ments in substitutional solid solution on grain 
boundary viscosity, using the internal friction meth- 
od developed by Ke' for measuring grain boundary 
viscosity. It was considered desirable to make the 
system under investigation as simple as possible by 
making experiments on a comprehensive series of 
binary alloys of copper with the elements immedi- 
following it in the periodic table, i.e., zinc, 
These elements 


ately 
gallium, germanium, and arsenic 
are within the range of favorable size factor for 
solution in copper, and the systems have been ex- 
tensively investigated by Hume-Rothery and _ his 
co-workers.” Later, in order to study the effect of 
the relative size of the solvent and solute atoms, 
experiments were made on a series of Cu-Si alloys, 
since the apparent atomic diameter of silicon when 
in solution in copper—the diameter necessary to 
assign to the solute atoms to account for the lattice 
constant of the solid solution’—is almost the same 
as that of the solvent atoms 

Preliminary experiments were made to measure 
the variation of internal friction with temperature 
for pure copper. Ke made some experiments on 
but found that the curves obtained were not 
The cop- 


copper, 
reproducible in consecutive experiments 
per was maintained in an argon atmosphere during 
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the experiments but, although he took precautions 
to exclude oxygen, Ke came to the conclusion that 
the precautions were not entirely satisfactory, and 
that the lack of reproducibility must be due to 
absorption of oxygen by the copper. Experiments 
have therefore been made to investigate the effect 
of small amounts of oxygen on the variation of 
internal friction with temperature for copper, 


Previous Work 
Ke made extensive experiments on high purity 
and was able to show that the grain 
boundaries behave viscously at high temperatures 
He found that the relative rate of movement of the 
grains could be expressed as 


aluminum, 


fhe ox 
’ Xp RT | | 
where v is the velocity of slip, A is the constant, o Is 
the shear stress, H is the activation energy, R is the 
gas constant, and T is the absolute temperature 

sy assuming that the boundary layer was one 
atom thick, he obtained a value for the viscosity 
which, when extrapolated to the melting point, gave 
good agreement with the viscosity of the liquid 
metal at the melting point. Ke also made experi- 
on other high purity and commercial purity 
metals, He came to the 
conclusion’ that the activation energy for grain 
self or volume 


ment 
*" and on some alloy 


boundary slip was the same as for 
diffusion and for steady state creep in single crystals 
Rotherham, Smith, and Greenough “have shown re- 
cently that the activation energy for grain boundary 
lip is not the same as for self-diffusion in tin, 
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although it is not significantly different from that 
for creep in single crystal 


Theories Explaining Grain Boundary Slip 
Although Ke has shown that the grain boundaries 


in metals behave viscously at high temperatures, 
the actual mechanism by which slip occurs is open 
to controversy. Possible mechanisms which would 


lead to viscous slip have been discussed by Mott,’ 
and by Ke.* 

Mott thinks of the boundary in terms of the widely 
accepted transitional lattice theory. He considered 
that if two crystal planes are in contact but cannot 
different orientation, the 


fit, owing to indices ot 


Table |. Composition of Alloys 
Cu-Ge Cu-As (as 
Alleys Alleys Alleys Alleys Alleys 
Ge As 
Wire Wt Wire Ga, Wire Wt Wire We Wire Si, 
No et Neo WtPet Ne Pet Ne Pet Ne Wt Pet 
1A 1.20 l 1.06 5 1.16 ” 254 040 
in 1.70 2 142 6 142 10 400 12 1.36 
if 5.6 7 is 24) 
ip “20 4 17.47 4 913 i4 $71 
iF 16.70 
1270 


surface of contact will be divided into islands in 
which the fit is reasonably good, separated by lines 
near which fit is bad. Also, the elementary act 
which allows slip to occur is the disordering of 
atoms round each island of good fit. The free energy 
F to do this will approach zero at the melting point 
and nl, at the absolute zero of temperature, where nm 


is the number of atoms to be disordered and L is the 


Table Il. Loss of Weight of Cu-Zn Alloys During Tests 


Original wt pet Zo 120 170 136 420 16.70 12.70 
Lawes of wt, pet 02 on 20 15 


latent heat of fusion per atom. At any other tem- 
perature he assumed F to be given by F nL (1 
T/T..), where T,, is the temperature of melting 
This theory leads to the following expression for 
the rate of slip 
nwe nl nL 


cxp 
kT kT... kT [2] 


atomic vibration 


where » is the frequency of 
is the area per atom, a 1 
constant, and nl 


value of the 


ay/2 lattice constant, u 
the shear stress, k is Boltzmann's 
is to be identified with the measured 
activation energy. This expression gives reasonable 
quantitative agreement with the expression 
tained from Ke’s experiment. It also explains why 


ob- 


the surface layer behaves like a layer of liquid at 
the melting point, since the activation energy for 
melting small volumes disappears there 

Ke, on the other hand, considers that the grain 
boundary consists of numerous lattice imperfections 
or regions of atomic disorder. Between the imper- 
fections are regions of good lattice fit. This pic- 
ture is different from the abrupt transitional lattice 
theory in that the transition at the boundary region 
is considered to be gradual. Ke felt that the ele- 
mentary act responsible for slip is the squeezing 
past one another of two atoms in a disordered group 
in the manner considered previously by Orowan 
in his treatment of the mechanism of viscous flow 
of solids. This mechanism leads to the following 
expression for the rate of slip 

v exp [3] 
kT kT 

where q is the density of disordered 
atoms, y is the mean value of shear strain resulting 
from atomic rearrangements, » is the frequency of 
local fluctuations of energy, and o is the applied 
Ke claimed that the disordered groups 
also occur within the grains, although they are 
much smaller in number than in the boundary. He 
explained the agreement of the activation energy 
for grain boundary slip with those for self or vol- 
ume diffusion and for steady state creep in single 
crystals by the assumption that the elementary act 
responsible for these latter processes 1s atomic re- 
arrangement in the disordered groups within the 
crystals. This is the same way the mechanism leads 
to slip in the boundary. 


groups of 


shear stress 


Experimental 

Materials Used for the Investigation—-Al! the 
materials were supplied in the form of 4% mm diam 
wire. The OFHC copper was supplied by Messrs 
Thomas Bolton Ltd. 

Alloys were supplied by Messrs. Johnson Matthey 
& Co. Ltd. All of the alloys were made from high 
purity materials. Makers’ are given in 
Table I 

The alloys were all melted and chill cast under 
conditions designed to minimize the risk of con- 
tamination, particularly with oxygen. The chill cast 
ingots were rolled to “% in. sq rods, with intermedi- 
ate annealing at 600°C when necessary. These rods 
were then drawn down to wire by standard pro- 
cedure with intermediate bright anneals at suitable 
teps in the drawing operations 

Alloy wires were weighed before and after test- 
ing to measure any loss of the alloying element due 
The loss was less than the accuracy 
0.1 pet of the total weight, for 
and Cu-Si alloys, but 


analyses 


to evaporation 
of measurement, 
the Cu-Ga, Cu-Ge, Cu-As 


Alleys (a-Ga Alleys 


re ire 
ferred ferred 
7a Ortenta Ga Ortenta ie 
Wt Pret tien tien Wt Pet 


120 Marked 106 Nil 116 
170 Slight Nil 442 
5.36 Slight Marked 559 
620 Slight 17.47 Nil 913 
16.70 Nil 


32.70 Marked 


ight preferred ortentatior 


orn 


copper showed « 


Table Il. Results of Examination for Preferred Orientation 


(u-Ge Alleys 


(u-As Alleys Cu-Si Alleys 


Ire Pre- 
ferred ferred ferred 
Ortenta As. Ortenta Si, Ortenta- 
tien Wt Pet tien Wt Pet tien 


Very slight 254 Slight 040 Slight 
N 460 Nil 136 Slight 
Very slight 24) Marked 
Nil $71 Nil 
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Fig. 1—Variation of internal friction with temperature for 
OFHC copper 


appreciable loss of weight occurred in the case of 
the Cu-Zn alloys. Percentage loss of weight of these 
alloys is given in Table II 

X-ray diffraction photographs were taken of all 
the wires after test, principally to determine whether: 
there was any marked preferred orientation. Re- 
sults of the examination are given in Table III 

At the same time it was noted that the parameter 
of the metal varied considerably within the small 
depth of penetration of the X-rays for the four 
Cu-Zn alloys with the higher zine contents, but not 
for the other alloys. This is consistent with the 
observation that evaporation of solute occurred 
only from the Cu-Zn alloys 

Apparatus—The apparatus used for the tests was 
of the torsion pendulum type and was similar to 
that used by Ke.' The test specimen was about 9 
in. long. The apparatus differed from that used by 
Ke in the method of gripping the wire. Also, the 
wire and pendulum were enclosed in a vacuum- 
tight system, which was connected to an oil diffusion 
pump and a rotary pump so that the wire and vi- 
brating system could be maintained in a high vac- 
uum during the experiments. Alternately, the ap- 
paratus could be evacuated and then filled with a 
suitable controlled atmosphere 

It was found that for materials with very small 
internal friction, reducing the pressure in the ap- 
paratus greatly reduced the measured value of the 
internal friction. For instance, for an annealed 
OFHC copper wire tested at atmospheric pressure 
the logarithmic decrement was 0.003. With the 
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rotary pump running, pressure about 10° mm Hg, 
the logarithmic decrement was 0.001; while when 
the diffusion pump was used, pressure about 10 
mm Hg, the logarithmic decrement decreased to 
0.0005. Considerably lower values than this were 
obtained for some of the alloys 

The wire was gripped in V-grooves in split stain- 
less steel blocks, which were clamped together by 
stainless steel screws. The temperature of the fur- 
nace was measured by three chromel-alumel ther- 
mocouples, which were clamped to a Nichrome rod 
welded to the top grip supporting the wire under 
test. One thermocouple was placed to correspond to 
the height of the top of the test wire, one at the 
center, and one at the bottom. The junctions of the 
thermocouples were about ‘s in. from the axis of 
the wire under test. The EMF’s of the thermo- 
couples were measured by means of a portable po- 
tentiometer, and the furnace was wound so that 
the temperature gradient over the full length of 
the test wire could usually be maintained at not 
more than 2°C 

General Procedure—The general procedure 
adopted for these experiments was much the same 
as that already described by Ke,’ apart from the 
fact that all the internal friction measurements 
were made with the test wire maintained in vacuo. 
Specimens cut from the cold worked wires were 
annealed in position in the furnace. For most of 
the wires the annealing temperature was 700°C, 
but a few of the OFHC copper wires were annealed 
at 800°C. It should be noted that the bottom grip 
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Fig. 2—Effect of oxygen on internal friction of OFHC copper 
wires in which the grain diameter was small relative to that 
of the wire 
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TEMPERATURE 


Fig. 3—Effect of oxygen on internal friction of OFHC copper 
wires in which the grains extended across the full diameter of 
the wire 


and the rod for holding the inertia bar were at- 
tached to the wire during annealing. The stress in 
the wire due to this load was 125 g per sq mm—180 
psi. Two inertia bars were used, one of which gave 
a frequency of vibration of about 1 vibration per 
sec and the other of about 0.3 vibrations per sec. 
The longitudinal stress in the test wire when using 
the 1 sec pendulum was 190 g per sq mm-—-270 psi 
When using the 3 sec pendulum, it was 270 g per sq 
mm-—390 psi 

Readings were taken of the logarithmic decre- 
ment in free vibration and of the frequency of vi- 
bration at suitable temperature intervals over the 
range from room temperature to a temperature ap- 
proximately 100°C below that of the preliminary 
recrystallization. The time taken to cover this tem- 
perature range was usually about 3 hr. Current 
through the furnace windings was reduced while 
the readings were being taken so as to stabilize the 
temperature at the measured value. Maximum 
amplitude of vibration used in the experiments 
corresponded to maximum shear strain at the sur- 
face of the wire of about 6x10°, Experiments were 
made on some wires in which the grains were the 
full diameter of the wire and several diameters 
long. The grains were grown to this size by the 
usual strain-anneal method. Ke has shown that 
the internal friction temperature curve for such a 
wire approximates that for a single crystal. Here- 
after in this paper such wires are referred to as 
single crystal wires 

Experiments on OFHC Copper 
were made on wires in which the grain diameter! 
was small relative to that of the wire, and on single 
crystal wires. The small grain size wires were an- 
nealed for 2% hr at 700°C. Internal friction tem- 
perature curves were found to be reasonably re- 
producible for different specimens cut 
same reel of wire. Typical curves for the variation 
of internal friction with temperature are shown in 
Fig. 1 


Experiments 
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from the 


Two single crystal wires were used, the difference 
in the two wires being final annealing at different 
temperatures, one at 700°C and the other at 800°C. 
Results obtained were reproducible for the two 
wires. The variation of internal friction with tem- 
perature is shown in Fig. 1. 

Effect of Oxygen on Internal Friction of OFHC 
Copper—Experiments were made on both the small 
grain size wires and the single crystal wires to find 
the effect of small amounts of oxygen on the vari- 
ation of internal friction with temperature. The 
procedure adopted to introduce the oxygen was to 
heat the wires in oxygen for 3 hr at 400°C, so that 
they became coated with a film of oxide, then to 
heat them in vacuo to a temperature 100°C below 
the annealing temperature so that the oxygen could 
diffuse into the metal from the oxide film. Fig. 2 
shows the result of increasing time of heating on 
the internal friction-temperature curve for the small 
grain size wires. The curves were reasonably re- 
producible for different specimens 

Fig. 3 shows the effect of oxygen on the internal 
friction-temperature curve for the single crystal 
wires. It will be seen that although the effect of the 
oxygen is qualitatively the same for the two wires 
tested, in that they both show a peak in the region 
of 500°C and there is a marked hysteresis on heat- 
ing and cooling, the internal friction is considerably 
higher for the wire heated at 700°C than for that 
heated at 600°C. The room temperature internal 
friction is also higher for the wire heated at 700°C 
The two cooling curves can be approximately 
superimposed by a vertical displacement equal to 
the difference in the room temperature internal 
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Fig. 4—Effect of removing oxide film from OFHC copper wire 
loaded with oxygen 
that of the wire 


Grain diameter was small relative to 
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Fig. 5—Variation of internal friction with temperature for 
Cu-Zn alloy containing 1.17 atomic pct Zn 


friction. The difference in the two cooling curves is 
therefore more or less independent of temperature, 
and it seems most likely that it is due to some effect 
of the oxide film itself. Even when allowance is 
made for this temperature-independent internal 
friction, however, it is clear that the internal fric- 
tion obtained with increasing temperature is higher 
in the region of 500°C for the wire heated at 700°C 
than for that heated at 600°C. This difference must 
be due to the greater amount of oxygen absorbed 
by the wire heated at 700°C 

All the wires were coated with a film of oxide 
when removed from the apparatus. X-ray diffrac- 
tion measurements indicated that the film was al- 
most entirely Cu,O, though a litthe CuO could be 
detected 

In order to investigate the effect of the oxide 
film itself, as opposed to oxygen in the metal, the 
film was removed from one of the small grain size 
wires and one of the single crystal wires by rub- 
bing with 0 and 4/0 emery. They were then re- 
placed in the apparatus, reannealed, and internal 
friction measurements made. The results obtained 
are shown for the single crystal wire in Fig. 3 and 
for the small grain size wire in Fig. 4. It should be 
noted that in both cases the surface of the wire must 
have been severely cold worked when the film was 
removed with emery. Although the wires were re- 
annealed, they would not be in the same condition 
after this treatment as they would be after the 


TRANSACTIONS AIME 


TEMPERATURE 


Fig. 6—Variation of internal friction with temperature for 
Cu Zn alloy containing 8.01 atomic pct Zn 


treatment for the tests with the oxide coating. This 
is most apparent in the curve for the single crystal 
wire in which a small grain boundary peak has 
reappeared. However, the experiments on the wires 
with the film removed show that the large internal 
friction at room temperature for the single crystal 
wires is most probably due to the oxide film. In 
the case of the small grain size wires, the film itself 
has little effect on the internal friction-temperature 
curve 

Experiments on the Alloys -Experiments were 
made on small-grained specimens of all the alloys, 
and of single crystal specimens of two of the alloys, 
Cu-17.47 pet Ga and Cu-5.59 pet Ge 

The same experimental procedure was used for 
all the small-grained specimens. They were an- 
nealed in vacuo for 1 hr at 700°C. They were then 
cooled and the inertia bar attached. After being 
heated quickly to 600°C, the specimens were main- 
tained at this temperature for 30 min. Readings of 
logarithmic decrement and frequency of vibration 
were taken as the temperature decreased. After the 
specimens were left standing overnight at room 
temperature, a second experiment was made in 
which readings were taken over the temperature 
range from room temperature to 600°C. The speci- 
men was maintained at 600°C for 1% hr, and read- 
ings taken as the temperature decreased, The in- 
ertia bar was then changed, and the experiments 
repeated. Thus, three results were obtained for 
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Table 1V. Summary of Results of Tests on OFHC Copper 


Grain Boundary Peak, 
I Vibration per See 


Background at 


Activation Log Dee, Log Dec, 
Log Dee Energy. I Vibration 0.3 Vibration 
at Peak Cal per Mol per See per See 


0 084 33,000 0.160 0.182 
- 0.038 - 


0.121 0.143 


33,000 


0 038 


each wire at each frequency. The variation of in- 
ternal friction with temperature for these wires is 
shown in Figs. 5 through 14 

The same procedure was used for the single crys- 
tal wires, except that experiments were made at a 
frequency of 1 vibration per sec only. The results 
of these experiments are shown in Figs. 9 and 11. 
A curve is also shown in Fig. 9 for a specimen of 
the Cu-17.47 pet Ga alloy in which the grains were 
large. All of these grains did not extend across the 
full diameter of the wire 

Effect of the Longitudinal Load on the Wire on 
the Internal Friction—-It was noticed that the wires 
increased in length during the tests, and that the 
increase in length was greater when the high tem- 
perature internal friction was high. It was thought 
that the high internal friction might be partly due 
to longitudinal creep in the wire. In order to check 
this, experiments were made on the Cu-5.59 pet Ge 
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Fig. 7—Variation of internal friction with temperature for 
Cu-Zn alloy containing 32.) atomic pct Zn 


886—JOURNAL OF METALS, AUGUST 1956 


alloy, which gave a high value of internal friction 
at high temperatures. An inertia bar was used 
which gave a frequency of vibration of 1 vibration 
per sec, but which doubled the longitudinal load 
on the wire compared with the 1 vibration per sec 
inertia bar used for all the other experiments. It 
was found that doubling the load on the wire did 
not alter the internal friction curve appreciably. 
It is clear that the high internal friction at high 
temperatures is not due to the longitudinal load 
on the wire 
Results 

OFHC Copper—tThe variation of internal friction 
with temperature for OFHC copper, both large and 
small grains, is shown in Fig. 1. The fact that the 
peak on the curve for the small grain size wire 
does not occur for the single crystal wire indicates 
that it is due to grain boundary relaxation. The 
curves are very similar to those obtained for copper 
by Ke, except that the peak occurs at a lower tem- 
perature (300°C, compared with 330°C obtained by 
Ke). The curves are also closely reproducible 
whereas, as stated in the introductory portion of 
this paper, Ke found that his curves were not re- 
producible, the value of the internal friction at the 
peak decreasing each time the wire was tested. 
The results of the experiments on the wires heated 
in oxygen, Fig. 2, indicate that Ke’s explanation of 
this effect was correct, and that the effect was due 
to absorption of oxygen by the wire. Results of the 
experiments are summarized in Table IV 

The value of the activation energy for grain 
boundary slip obtained from the temperature shift 
with change in frequency is 33,000 cal per mol +10 
pet. Unfortunately, no value is available for the 
activation energy for steady state creep in single 
crystals of copper, though the activation energy for 
self-diffusion has been determined by several in- 
vestigators.““ ‘The values obtained range from 
40,000 to 61,000 cal per mol, the generally accepted 
value being about 50,000 cal per mol.” It is clear 
that the activation energy for self-diffusion is con- 
siderably higher than that for grain boundary slip, 
which does not support Ke’s hypothesis that they 
should be the same 

The viscosity at the melting point, 1083°C, has 
been calculated using the method of Ke. Assuming 
that the thickness of the boundary is 4x10 ° cm and 
the single crystal shear modulus at 1083°C is 3x10 
dynes per cm’, the value obtained is 0.014 poise 
This compares with the measured value of 0.034 
poise” at 1145°C and the value calculated from 
Andrade’s™ equation of 0.038 poise just above the 
melting point.” 

Alloys—The variation of internal friction with 
temperature for the alloys is shown in Figs. 5 
through 14, while the results are summarized in 
Table V. 

It will be seen that the effect of all the alloying 
elements is qualitatively similar. As the percentage 
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Fig. 8—Variation of internal friction with temperature for 
Cu-Ga alloy containing 0.97 atomic pct Ga 


of alloying element is increased, the height of the 
grain boundary peak for copper, which occurs at 
about 300°C, is suppressed until it i 
eliminated. A second peak appears on the curve at 
a temperature of about 500°C, and is considered to 
be a grain boundary peak for the solid solution. For 
some of the alloys in which the percentage of alloy- 
ing element was small, Figs. 5, 8, 10, and 13, both 
the 300°C copper peak and the 500°C alloy peak 
appear on the same curve. The temperature of the 
solid solution peak decreases with increasing con- 
centration of the solute element. The effectiveness 
of a given atomic percentage of solute element, both 
in eliminating the copper peak and in reducing the 
temperature of the solid solution peak, increase 
with increasing valency of the solute element 


completely 


It was not clear from the results of the experi- 
ments on the alloys with the elements of the B sub- 
groups whether increasing valency o1 
atomic size was more important tin thi 
Atomic size increases with increasing valency, but 
the experiments on the Cu-Si alloys indicate that 
the relative atomic size of the solute and solvent 
atoms is of much less importance than the valency 
effect. The heats of activation associated with the 
grain boundary slip have been calculated from the 
temperature shift with change in frequency for all 
the alloys and are given in Table V. They are all in 
the range between 39,000 and 52,000 cal per mol 
Considering the small temperature change involved, 
it is doubtful if any of them differ significantly 


increasing 
respect 
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Fig. 9—Variation of internal friction with temperature for 
Cu-Ga alloy containing 16.20 atomic pct Ga 


from the mean value of 44,000 cal per mol, which 
compares with the corresponding figure of 33,000 
+10 pet cal per mol for OFHC copper. Ke" experi- 
mented on a 70 pet Cu-30 pet Zn alloy and obtained 
a similar curve to that obtained here for the Cu- 
32.7 pet Zn alloy. His value for the activation energy 
for grain boundary slip was 41,000 cal per mol 

For the alloys containing the maximum percent- 
ages of zinc and gallium (32.70 pet Zn and 17.47 
pet Ga) a third peak appeared on the curve at a 
temperature of about 315°C, This peak persists for 
material of large grain size. It is similar to the peak 
obtained by Zener” and Ke® for 70-30 @ bra Since 
it occurs in single crystals as well as in polycrystal- 
line material, they concluded that it must be due 
to a diffusion proce: Zener obtained an activa- 
tion energy for the process of 33,000 cal per mol, 
while Ke obtained 40,000 cal per mol. No attempt 
has been made to obtain an activation energy for 
the proce from the experiments reported here 
This would involve separating the diffusion peak 
from the grain boundary peak and background 
For such a small internal friction the determination 
would obviously be inaccurate 


Discussion 
Grain Boundary Viscosity—FEffect of 
Elements on Grain Boundary Viscosity: The most 
important effects observed in these experiments are 
1) The addition of the solute elements to the 
copper suppresses the internal friction peak due to 


Alloying 
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Table V. Summary of Results of Experiments on Alloys* 


Low Temperature High Temperatare 
Peak, 1 Vibra- Peak, | Vibra- Background 
tien per Sec tien per See at 


Activa- Log Dee Log Dee 


Alley Apparent Mean tien 1 Vibra- 6.3 Vibra- 
ing Val. temic Atomic Grain Tempera- Log Tempera- Leg Energy. tien per tion per 
Element ency Diam, A Pet Diam, Cm ture, °€ Dee ture, °C Dee Cal per Mol See See 


Zn 2 270 1.17 0 0055 6.00017 270 0012 Nil 0.17 0.22 
142 0 00484 0 00012 250 0 004 505 021 40,000 0.18 0.24 

5.23 0.0058 0 00010 Nil 530 0.22 39,000 0.18 024 

401 0 00863 0 000096 Nil 520 022 45.000 0.18 0.22 

16.31 0005 0 000084 Nil 495 0.21 52,000 017 0.22 

12.10 0012 © 000057 310 0.02 460 0.19 50,000 0.20 0.30 

Gea 3 275 097 0 0050 0 00009 270 0 004 510 0.18 41,000 0.15 0.20 
$13 0 0045 0 00006 Nu 510 0.22 44,000 0.18 0.24 

a18 0 0060 0 00002 Nil 40 021 46.000 0.16 0.20 

16 20 6.017 6 000015 320 0.01 415 0.13 44,000 0.12 0.18 

Ge 4 278 102 0 0025 6.000015 270 0 006 500 0.21 44,000 0.28 0.40 
+04 0 0033 0 00003 Nu 475 0.18 39.000 021 0.32 

404 0 00%4 0 00004 Nil 455 0.19 42,000 0.22 0.32 

4.10 0 0055 0.000015 Nil 435 0.16 47,000 018 0.24 

As 5 2 68 2.16 0 0036 6 000018 Nil 450 021 44,000 0.18 0.24 
393 0 00448 6 00008 Nu 395 0.16 40,000 0.28 0.51 

SI 4 250 o9 0 0052 0 00005 290 0 008 435 0.17 42,000 0.14 0.22 
10 0 0042 0.00003 Nil 445 0.21 49.000 0.19 

5.3 0 0042 0 00004 Nil 430 0.15 49.000 0.14 0.21 

46.000 0.15 0.20 


0 0051 0 00004 


* Atomic diameter of copper equals 255A 


“rain boundary relaxation in the copper, and causes : H ; 
a second solid solution peak to appear on the in- and % = B(Gu), exp RT, 16] 
ternal friction-temperature curve at a higher tem- H 
perature, The fact that for some of the alloys con- Tm B(Gu),, exp [7] 
taining a small percentage of solute atoms both the RT, 
copper peak and the solid solution peak appear where », is the viscosity at grain boundary peak, »,. 


6 — 


together on the same curve shows that the processes 
causing the peaks are independent, and that the 
effect of the alloying elements is not to move the 
copper peak gradually to a higher temperature 

2) The activation energies for grain boundary 3 vie /SE 
relaxation in the alloys are approximately the same 


for all the alloying elements used _ 
3) The temperature of the solid solution peak 
decreases with increasing concentration of the solute a 
element 
The last of these effects may be explained in | vie/eet 
terms of the theory of grain boundary relaxation 180 


developed by Zener” and Ke,' if it is assumed that 

the viscosity of all the alloys is the same just above 

the melting point % 160 
From the theory of grain boundary relaxation, 

the viscosity, », of the grain boundary material at 

the temperature of the peak is given by the relation’ 


(Gu)d 
Df 


where Gu is the unrelaxed or single crystal shear 
modulus, d is the width of the grain boundary, D is 
the average grain diameter, and f is the frequency 
of vibration, so that, providing experiments are 


made at the same frequency of vibration and the - 
grain size is maintained constant, the grain bound- 
ary viscosity at the temperature of the peak will be 

#0 


the same for all the alloys, since d is constant and 
the variation of Gu is small between the different 


alloys 4 
The temperature dependence of the viscosity is 
obtained from the relation 


H 
r BiG 5 
u), exp RT [5] 


where », is the viscosity at temperature T, B is a 
constant, H is the activation energy for grain bound- 
ary relaxation, and T is the absolute temperature, Fig. 10—Variation of internal friction with temperature for 
Cu-Ge alloy containing 1.02 atomic pct Ge 
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so that 
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Fig. 11—Variation of internal friction with temperature for 
Cu-Ge alloy containing 4.94 atomic pct Ge 


is the viscosity at the solidus and 


"Ip (Gu). 


- constant [8] 
Nm (GU), 


H 
RT, 


— constant [9] 


This equation is obtained from Mott’s Eq. 2 or 
Ke’s Eq. 3 if the same simplifying assumptions are 
made. 

From the results of these experiments, the activa- 
tion energy for grain boundary relaxation is ap- 
proximately constant for all the alloys and is equal 
to 44,000 cal per mol. Therefore, we can substitute 
this value for H in Eq. 9, which gives 


44000 44000 
aT, 


000 1000 
are plotted against 


[10] 


constant 


If values of , a straight 
line of unit slope from which the value of the con- 
stant can be determined should be obtained. The 
values are plotted in Fig. 15, with T, corrected to a 
standard grain diam of 0.005 cm. It will be seen that 
the points for the alloys with the elements of the B 
subgroups fall roughly on one straight line, while 
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the points for the silicon alloys are on a second 
straight line. The value of the constant for the B 
subgroup alloys is 12, and for the silicon alloys, 14 

The reason for the difference in the two values 
obtained for the constant is not apparent, although 
it is not altogether surprising in view of the many 
approximations made. It seems unlikely that it is 
due to an error in the measured value of the activa- 
for the silicon alloys, since the lowest 


tion energy 
of the four measured values was 42,000 cal per mol 
and the average 46,000 cal per mol, whereas a value 
of 38,000 cal per mol would be required to give a 
value of 12 for the constant. It may possibly be due 
to the atomic size effect, although it is difficult to 
see how this can be taken into account satisfactorily 
in the theories put forward to explain grain bound- 
from its effect on the activation 
energy. However, it seems clear from Fig. 15 that 
the decrease in temperature of the peak with in- 
creasing concentration of the solute element is due 
to the decrease in the solidus temperature, which 
Hume-Rothery’ has shown to be predominantly a 
valency effect for these alloy: 

It will be seen that, according to the above reason- 
ing, the rise in temperature of the alloy grain 
boundary peak, compared with the copper peak, 1s 
due to the activation energy for 
grain boundary since the viscosity 


ary apart 


increase in the 
lip in the alloys, 


Fig. 12—Variation of internal friction with temperature for 
Cu-As alloy containing 3.93 atomic pct As 
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Fig. 13--Variation of internal friction with temperature for 
Cu Si alloy containing 0.9 atomic pct Si. 


of liquid copper just above the melting point will 
be approximately the same as that of the alloys 

The increase in activation energy is difficult to ex- 
plain satisfactorily in terms of either of the theories 
put forward to explain grain boundary slip. Con- 
sidering Mott's theory,” a possible explanation is 
that the solute atoms will concentrate at the bound- 
aries, where there is more room to accommodate 
them, and so improve the fit at the boundary and 
hence the number of atoms in the islands of good 
fit. However, the tendency for the solute atoms to 
concentrate and improve the fit at the boundary is 
dependent on the difference in atomic size of the 
solvent and solute atoms. It should be noted that 
the same activation energy is obtained for the Cu-Si 
alloys, in which the apparent atomic diameters of 
the solvent and solute atoms are almost the same, 
as for the other alloys. Also, if this is the correct 
mechanism, the activation energy should increase 
gradually with increasing concentration of the solute 
atoms. The fact that in some cases two peaks appear 
together on the same curve indicates that this is not 
the case, and that there is a typical activation energy 
for grain boundary slip in the alloys which is inde- 
pendent of the solute concentration. Therefore, these 
experimental results cannot be explained satisfac 
torily in terms of this mechanism 

Considering Ke'’s mechanism, it is very difficult 
to see how the addition of solute atoms could lead 
to an increase in activation energy, especially since 
the effect is independent of the relative size of the 
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Fig. 14—Variation of internal friction with temperature for 
Cu-Si alloy containing 8.0 atomic pct Si. 


solvent and solute atoms. Ke identified the activa- 
tion energy for grain boundary relaxation with that 
for steady state creep in single crystals and for self- 
or chemical diffusion. While it seems unlikely that 
the mechanism he proposed is responsible for steady 
state creep or diffusion, it is possible that the grain 
boundary relaxation is governed by the activation 
energy for one of these processes. Unfortunately, no 
values are available for the activation energy for 
teady state creep in pure copper, or in any of the 
alloys. Le Claire” quotes the activation energy for 
diffusion of zine in copper as 38,000 cal per mol, and 
for silicon in copper as 40,000 cal per mol, while 
Nowick”™ gives 43,500 cal per mol for the diffusion 
of both these elements. No values are published for 
the other alloying elements. Those available agree 
well with the activation energies for grain boundary 
relaxation. It should be noted, however, that the 
activation energy for grain boundary relaxation is 
not the same as that for self-diffusion in copper nor, 
as Rotherham, Greenough, and Smith” have shown, 
for tin. It is difficult to see why the grain boundary 
slip should be governed by the activation energy for 
chemical diffusion on the solid solutions when it is 
not governed by that for self-diffusion in the pure 
metals. It will be interesting to find if agreement is 
obtained when other solvents and solutes are used 

Effect of Oxygen—It will be seen from Fig. 2 that 
the effect of oxygen on the internal friction-tem- 
perature curve for pure copper is qualitatively simi- 
lar to that of the other alloying elements. As the 
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concentration of oxygen increases, the internal fric- 
tion at the copper grain boundary peak is reduced 
and the peak itself occurs at a lower temperature. 
It should be noted, however, that the solubility of 
oxygen in copper decreases with decreasing tem- 
perature so that, in the case of this element, the 
depression of the peak may be due to the fact that 
oxygen is precipitated as oxide in the grain bound- 
aries. Oxygen also causes a hysteresis in the internal 
friction curves obtained on heating and cooling, Figs 
2 and 3, which is probably due to delay in the 
copper acquiring its equilibrium oxygen content. 

Background Internal Friction——-From the results 
available, it seems that the internal friction-tem- 
perature curve for most, and probably for all, pure 
metals and solid solutions consists of a grain bound- 
ary peak together with a background internal fric- 
tion, as shown in Fig. 1. Ke” has discussed this high 
temperature internal friction, as he called it, and he 
concluded that it is caused by the presence of dis- 
locations in the interior of the specimen although 
the mechanism giving rise to the internal friction 
is unknown. More recently the view has been put 
forward by Pearson, Greenough, and Smith” that, 
as single crystal specimens have a greatly reduced 
background compared with small grained specimens, 
it is more reasonable to suppose that the difference 
is due to a grain boundary effect rather than to 
some difference in the number or behavior of dis- 
locations in single crystals and polycrystals 

The mechanism proposed is that creep occurs at 
the regions of stress concentration arising from the 
relaxation of shear stress along the grain bound- 
aries. Ke considered this, but he rejected it on the 
grounds that the stress is insufficient to cause slip. 
However, Puttick and King” have shown that an 
activated grain boundary creep can occur under 
much smaller shearing stresses than would be needed 
to cause crystalline slip. The curve of background 
internal friction in Fig. 1 has been drawn on the 
assumption that it is due to a creep proportional to 
a stress magnification factor multiplied by a tem- 
perature exponential term. 

Observations were made during these tests that 
are consistent with the hypothesis that creep occurs 
at regions of stress concentration. It was found that 
for materials with a high background internal fric- 
tion, considerable nonreversible torsional creep 
occurs at high temperatures under the minute stress 
exerted by the small residual magnetism between 
the inertia bar and the exciting magnets (i.e., the 
zero), drifts continuously in one direction or the 
other, and does not reverse on cooling. It has been 
noticed that when the background internal friction 
is high, the amount of creep is also high. Longi- 
tudinal creep occurs under the longitudinal load of 
the pendulum, but this does not itself contribute to 
the internal friction, since it was found that doubling 
the load on the wire does not increase the back- 
ground internal friction appreciably. The large 
grained specimens, in which the background internal 
friction was small, show no observable creep of 
either kind 

It will be seen from Fig. 2 that the background 
internal friction for copper is reduced by the pres- 
ence of oxygen in solution, and from Figs. 5 through 
14 that it is generally increased by the presence of 
the other alloying elements. These results seem 
contradictory, and are hard to explain if the creep 
is due to the movement of dislocations. A possible 
alternative mechanism by which creep could occur 
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is that the boundaries migrate at the regions of 
stress concentration to allow relative movement 
between the grains 

The horizontal displacement in 1/T to superpose 
the background curves obtained at two frequencies 
of vibration is generally different from the displace- 
ment to superpose the portions of the curves below 
the grain boundary peak. If it is assumed that the 
background internal friction is due to creep, and 
that the creep is an activated process obeying the 
law 

where ¢« is the creep strain at time ¢, the activation 
energy H can be obtained from the temperature 
change with change in frequency. Unfortunately, 
no reliable method exists for separating the grain 
boundary peak from the background curve. It was 
possible only in the few cases in which it was clear 
that the grain boundary relaxation had been com- 
pleted or almost completed to make an estimate of 
the activation energy on the above assumptions. The 
values obtained are given in Table VI 


Table Vi. Approximate Activation Energies for the Process Causing 
Background Internal Friction 


Approximate Acti- 
vation Energy for 


Alloying Atomic Background Internal 
Element Pet Friction, Cal per Mol 
Zn 1.17 
162 
801 
16.31 
12.1 27,500 
Ga 097 
8.18 
16.20 27,000 
Cit 1.02 27,000 
26,000 
104 26,000 
410 27,000 
As 2.16 
1.93 25.000 
Si 
10 
28,000 
a0 12,000 
OFHC Copper $4,000 


It will be seen that the activation energy for the 
hackground internal friction is the same as that for 
grain boundary slip in the case of OFHC copper, but 
it is considerably lower for all the alloys for which 
an estimate could be made. The value of the internal 
friction at the grain boundary peak is greater at the 
lower than at the higher frequency of vibration for 
nearly all the alloy This is consistent with the 
fact that the activation energy for the background 
internal friction is less than that for grain boundary 
relaxation 

There are reasonable grounds for believing, from 
the results obtained for pure metals, that the activa- 
tion energy for grain boundary slip is the same as 
that for steady state creep in single crystals. Thi 
has not been checked for the alloys but, if the same 
agreement is obtained, it is clear that the creep 
causing the background internal friction cannot be 
due to the same process as that responsible for steady 
state creep in single crystal It will be of interest 
to compare the activation energies obtained in these 
tests with those for steady state creep and for other 
processes in pure copper and the alloys when the 


data are available 
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Summary 

1) The activation energy for grain boundary slip 
in copper is considerably less than that for self- 
diffusion. Copper is, therefore, an exception to Ke’s 
theory that the two activation energies should be 
the same for all metals 

2) Adding solute elements to the copper sup- 
presses the internal friction peak due to grain 
boundary relaxation in copper, and causes a second 
solid solution peak to appear on the internal friction- 
temperature curve at a higher temperature. For 
some of the alloys containing a small percentage of 
solute atoms, both the copper peak and the solid 
olution peak appear together on the same curve, 
ihowing that the processes causing the peaks are 
independent, and that the alloying elements do not 
move the copper peak to a higher temperature 

4) The activation energies for grain boundary 
relaxation in the alloys are approximately the same 
for all the alloying elements used, 44,000 cal per 
mol, which compares with 33,000 cal per mol for 
grain boundary relaxation in copper 

4) The temperature of the solid solution peak 
decreases with increasing concentration of the solute 
element, and can be related to the solidus tempera- 
ture of the solid solution 

5) The results of the experiments on the solid 
solutions do not seem to be consistent with either 
of the mechanisms so far put forward to explain 
grain boundary slip 


6) Oxygen in copper reduces the value of the 
internal friction at the grain boundary peak, and 
the temperature of the peak. This may be due to the 
fact that the oxygen is precipitated as oxide in the 
grain boundaries. Oxygen also causes a hysteresis 
in the internal friction-temperature curve on heat- 
ing and cooling, probably due to delay in the copper 
acquiring its equilibrium oxygen content. 

7) All the results obtained in these experiments 
are consistent with the hypothesis that the internal 
friction-temperature curve for pure metals and solid 
solutions consists of a grain boundary peak super- 
imposed on a background internal friction which 
increases continuously with increasing temperature. 
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Technical Note 


RYSTALLOGRAPHIC relationships between 
martensitic a (close-packed-hexagonal) and re- 
tained 8 (body-centered-cubic) have been studied 
in binary alloys of titanium with manganese, molyb- 
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Orientation Relationships Between Alpha Prime and 
Beta Phases in a Ti-Ni Alloy 


by D. H. Polonis and J. Gordon Parr 


denum, chromium, and iron.’* In these investiga- 
tions, the habit planes of the martensitic phase were 
determined, as well as the orientation relationships 
between martensitic and parent phases. In each alloy 
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Fig. 1—Coincident pole projections for 6 on (011) and a’ 


on (0001). Crosses represent pole projections for a and 


squares, pole projections for jf. 


(110)8 has been found to be parallel to (0001)a’ 

In the work described here orientation relation- 
ships in a titanium alloy containing 8 atomic pct Ni 
have been determined by a method of spotty X-ray 
diffraction films.‘ The principle of the technique is 
as follows: Martensitic shear may be expected to 
take place in such a way that planes of a certain 
d-value will be produced in the martensitic phase 
that are parallel, or nearly parallel, to planes of 
similar d-value in the parent phase. These two sets 
of planes will produce adjacent diffraction halos 
because of their similar d-values. If these halos are 


discontinuous or spotty, pairs of diffraction spots 
(one spot from each phase) indicate that the planes 


Table |. Observed Parallelisms 


Keflections from Phase Reflections from «a Phase 


oll 0002 
200 1012 
222 2130 
211 1013 


* Clearly, the tech- 
nique allows the use of polycrystalline material, so 
long as its grain size is sufficiently large to cause 
spotty halos 

A pin specimen was cut from the alloy and helium 
quenched from 1000°C, to give mixed phases of a’ 


producing the spots are parallel. 


and f. Exposures made in a Universal camera 
(Cambridge Instrument Co.), with specimen oscil- 


lations of 5°, 10°, and 15°, produced spotty films 
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Table I lists the diffraction spots which occurred 
in pairs 

In order to make certain that the planes respon- 
sible for these diffraction spots could be simultane- 
ously parallel, and also to determine orientation 
relationships between planes that give no reflections, 
the (011) stereographic projection of a cubic cell 
was superimposed upon a standard (0001) projec- 
tion of a hexagonal structure with c/a of 1,587 
Crystallographic angles for a-titanium have been 
reported by McHargue.’ The projections revealed 
that all the observed parallelisms were possible, Fig 
1. Table II provides a complete list of major crystal- 
lographic planes that are shown by coincident pole 
projections to be parallel, or nearly parallel 

A shear mechanism that produces these orienta- 
tion relationships between 8 and a has been pro- 
posed by Burgers® for zirconium. In this mechanism, 
transformation from body-centered-cubic (8) to 
close-packed-hexagonal occurs by heterogene- 
ous shear on the {112} planes in the [111]f direc- 
tion. Burgers suggested this mechanism because the 
atomic configuration in a (112) plane of the body- 
centered-cubic structure cell is exactly the same as 
in a (1010) plane of a close-packed-hexagonal cell 
The hexagonal structure is formed by displacement 
of (112) planes relative to each other. The process 


Table II. Parallelisms Determined from Stereograms 
Parallel To a’ 
(oll (0001) 
‘211 (1010) 
‘211 (1010) 
(112 (110%) 
(121) (1013 
(112 (1019) 
(iil (2140) 
(1210) 
(ili (2140) 
(1210 
(212 (1102) 
(0112) 


(O112) 


is probably more complex, however, since the spac- 
ings of the (112) planes and the (1010) planes to 
transform are not equal. In view of 
relation- 


which they 
similarities of structure and orientation 
ships, the shear transformation in Ti-Ni alloys is 
most probably similar to that suggested by Burgers 
for zirconium 
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Internal Friction and Grain Boundary Viscosity of 


Silver and Binary Silver Solid Solutions 


Measurements have been made of the variation of internal friction with temperature 
for spectroscopically pure silver, and for a series of solid solutions of silver with cadmium, 
indium, and tin, using a Ke-type torsion pendulum apparatus. Some experiments have also 
been made to investigate the effect of nonmetallic impurity on grain boundary relaxation 
in silver. The effect of the alloying elements is to increase the grain boundary viscosity, 
and to raise the activation energy for grain boundary relaxation from 22,000 cal per mol 
for pure silver to 43,000 cal per mol for the solid solutions; the same value being obtained, 
within the limits of experimental error, for all the alloying elements and solute concentra- 
tions investigated. Results of the experiments show exactly the same trend as those ob- 
tained previously for a similar series of copper solid solutions. They are in agreement with 
the general theory of grain boundary relaxation developed by Zener and Ke, but do not 
seem to be in agreement with either of the mechanisms so far put forward to explain grain 


boundary slip. 


by S. Pearson and L. Rotherham 


XPERIMENTS described in this paper were made 

as part of an investigation into the effect of 
alioying elements in substitutional solid solution on 
grain boundary viscosity, measured by the internal 
friction method developed by Ke. The apparatus 
and experimental procedure have already been de- 
wribed.” Preliminary work was done with spectro- 
wcopically pure silver 


Experimental Work 

Materials Used—All the materials were supplied 
in the form of 42 mm diam wire by Messrs. Johnson 
Matthey and Co, Ltd. The silver and all the alloy- 
ing elements used were spectroscopically pure, Com- 
position of the alloys is given in Table I 

They were all melted and chill cast under the 
same conditions as the copper alloys. The ingots 
were rolled to ‘4 in. sq rod with intermediate an- 
nealing at 600°C in an atmosphere of cracked 
ammonia when necessary. These rods were then 
drawn to wire by standard procedure with inter- 
mediate bright anneals at suitable steps in the 
drawing operations 

Specimens from the annealed wires were sectioned 
longitudinally, mechanically polished, and examuned 
under the microscope. They were then etched and 
reexamined. Grain sizes were reasonably uniform 
for all wires, and no traces of a second constituent 
were observed 

The wires were weighed before and after testing 
so as to measure any loss of the alloying element 
due to evaporation. The loss was less than the accu- 
racy of measurement 0.1 pet of the total weight 
for the Ag-In and Ag-Sn alloys, but appreciable los» 
of weight occurred in the case of the Ag-Cd alloys 
The percentage loss is given in Table I 

X-ray diffraction photographs were taken of all 
the wires after test to determine whether there was 
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$00 a 
TEMPERATURE, 
Fig. 1—Variation of internal friction with temperature for 
spectroscopically pure silver. 


any marked preferred orientation. Results of the 
examination are given in Table III 

Experiments on Spectroscopically Pure Silver 
Experiments were made on specimens in which the 
grain diameter was small relative to that of the 
wire, and on one specimen in which the grains were 
grown by the usual strain-anneal method to extend 
across the full diameter of the wire. These large 
grained specimens will be referred to as single 
crystal specimens. The wires were annealed for 
I% hr at 700°C, and experiments were made at 
two frequencies of vibration, 1.5 and 0.4 vibrations 
per sec. The variation of internal friction with tem- 
perature is shown in Fig. 1. Experiments on a 
second small grain specimen gave approximately 
the same results as for the first wire 

It will be seen from Fig. 1 that the peak in the 
curve for the small grained wire, which is presum- 
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ably due to grain boundary relaxation, since it 
does not occur for the single crystal specimen, is 
less pronounced than that for other high purity 
metals that have been investigated. Ke has shown" 
that the internal friction due to grain boundary re- 
laxation is independent of grain size until the grain 
diameter approaches that of the wire. As the grain 
diameter of the silver was 0.006 cm, compared with 
a wire diameter of 0.05 cm, the smallness of the 
peak is not due to the fact that the grain diamete1 
was too large. 

It has been shown" * that the internal friction 
due to grain boundary relaxation may be greatly 
reduced by the presence of small quantities of non- 
metallic impurities. It seemed possible that the 
peak for silver was small because the metal con- 
tained such impurities, which would not be de- 
tected by the spectroscope. The elements most 
likely to be the cause of the depression are hydro- 
gen, nitrogen, and oxygen. The solubility of these 
elements in silver has been investigated by Steacie 
and Johnson.” Silver used by Steacie and Johnson 
was in the form of foil. They found that the gases 
could be completely removed only after heating it 
for several hours at 750°C in vacuo. They showed, 
however, that the rate of absorption increases with 
increasing temperature, and that saturation is al- 
most instantaneous at 900°C. It seems probable that 
the desorption rate will increase with increasing 
temperature. This is in accordance with the evi- 
dence of Chaston,” who has investigated some 
effects of oxygen in silver. He states that the oxy- 
gen can be completely removed from small sheet 
samples of silver 0.03 in. thick by heating them at 
800°C for 1 hr in vacuo, 


Table |. Composition of Alloys 


Ag-Sn Alloys. 


Ag-Cd Alloys, Ag-In Alloys, 


Atomic Pet Atomic Pet Atomic Pet 
Cadmium Indium Tin 
0.88 1.05 0.93 
$50 3.10 $13 
5.53 8.06 490 
7.45 16.19 790 
15.78 
32.42 


The small grained wire for which the internal 
friction-temperature curve is shown in Fig. 1 had 
been annealed for 1% hr at 700°C in vacuo, fol- 
lowed by further periods of heating at 600°C. Re- 
sults of Steacie and Johnson indicate that this treat- 
ment was unlikely to remove all dissolved impurity 
from the silver completely. From the results of 
Chaston, however, it seems that vacuum heat treat- 
ment at a temperature greater than 800 C should 
remove all dissolved impurity. It was therefore 
decided to make experiments on a wire which had 
been vacuum heat treated at 900°C, considered to 
be the highest practical temperature, in order to see 
if the height of the grain boundary peak was in- 
creased after this treatment. Accordingly, a length 
of the wire was heated to 900°C at a pressure of 
10° mm Hg in a carefully outgassed glass apparatus, 
and maintained at this temperature for 15 min. The 
wire was then annealed for 2 hr at 600°C in the in- 
ternal friction apparatus, at a pressure of about 
5xl10° mm Hg. An internal friction-temperature 
curve was obtained for the annealed wire, but it 
was obvious from the curve that the grains were 
very large, and no grain boundary peak was ob- 
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Fig. 2—Effect of vacuum treatment at 900°C on internal 
friction of spectroscopically pure silver 


tained. The wire was therefore cold worked to 30 
pet reduction in area, and reannealed for 2 hr at 
600°C. This treatment produced a satisfactory grain 
diameter, 0.0067 ecm. The internal friction-tempera 
ture curve for this wire is shown in Fig. 2. Also 
shown in Fig. 2 is the curve for a specimen of the 
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Table Il. Loss of Weight of Ag Cd Alloys During Experiments 


0 88 150 745 15.78 32.42 
Percentage loss of weight 02 os 148 15 


original wire cold worked to 30 pet reduction in 
area, and annealed and tested under the same con- 
ditions as the vacuum heat treated wire 

In order to investigate the effect of oxygen on the 
internal friction-temperature curve, small grained 
and large grained specimens were annealed and 
tested in oxygen at atmospheric pressure, The small 
grained specimen was also vacuum heat treated for 
4% hr at 700°C, and further internal friction meas- 
urements made. Results of these experiments are 


hown in Fig. 3 


TEMPERATURE 


Fig. 3—Effect of oxygen on internal friction of spectro 
scopically pure silver 
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Fig. 4—-Effect on spectroscopically pure silver of heating in 
air at 760 mm, followed by vacuum heat treatment. Pressure 
was approximately 10 » 


It was evident from the results shown in Fig. 3 
that vacuum heat treatment at 700°C removes most 
of the oxygen from the silver. In order to study the 
effect of gradually decreasing the oxygen in the 
ilver, further experiments were made on specimens 
which were annealed and tested in oxygen or al 
at atmospheric pressure, then vacuum heat treated 
at temperatures considerably less than 700°C. It 
was found that the nature of the atmosphere did 
not affect the results. A typical set of results is 
shown in Fig. 4 

Experiments on the Alloys All alloys were an- 
nealed for 1% hr at 600°C with the exception of 


TEMPERATURE 


Fig. 5—Variation of internal friction with temperature for 
Aq Cd alloy containing 0.88 atomic pct Cd 
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the Ag-32.42 atomic pet Cd alloy, which was an- 
nealed for 1% hr at 550°C. Internal friction and 
frequency measurements were made over the tem- 
perature range from room temperature to 500°C. 
Two frequencies of vibration were used, 1.5 and 0.4 
vibrations per sec. Results of the internal friction 
experiments are shown in Figs. 5 through 11, and 
are summarized in Table IV. When the Ag-32.42 
atomic pet Cd alloy was annealed and tested in 
vacuo, it was found that the loss in weight during 
the experiments was 7 pet. In order to reduce the 
loss, a second wire was annealed and tested in an 
atmosphere of cracked ammonia at atmospheric 
pressure. Results for this wire are given in Fig. 7. 
The percentage loss of weight, given in Table IH, 
was 3.5 pet. 

Single crystal specimens were prepared from the 
Ag-16.19 atomic pet and Ag-7.90 atomic pct Sn al- 
loys. Internal friction-temperature curves for these 
specimens are shown in Figs. 9 and 11 


Discussion 

Spectroscopically Pure Silver—-The most notable 
feature of the internal friction-temperature curve 
for pure silver is, as previously stated, that the 
grain boundary peak is less pronounced than for 
other high purity metals which have been investi- 
gated. The activation energy for grain boundary 
relaxation, calculated from the temperature shift 
with change in frequency, is 22,000 cal per mol +10 
pet. The activation energy for volume self-diffusion 
of silver is given by Le Claire’ as 45,900 cal per 
mol, and this value has been confirmed by recent 
measurements.” The result for silver is, therefore, 
further confirmation that Ke’s theory, that the two 
activation energies may be the same for all metals, 
is invalid. The activation energy for grain bound- 
ary self-diffusion in silver has been measured re- 
cently The value obtained for high purity silve 
from the same source as that used in these experi- 
ments is 21,500 cal per mol,’ and for silver from a 
different source, 20,000 cal per mol.” If the grain 
boundary relaxation is controlled by the activa- 
tion energy for a diffusion process, it seems more 
probable that the process should be grain boundary 
self-diffusion than volume self-diffusion, so there 
may be some significance in the agreement between 
the two values obtained for silver. It should be 
noted, however, that in the cases of tin” and iron, 
the activation energy for grain boundary relaxation 
is greater than that for volume self-diffusion, which 
would be expected to be greater than for grain 
boundary self-diffusion. This means agreement Is 
not obtained for these metals 

The viscosity of silver just above the melting 
point, 960.5°C, has been calculated from the inter- 
nal friction measurements according to the method 
of Ke, and the value obtained is 0.003 poise. No 
experimental value is available for the viscosity of 
liquid silver, but the value calculated from An- 
drade’s" formula is 0.037 poise 

Previous internal friction experiments on silver 
have been made by Koester” and by Nowick 
Koester’s experiments were made at a frequency of 
650 cycles per sec; and he obtained a peak similar 
to that obtained in these experiments, at a tempera- 
ture of 340°C. He attributed this peak to the dif- 
fusion of oxygen in silver, but in view of the later 
work of Ke it now seems more probable that it was 
due to grain boundary relaxation. Referring to Fig 
1, the temperature at which the peak would occur 
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TEMPERATURE , °C 
Fig. 6—Variation of internal friction with temperature for 
Ag-Cd alloy containing 7.45 atomic pct Cd. 


if the frequency was 650 vibrations per sec has been 
calculated, using the measured value of the acti- 
vation energy. The calculated temperature is 300°C, 
which is in fair agreement with Koester’s experi- 
ments. 


Table Ill. Results of Examination for Preferred Orientation 


Ag-Cd Alloys Ag-iIn Alloys Ag-Sn Alloys 
Pre- re Pre 
Cadmium, ferred Indium, ferred Tin ferred 
Atemic Orien- Atomic Orien Atomic Orien- 
Pet tation Pet tation Pet tation 


Nil Ni 0.93 Slight 
Nil 113 Slight 
Nil Nil 
Nil Nil 7 Nil 
Nil 

Nil 


Spectroscopically pure silver, no preferred orientation 


Nowick”™ obtained a peak at a temperature of 
400°C, which he attributed to grain boundary re- 
laxation. He does not state at what frequency his 
experiments were made. He found that the peak 
was completely eliminated when the silver was 
heated in air, and attributed this to the effect of 
oxygen absorbed from the air at high temperatures 

The effect of vacuum heat treating silver at 
900°C, shown in Fig. 2, is to increase both the height 
and temperature of the grain boundary peak com- 
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pared with the silver which has not been so treated. 
It has been shown previously’ that the grain bound- 
ary peak for copper is reduced both in height and 
temperature with increasing oxygen content, and 
that a very small amount of oxygen,’ < 0.01 pet, 
is needed to cause a marked reduction. The effect of 
the vacuum heat treatment of the silver is, there- 
fore, just what would be expected if the peak were 
being depressed by the presence of oxygen or other 
nonmetallic impurity. It seems that at least part 
of the depression is due to the presence of non- 
metallic impurity. The effect of annealing and test- 
ing the silver in oxygen at atmospheric pressure, 
Fig. 3, does not agree with the results obtained by 
Nowick."' No peak was expected on the curve for a 
specimen tested under these conditions. However, it 
will be seen from Fig. 3 that a pronounced peak 
occurs at a temperature of 310°C, which compares 
with 160°C for the peak in the pure silver. The fact 
that the height of the peak is greatly reduced in the 
large grained specimen indicates that it is due to 
grain boundary relaxation. The activation energy, 
estimated from the experiments made at two fre- 
quencies of vibration, is 40,000 cal per mol. Fig. 4 
shows that the effects of gradually decreasing the 


»4 Se 


)PHERE O RACKED 
AMMONIA 


TEMPERATURE 


Fig) 7—Variation of internal friction with temperature for 
Ag Cd alloy containing 32.42 atomic pct Cd 
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amount of oxygen in the silver are to reduce the 
height of the 310 C peak and to cause an increase 
of internal friction in the region of 160 C 

It seems from these experiments that oxygen has 


160 

0.4 vie/SeC an effect on the grain boundaries of silver which is 
very similar to that of the metallic alloying ele- 
ments. As the percentage of oxygen in the silver is 

= | ] ] increased, the grain boundary relaxation in the pure 

svnsem metal is suppressed. A second grain boundary re- 

laxation having an activation energy of 40,000 cal 

120 per mol occurs in the Ag-O alloy. The results given 

> in Fig. 4 show that the oxygen content of the silver 

5 is quickly decreased by vacuum heat treatment at 
¥ 00 340 °C. 

# Alloys—Results of Experiments: The results of 

% the experiments on the silver solid solutions are 


shown in Figs. 5 through 11. The effects of the 
alloying elements on the internal friction-tempera- 
ture curves may be summarized as follows: 

1) As the percentage of solute element is in- 
creased, the grain boundary peak associated with 
pure silver, i.e., that occurring at 160°C, is decreased 
until it is eliminated at quite’ a small solute con- 
centration. 

2) <A second peak appears on the curve at a 
higher temperature, about 450°C. As this peak does 
not occur for the single crystal specimens, Figs. 9 
and 11, it must be a grain boundary peak for the 
solid solution. 

x | 3) For some of the alloys, in which the percent- 

6 100 200 400 300 €00 age of the solute element was small, both the 160°C 
silver peak and the 450°C solid solution peak appear 

Fig. 8—Variation of internal friction with temperature for together on the same curve, Figs. 5, 8, 10 

Ag In alloy containing 1.05 atomic pet In. 4) The temperature of the solid solution peak 


100 
TEMPERATURE 


decreases with increasing concentration of the solute 


element 
5) For the alloys containing the maximum per- 


—- 
if centages of cadmium and indium, Figs. 7 and 9, a 
third peak appears on the curve at a temperature 
of about 260°C. This peak also occurs in the single 
"es crystal Ag-In specimen. 
Grain Boundary Relaxation: The activation ener- 
gies for grain boundary relaxation have been cal- 
140 ' culated from the temperature shift with change in 
04 vi8/se frequency and are given in Table IV. They are all 
in the range 38,000 to 45,000 cal per mol, and it is 
a | doubtful whether any of them differ significantly 
$ from the mean value of 43,000 cal per mol. This 
vi8 / compares with 22,000 cal per mol for grain boundary 
¥ relaxation in pure silver and 44,000 cal per mol for 
_— ] the copper solid solutions. The activation energies 
* for volume diffusion of the alloying elements in 
¥ silver are quoted by Le Claire” as follows: cadmium, 
- #0 22,350 cal per mol; indium, 24,400 cal per mol; and 
a tin, 21,400 cal per mol. 
3 a The validity of these values has been disputed by 
a | Nowick,” who has reinterpreted the experimental 
data in terms of recent diffusion theory and obtained 
the following values for the activation energie 
cadmium, 41,000 cal per mol; indium, 40,000 cal per 
mol; and tin, 42,500 cal per mol. While Nowick’s 
values are probably more nearly correct than the 
original ones, it seems unlikely that any great 
»0 reliance may be placed on them. Therefore, no 
satisfactory comparison can be made between the 
activation energies for grain boundary diffusion and 
— chemical diffusion until more reliable experimental 
0 10 aor 50% ox values are available for chemical diffusion 


ae The temperatures of the grain boundary peaks for 
the solid solutions decrease with increasing solute 
to see if the relation H/RT, 


Fig. %—Variation of internal friction with temperature for 
Ag-in alloy containing 16.19 atomic pct In content. In order 
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H/RT,, constant holds between the temperatures 
of the peaks and the solidus temperatures, 1000/T, 
is plotted against 1000/T, in Fig. 12. It will be seen 
that as an approximation the points may be repre- 
sented by a straight line of unit slope, so that the 
relation is approximately true for these alloys. The 
value of the constant obtained from Fig. 12 is 12.8, 
compared with 12.0 for the copper alloys 

The results for the copper solid solutions were 
discussed in terms of the mechanisms of grain bound- 
ary slip described by Mott” and by Ke,‘ the general 8 
conclusion being that the results could not be ex- 
plained satisfactorily in terms of either of these 
mechanisms. The same conclusion will apply to 


these results, since they show precisely the same ™ 
trend as the results obtained for the copper alloys 
The main points of disagreement with the mecha- 
nism proposed by Mott are - 
1) From the experiments there is a typical acti- ’ 
vation energy for grain boundary slip in the solid : 
solutions which is independent of the solute con- Y 126 
centration, whereas from Mott's theory the activa- 
tion energy would be expected to increase gradually ¢ 
with increasing solute concentration a 
2) From Mott's theory it is expected that the =" 
activation energy will be dependent on the relative 
size of the solvent and solute atoms, since atoms of 
80 


different size from the solvent will improve the fit 
at the boundary. In order to investigate this, experi- 
ments were made on a series of Cu-Si solid solu- 
tions, because the atomic diameter of silicon, when on 


in solution in copper, is almost the same as that of 
the solvent atoms. It was found that the activation 
energy for grain boundary slip in these alloys was 


the same as for alloys of copper with zinc, gallium, . 
germanium, and arsenic. Therefore, activation 
energy is not dependent on the relative size of the 
solvent and solute atoms 

With regard to Ke’s mechanism, it is difficult to / 
see how the addition of solute atoms can increase “ 
the activation energy for grain boundary relaxation, oa | 
especially since the effect is independent of the rela- " F 9K A $00 tox 
tive size of the solvent and solute atoms. The experi- rar es 
ments on pure silver provide further confirmation Fig. 10-—Variation of internal friction with temperature for 
that grain boundary relaxation and volume self- Ag Sn alloy containing 0.93 atomic pct Sn 
diffusion are not controlled by the same mechanism 

Nowick™ has discussed the mechanisms of Mott mechanism was entirely satisfactory. He made a 
and Ke, and has come to the conclusion that neither: tentative suggestion that the rate-determining proc- 


Table IV. Results of Experiments on Alloys 


Low Temperature High Temperature 
Peak, 1.5 Vibra Peak, 1.5 Vibra Internal Pric 
tions per See tions per See tien, 510°C 


Acti 
Mean Log Dee vation? Log Dee, log Dee, 


Alley- Apparent* Grain at Koom Pnergy. 15 Vibra- 6.4 Vibra- 
ing Val- Atomic Atomic Diam, Tempera Tempera Tempera Cal per tions tions 
Element ency Diam, A Pet Cm ture ture, Log Dee ture, °€ Log Dee Mol per See per See 


0 007 0 001 0 004 41000 
0 008 0 0004 Vil 44H 0 168 45000 O15 


Cd 


54 0 0055 0 00025 Nil 452 0.190 44000 016 019 

7.45 0.007 0 000% Nil 450 0170 45000 O15 O17 

15.78 0 008 0 0004 Nil 10 0.180 4000 O14 O18 

12.42 0 0045 0001 200 oo 024 O45 

In 3 4.10 1.05 0.005 0 0002 210 6 002 40 0 168 41000 014 O17 
110 0 005 0.00013 N 450 0.190 45000 o19 024 

2.06 0 0005 0 Nil 420 0200 44000 019 O24 

16.19 0.0075 0 0001 270 0 007 55 0.150 44000 O12 O16 

Sn 4 118 09 0.0035 0.00014 200 0 002 440 0.190 41000 018 024 
0 0095 0 0001 Ni 200 42000 020 

0 004 0 00004 Nil 410 0199 4000 016 620 


42000 


0 00008 


ign to the Olute element to 


* The apparent diameter, proposed b Axon and Hume-Rother the diameter ece 
account for the latt t of the solid solutio Ator i ete > nA 


The activation energie have bee siculated fror the temperature shift with ct we freque 
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Fig. 11—-Variation of internal friction with temperature for 
Aq Sn alloy containing 7.90 atomic pct Sn 


ess in grain boundary relaxation might be the gen- 
eration of a vacancy at an edge dislocation, the glide 
occurring by the growth of the extra half plane in 
one edge dislocation at the expense of the extra half 
plane in a second edge dislocation perpendicular to 
the first, in the manner suggested by Read and 
Shockley.” It should be noted that Read and Shockley 
were considering boundaries in which the angle of 
misfit between the two crystal lattices meeting at 
the boundary was very small, under which condi- 
tions the boundary can be represented by an array 
of dislocations. It is not clear whether their ideas 
may be applied to boundaries in which the angle 
of misfit is large, such as occur in the polycrystalline 
metals on which the internal friction experiments 
have been made. In these boundaries the disloca- 
tions lose their separate identities,” and the bound- 
aries may be more closely represented by the island 
model proposed by Mott 

However, Nowick apparently feels that flow can 
take place by the Read and Shockley mechanism 
under these conditions, since he is considering the 
experiments on polycrystalline metals. He largely 
based his suggestion on the assumption that the 
activation energy for grain boundary relaxation ts 
either equal to or greater than that for volume self- 
diffusion; whereas it has since been shown that for 
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copper and silver it is less. It should be noted, how- 
ever, that for silver, and possibly for copper, the 
activation energy for grain boundary relaxation is 
the same as that for grain boundary self-diffusion, 
so that these results are consistent with Nowick’s 
suggestion if the vacancy exchange takes place only 
between dislocations in the boundary. He does not 
develop his suggestion in any detail, so it is not 
possible to assess it in terms of the results obtained 
for the solid solutions. 

It may be significant that the effect of adding the 
solute atoms is to increase the viscosity of the bound- 
aries, which would be expected if the flow were due 
to the movement of dislocations. Recently, Allen, 
Schofield, and Tate” investigated the mechanical 
properties of a series of a solid solutions of copper 
with zinc, gallium, germanium, and arsenic. They 
found that the ultimate tensile strength and resist- 
ance to plastic deformation of these alloys appeat 
to be almost entirely governed by the electron atom 
ratio. They were unable to advance a theory which 
accounted fully for their observations, but suggested 
that the high positive charges associated with the 
solute atoms are in some way the cause of the in- 
creased resistance to deformation of the solid solu- 
tion. While it is realized that their observations are 
concerned with slip within the lattice and not with 
grain boundary slip, it is possible that the two are 
related, and that a closer understanding of their 
results may lead to a better understanding of grain 
boundary slip. 


Summary 

1) The activation energy for grain boundary re- 
laxation in silver, 22,000 cal per mol, is consid- 
erably less than that for volume self-diffusion, 
45,900 cal per mol; but is in good agreement with 
recently measured values for grain boundary self- 
diffusion, 21,500 cal per mol 

2) The internal friction peak due to grain bound- 
ary relaxation is less pronounced for high purity 
silver than for other high purity metals that have 
been investigated. Experiments on vacuum heat 
treated spectroscopically pure silver show that at 
least part of the depression of the peak is due to 
the presence of nonmetallic impurity, but there may 


Fig. 12—1000/T... is plotted against 1000/T,, 
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be some other cause of the depression as yet un- 
discovered. 

3) The effect of cadmium, indium, and tin in 
substitutional solid solution in silver is to increase 
the grain boundary viscosity, and to raise the activa- 
tion energy for grain boundary relaxation from 
22,000 cal per mol for pure silver to 43,000 cal per 
mol for the solid solutions; the same value being 
obtained, within the limits of experimental error, 
for all the alloying elements and for all the solute 
concentrations investigated 

4) Oxygen has an effect on the grain boundaries 
of silver similar to that of the metallic alloying 
elements. 

5) The results of the experiments show exactly 
the same trend as those obtained for a similar series 
of copper solid solutions. While they are in agree- 
ment with the general theory of grain boundary 
relaxation developed by Zener” and by Ke,’ * * ** 
they do not seem to be consistent with either of 
the mechanisms so far put forward to explain grain 
boundary slip 
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Deformation and Recrystallization of Silicon Iron 


A study of the orientations and microstructure of 3 pct Si-Fe alloys after defor- 
mation and recrystallization has been made. The components found after deformation 
agreed with recently published work on single crystals, being primarily (001) [110], 
(111) £110}, and (111) [112]. A pronounced effect of temperature of recrystalliza- 


tion was found on microstructure and orientation. 


Low temperature recrystallization 


was interpreted in terms of low angle boundaries which resulted in the retention of a 
large amount of the deformation texture. High temperature recrystallization was in- 
terpreted in terms of high angle boundaries which gave rise to new components. No 
simple angular relation between the deformation and high temperature recrystalliza- 


tion textures could be detected. 


by George Wiener and Robert Corcoran 


EFORMATION and recrystallization behavior of 
3 pet Si-Fe has been the subject of scientific 
investigation for many years. The fact that it is a 
single phase body-centered-cubic alloy from room 
temperature to the melting point permits study over 
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a wide range of temperature without the complica- 
tions of phase transformations. There is an im- 
portant commercial interest in this material as well, 
since it is widely used in the electrical industry. In 
the present work the deformation and recrystalliza- 
tion behavior of polycrystalline silicon iron has been 
tudied with the primary purpose of evaluating the 
effect of a second phase impurity on both processes 
as well as the effect of temperature on the recrystal- 
lization characteristics. With regard to deformation, 
the emphasis has been placed on a study of the crys- 
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Fig. 1—Pole figure shows alloy M25 reduced 75 pct by cold 


rolling. 


tal orientation observed after rolling; whereas for 
recrystallization, the have been 
studied in addition to the orientations, It was of ad- 
some of the most recent 


microstructures 


ditional interest to compare 
work on with data obtained on poly- 
crystalline 

Barrett, Ansel, and Mehl’ were among the first to 
tudy the deformation and recrystallization behavior 
of polycrystalline silicon iron, However, their result 


ingle erystal 
ample 


were mostly qualitative and confined to heavy cold 
reductions of 95 pet. They found that the cold-rolled 
orientation could best be described as (001)[110], 
(112){110], and (111)[112]. More recently Dunn 
and Dunn and Koh‘ have studied the behavior of 
single crystals with regard to deformation after 70 
pet reduction. They found three stable end orienta- 
tions, and (111)[112] 
These orientations were dependent on the initial or- 
entation of the individual crystal before deformation 
Barrett et al.,’ using a film technique, constructed a 
pole figure of recrystallized silicon iron after 95 pet 
deformation. It was rotation 
around the sheet normal of the previously reported 
deformation texture, Dunn’ made a limited study of 
the reerystallization texture after high temperature 
annealing of crystals having a (111)[{112] cold 
In general he found that afte 


interpreted as a 15 


rolled orientation 


Fig. 3—Alloy M25 cold rolled. X100 


Area reduced approximately 45 pct for 


reproduction reproduction 
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Fig. 4—Alloy M26 cold rolled. X100 
Area reduced approximately 45 pct for 


Fig. 2—Pole figure shows alloy M26 reduced 75 pct by cold 

rolling 
annealing the crystals were best described as 
(110){001] 

There doe 
more quantitative X-ray 
polyerystalline silicon iron in the range of 70 pet 
deformation. Furthermore, the relationship between 
second phase impurities and either deformation or 
recrystallization orientation has not been studied 

Finally, the effect of temperature of recrystalliza- 
tion on the microstructure and crystal orientations 
has not been investigated for this alloy 


not appear to be any data using the 
pectrometer method on 


Experimental 

Two alloys were melted in vacuum in alumina 
crucibles. Electrolytic iron, high purity silicon, elec- 
trolytic manganese, and iron sulphide were used to 
make the alloys. The composition of alloy M25 is 
3.40 pet Si, 0.14 pet Mn, 0.001 pet S, and 0.001 pet 
O,. The composition of alloy M26 is 3.39 pet Si, 0.14 
pet Mn, 0.015 pet S, and 0.001 pet O,. These alloys 
were hot forged to bars 1%x™% in. and then hot 
rolled to 0.100 in. thick at 970°C. They were then 
cold rolled on a 4-Hi mill without lateral restraint 
or tension to 0.025 in., a total reduction of 75 pet 

Metallographic examination was most often made 
in the rolling plane. Samples were mechanically 
polished and etched with 2 pet anhydrous nital 


Where microhardness measurements are reported, 


Fig. 5—Alloy M25 treated for 10 min ot 
650°C. X100. Area reduced approxi 
mately 45 pct for reproduction 
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Fig. 6—Alloy M26 treated for 10 min at Fig. 7—Alloy M25 treated for | hr at Fig. 8—Alloy M26 treated for | hr at 
650°C. X100. Area reduced approxi 650°C. X100. Area reduced approxi 650°C. X100. Area reduced approxi 
mately 45 pct for reproduction mately 45 pct for reproduction mately 45 pct for reproduction 


they were made on a Tukon hardness tester with a 
diamond indenter using a 1000 g load 

Heat treatments for times exceeding 2 min were 
done in a dry hydrogen atmosphere, placing the 
sample in the furnace at temperature. For times 
under 2 min the treatments were done in a salt pot 


Fig. 9—Alloy M26 
treated for 24 hr 
at 650°C. X100 
Area reduced ap 
proximately 45 pct 
trometer with molybdenum radiation using a Geiger for reproduction 


counter to measure the intensities. A transmission 
method described by Geisler’ was followed, using 
the reflections from the [110] poles to construct the 
pole figure. The samples were surveyed at 5° inter- 
vals over 360° for each alpha angle, Le., rotation HNO,, and 30 parts water. The final thickness in 
about an axis normal to the X-ray beam. In the each case was approximately 0.002 in. 
region of high intensities, smaller intervals were 
often studied. The method of Decker, Asp, and 
Harker" was used to correct for absorption due to 
differences in X-ray path length at each a angle. A 
random sample was prepared from carbonyl iron 
powder in order to make the intensity data from 
each sample directly comparable 

The samples were prepared from the center sec- normal, and a weaker (111)[112] orientation, The 
tion of the strip by alternately grinding and etching spread of the pole figure is made up of tilts of 5° 
in a bath containing: 10 parts concentrated C,H,O,, around the rolling direction. In Fig. 2 for M26 the 
30 parts concentrated HCl, 30 parts concentrated major textures can be ascribed to an (001)[110] and 


furnace 
The X-ray data were obtained on a Norelco spec- 


Results 
In Figs. 1 and 2 are given the pole figures for the 
two samples after 75 pet deformation, In Fig. 1 for 
alloy M25 three components can be readily identi- 
fied: (001){110] and (111)[110], both rotated 5° to 
10° clockwise and counterclockwise about the sheet 


Fig. 10—Pole figure shows alloy M25 recrystallized for | hr Fig. 11—Pole figure shows alloy M26 recrystallized for 1 he 
at 650°C at 650°C 
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Fig. 12-—-Alloy M25 treated for 10 sec at 
925°C. Area reduced approxi 
mately 45 pet for reproduction 


925°C 


a (111)[112] texture. There is essentially no tilt 
around the rolling direction and only a small rota- 
tion around the sheet normal. Values below inten- 
sities of 150, corresponding to one and one half times 
random, have not been plotted 


Fig. 13—Alloy M26 treated for 10 sec at 
X100. Area 
mately 45 pct for reproduction. 


Table |. Microhardness Data After Various Heat Treatments 


Sample Treatment Area Examined 


M25y-10 10 min at 660°C recrystallized® 


M26y-10 10 min at 650°C 
M25y i hr at 650°C 
M26y I hr at 650°¢ 
10 see at 


10 see at allized 


* Unreerystailized refers to that area which showed no evidence 
of new grains in the accepted sense of recrystallization 


In Figs. 3 and 4 are given the corresponding 
microstructures. Two principal facts are to be noted 
alloy M26, having the higher sulphur content, has a 
finer grain size than M25, presumably due to the 
restriction of grain growth during the hot working 
of the alloys due to the presence of manganese sul- 
phide inclusions; secondly, the deformation is in- 
homogeneous. Certain grains by their almost un- 
marked appearance have evidently deformed en- 
tirely differently from those showing the heavy dis- 
tortion. 

Before presenting the results of the X-ray ex- 
amination of recrystallization it is best to show the 
microstructural characteristics of the alloys. In Figs 
5 and 6 are shown micrographs of the two alloys 
recrystallized for 10 min at 650°C. It is apparent 
that M26 has recrystallized more extensively and to 
a finer grain size than M25. It is further evident that 
whole grains corresponding in size to those found in 
Figs. 3 and 4 are apparently unrecrystallized in the 
usual sense. It is most interesting to observe, how- 
ever, that from microhardness tests taken on the 
unrecrystallized and recrystallized grains, both have 
shown almost complete softening. These tests are 
reported together with other hardness data in Table 
I. Of particular interest, shown in Fig. 5, is the very 
light etching area, believed to be low angle bound- 
aries, revealed toward the upper left. This weak 
etching effect is reproducible and occurs in many 
areas of the microstructure. As is shown in Fig. 7 
this persists even after the sample has been an- 
nealed for 1 hr at 650°C. It is equally important to 
note that grains represented by A in Fig. 5 are al- 
most completely absent in the sample shown in 
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Fig. 14—Alloy M26 treated for 10 sec at 
925°C. X100. Area reduced approxi- 
mately 45 pct for reproduction. 


reduced approxi- 


Fig. 7, and in their place is found the light etching 
area. In Fig. 8 is shown the structure for M26 after 
1 hr at 650°C and, although the same characteristic 
light etching area is not present to any extent, it is 
believed that the inclusions present delineate the 
low angle boundaries. This fact is clearly demon- 
strated in Fig. 9. This photograph shows the struc- 
ture of sample M26 after heating for 24 hr at 650°C. 
Here the boundaries have been able to move away 
from the local inclusions, revealing large patches of 
low angle area. 

The X-ray data for alloys M25 and M26 recrys- 
tallized for 1 hr at €50°C are given in Figs. 10 and 
11. It will be observed that a large amount of the 
rolling texture is retained, particularly in M26. The 
pole figure for M25 is best interpreted as a 
(001)[110] texture rotated 0° to 5° about the cross 
direction plus a (111)[112] orientation. The pole 
figure for M26 is best described as a (001)[110] 


Table ti. Average Grain Size After Recrystallization 


Average Grain 


Treatment Diam in Mm 


1 hr at 0.023 
10 see at 925°C 0.025 
hr at 650°C 0.018 


M26BB-1 10 see at 925°C 0.022 


orientation with small rotations around the rolling 
direction and a (111)[112]-type texture. It is inter- 
esting to observe that the X-ray data and metallo- 
graphic observations agree qualitatively if the light 
etching area is interpreted in terms of low angle 
boundaries which form small rotations from the 
deformation texture 

From the X-ray data, the impurities seem to 
affect the results in degree rather than in kind 
Qualitatively it may be argued that the texture of 
the higher purity material, M25, undergoes large 
rotations at the low temperature in view of the fact 
that the (111)[110] component completely disap- 
pears and a stronger (111)[112] component de- 
velops 

As with the low 


temperature recrystallization 
data, the high temperature recrystallization experi- 
ments are first discussed with reference to the mic- 
rostructure. In Figs. 12 and 13 are given representa- 


tive micrographs after recrystallization at 925°C 
for 10 sec. It is interesting to observe that none of 
the low angle material so prevalent in Fig. 5 is 
present in these structures. Even after growth as 
shown in Fig. 14, M26 shows none of the character- 
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istic light etching appearance clearly indicated in 
Fig. 9. These are typical of well-recrystallized equi- 
axed structures. The microhardness of these samples 
shows that they are about equal to those recrys- 
tallized for 1 hr at 650°C. The data may be found 
in Table I. The grain size of the samples was con- 
trolled so as to be directly comparable to those 
given in Figs. 7 and 8. The grain sizes for the various 
samples are given in Table II. The importance of 
keeping the grain size equivalent is so that the true 
effect of temperature on the recrystallization texture 
can be studied without the complicating factor of 
grain growth. 

The final X-ray data are given in Figs. 15 and 16 
The most obvious effect is the complete loss of the 
rolling texture for both samples. Detailed analysis 
of the X-ray data indicated that both of these could 
be described as (001)[110] with the direction rotated 
10° to 30° from the rolling direction. (111)[112] 
and components derived from further rotations of 
this are also present. In some cases (110) planes in 
the rolling plane were determined which can be 
derived from 35” rotations about the <110> direc- 
tions of the (111)[112] texture or by 45° rotations 
around the <100> directions of the (001)[110] tex- 
ture. 

Discussion 

The orientations determined in the cold-rolled 
textures agree with those recently found by Dunn 
and Koh.‘ They are basically (001)[110], (111)[110], 
and (111)[112]. It is most interesting to observe 
that (111)[110]-type orientation only appears in 
the high purity sample for which there is no obvious 
explanation. From the data presented in Fig. 1 the 
(111)[110] can be interpreted as a rotation of ap- 
proximately 10° from the ideal orientation, thus the 
spread between this and (111)[112] is only 20 
The grain size of the specimens is sufficiently coarse 
so that it is possible that selective grain growth 
taking place during the hot working changed the 


Fig. 15—Pole figure shows alloy M25BB-1 recrystallized for 
10 sec at 925°C 
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distribution of grains such that not all stable end 
orientations are derived. It is doubtful that any 
change in the basic slip process is caused by the 
presence of the manganese sulphide, since no new 
orientations were determined 

The recrystallization process occurring in these 
alloys is most interesting for there are several facts 
which confirm in part some of the recent suggestions 
of various authors (see, for example, a recent re- 
view by Beck’). It must be remarked at this time 
that the microscopic observations stimulated to a 
large degree the X-ray experiments. In a paper of 
tais kind it is not possible to report all the metallo- 
graphic structures observed; the pictures given are 
an attempt to give as much information as possible 
of representative samples. There are several main 
points to be noted on the samples recrystallized at 
low temperature. These are as follows: ’ 

1) Reerystallization occurred grain by grain 
within the original deformed grain boundary. In 
general, the kinetics of the process were independ- 
ent for each grain. Appearance of the new grains 
was quite general, showing no obvious site of pre- 
ferred nucleation. Furthermore, the new grains 
usually appeared quite generally throughout the 
grain more or less simultaneously. Each grain re- 
crystallized either by a low angle or by a normal 
type of recrystallization process 

The fact that each grain recrystallizes essentially 
independent of its neighbor was further emphasized 
by noting the final grain size distribution. Rela- 
tively large regions of one grain size are neighbors 
to similar regions of slightly different grain size 
These regions are similar in area to the original 
as-deformed grain size. This effect is interpreted in 
terms of the grain-by-grain recrystallization proc- 
ess as well as the inhomogeneous deformation men- 
tioned in connection with Figs. 3 and 4 

2) Although the microstructures in Figs. 5 and 
6 clearly indicate unrecrystallized grains in the 
classical sense, the fact that 90 pct softening has 
occurred indicates the possibility of the polygoniza- 
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Fig. 16—Pole figure shows alloy M26B66.1 recrystallized for 
10 sec at 925°C 
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tion process. This is further supported by the fact 
that at longer annealing times, low angle grain 
boundaries made their appearance in these region 

It is well established that after moderate to heavy 
reductions by cold rolling there is a statistical re- 
lationship between the cold worked orientation and 
the reerystallization orientation. From microscopic 
, the relationship in thi 
due to the fact that each grain recrystallizes inde- 
pendently of its neighbor. It would be expected that 
if there are two predominant deformation texture 

then there 


tion texture 


observation alloy is clearly 


hould be two predominant recrystalliza- 

Double textures formed by rotation 
around a given axis could of course arise from each 
cold-rolled texture since there is no a prior! way of 
distinguishing between a clockwise or 
clockwise rotation. The X-ray data given in Figs 
10 and 11 confirm this interpretation 
basically two predominant recrystallization textures 
It is suggested that the microstructures together 
with the X-ray data support the view that the low 
angle type of recrystallization is predominantly that 
of the (001)[110]-type grain the normal 


type of recrystallization is 


counter- 


ince there are 


wherea 
confined to the grains 
having an original orientation of (111)[112] or 
(111){110] 


Recrystallization at high temperatures is com- 
plete in 10 see at 925 C and therefore very difficult 
to subject to the same type of analysis. The fact that 
the microstructures show little or no light etching 
areas either on recrystallization or with subsequent 
growth would indicate that recrystallization has oc- 
curred in the classical sense by large rotations. This 
ubstantiated by reference to Fis 15 and 
16. It is immediately apparent that there is very 
little evidence of the cold-rolled orientation. Two 
tand out in these pole figures: first, they are 
in general of lower intensity than either of the four 
econdly 


! amply 


factors 


the maxima occurred 
distributed among certain positions. Analysis of 
these maxima show that they are derived from 
rotations either about 100 directions or 110 

directions of the original cold-rolled orientation 
The general weakness of intensity may be attributed 
to the fact that the rotations have taken place on 
everal equivalent crystallographic axes in either 
a clockwise or counterclockwise direction. It further 
appears that these rotations are not confined to 
pecific angles. In a recent paper Dunn" has shown 
that after 1 min annealing treatment at 980°C the 
(1LIL){112]-type of orientation rotates by a 35 

harp (110)[001] texture. However, 
paper, he shows by microscopic, 
torque, and X-ray measurements that in the very 
early stages of recrystallization deviating orienta- 
tions are present. It thu 
tures reported subsequently 
ome preferred growth within the crystal 


preceding plots and 


rotation to a 
in an earlier 


would appear that his tex- 
have sharpened be- 
cause of 
tude such a clean-cut analysis 


obvious fact that 


In polyerystalline 
cannot be made because of the 
crystals of more than one orientation are present 
Longer annealing times would permit normal grain 
vrowth so that sharpening of the texture might not 


be observed 

The effect of the 
seems to be only of a minor nature as far as re- 
erystallization is concerned. Its effect has 
been to increase the rate of recrystallization and to 


econd phase impurity again 
maior 


lead to a finer grain size. The basic changes already 
discussed are influenced only to a minor degree 
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Conclusions 

1) The deformation texture after 75 pet cold 
rolling of the two alloys of silicon iron has been 
studied. The composition of both were identical with 
the exception of the alloy containing 0.015 pct S 
The textures found agreed with work previously 
reported for single crystals, being predominantly 
(001){110], (111)[110], and (111)[112] 

2) Microscopic observations were made during 
the recrystallization process at 650°C. It was found 
that at low temperature recrystallization occurred 
with two types of microstructure normal grains 
appeared, forming within the original deformed 
grains, or a light etching structure was revealed 
The light etching characteristic was attributed to 
very low angle differences between the grains. From 
the additional fact that earlier in the process no re- 
crystallization appeared in grains which had soft- 
ened 90 pct, it was suggested that the low angle 
grains were close to the original deformation orien- 
tation 

3) X-ray data of the low temperature recrystal- 
lized alloys showed a marked retention of the de- 
formation texture, particularly of the (001)[110] 
component. It was therefore proposed that the low 
angle grains referred to in conclusion 2 were of the 
(001){110] type 

4) Microscopic observations made during the re- 
crystallization process at 925°C showed that com- 
plete recrystallization occurred in as short a time 
as 10 sec. The microstructure was typical of well 
recrystallized alloys and the hardness was reduced 
to a value of well annealed metal. No marked 
amount of light etching components could be de- 
tected in the structure 

5) X-ray analysis of the high temperature re- 
crystallized material showed a marked difference in 
texture when compared to the low temperature 
Practically no retention of the deformation 
The pole figure showed 


alloys 
orientation was evident 
maxima at locations indicating rather large rota- 
tions from the deformation texture, confirming the 
different appearance of the microstructure. It was 
suggested that the (100)[110] component recrystal- 
lizes by rotations around a 100> axis, while the 
(111)[112] or (111)] 110] components rotate around 
a <—110> axis 

6) No specific effect of the sulphide impurity 
could be found in the texture studies. Its effect, if 
any, was of degree rather than of kind. However, 
from the metallographic observations, the rate of 
recrystallization was more rapid and the grain size 
finer in the alloy containing 0.015 pet S 
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representative « materials, while a commercial Ti-8 pct Mn alloy was used for an «-/3 alloy. It was 
found possible to analyze the data, using the ductile-to-brittle transition temperature concept. 
Increasing hydrogen, the presence of a notch, and increasing the testing speed raised the transi 
tion temperature for the « materials. The presence of hydrogen and notches raised the transition 
temperature of the «-/) alloy also. However, increasing the testing speed generally decreased the 


transition temperature of the «-/2 alloy. 


N previous papers, the authors have shown that 
hydrogen is most detrimental to the notch-bend 
impact toughness of a-titanium’ and to the tensile 
ductility of a-f8 titanium alloy These general 
effects have been confirmed by Kessler and co- 
workers,’ and by Kotfila and Erbin.’ Kessler showed 
that the slower strain rate in notch-rupture tests 
was a more sensitive measure of hydrogen embrittle 
ment of a-f8 alloys than the tensile test 

In the present paper the authors cover, with ten- 
sile and notch-bend tests, the effect of testing speed, 
notches, and testing temperature on hydrogen em- 
brittlement. High purity and commercial purity 
titanium, examples of a materials, and a commer- 
cial a-8 Ti-8 pet Mn alloy were investigated. The 
purpose of the investigation was to correlate the 
factors producing embrittlement 


Materials 

The high purity titanium for this investigation 
was obtained by arc-melting crystal bar from Foote 
Mineral Co. into 1 |b ingots. As-cast hardnesses for 
these ingots ranged from 60 to 90 Brinell. The are- 
melted ingots were forged to % in. diam rods at 
1470 °F. These rods were swaged to \% in. diam at 
room temperature prior to machining of the speci- 
mens for hydrogenation and testing 

The commercial A-55 titanium and the Ti-8 pet Mn 
alloy were obtained from Rem-Cru Titanium Inc., 
as % in. diam rod. The A-55 titanium was hot 
swaged to 4 in. diam at 1300 F prior to machining 
of the specimens for hydrogenation and testing. The 
a-B C-110M alloy was hydrogenated prior to hot 
swaging to % in. rod at 1300 F. Hydrogenation 
prior to fabrication permitted testing of the a-£f 
alloy in the equilib, ated and stabilized condition 
The equilibration and stabilization treatment used 
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Effect of Testing Variables on the Hydrogen 
Embrittlement of Titanium anda Ti-8 Pct Mn Alloy 


The effects of increasing hydrogen content, introducing a notch, and changing the strain rate 
on properties of titanium and one of its alloys were investigated over a range of testing tempera 
196° to 200°C. Both high purity and commercial purity A-55 titanium were used as 
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Testing Procedures 

Three tensile testing speeds were used: 0.005 in 
per min, slow; 0.5 in. per min, fast; and 18.1 ft per 
ec, impact. The slow and fast speeds were obtained 
in a Baldwin-Southwark testing machine, using a 
deflection-type pacer. The impact speed was ob- 
tained in a Riehle impact machine adapted for ten- 
sile specimens. In this case, breaking energy values 
were obtained, rather than ultimate strength. 

The unnotched tensile specimens were of the 
standard ASTM type described previously,’ with a 
‘. in. diam reduced section and % in. gage length 
The notched tensile specimens were of similar di- 
mensions, but had a 45° notch with a 0.005 in 
radius. The diameter at the base of the notch was 
0.09 in. The stress concentration factor of this 
notched specimen in tension was K, 3. 

The notch-bend specimen described previously 
was a subsize cylindrical Izod specimen. It had a 45° 
notch, with a 0.005 in. radius and a 0.5 in. root 
diam. The stress concentration factor of this notch 
in bending was K, 3. Impact loads were applied 
with a constant velocity, 11.3 fps, Tinius-Olsen 
impact testing machine with a blow of 200 in-lb 
Slow bend testing was conducted at a speed of 0.005 
in. per min, using the specially constructed appa- 
ratus shown in Fig. 1. This apparatus had the speci- 
men holder and striker attached to a rigid frame 
The striker was kept from twisting by a guide arm, 
and both striker and guide arm utilized ball bear- 
ings to minimize friction. The load was applied with 
a conventional tensile testing machine 

The testing temperatures used were —196 

40°, 0°, room temperature, 60°, 100°, 150°, and 
200°C. To obtain these temperatures, oil, water, or 


75 
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Fig. 2—Unnotched tensile prop 
erties of high purity Ti-H alloys 
are plotted. Hydrogen contents 
are given in atomic pct. Circle 


represents 0.05 atomic pct H; 
cross, 0.5 atomic pet H; in 
ae verted triangle, 1.0 atomic pct 


H; square, 1.5 atomic pct H; 
and triangle, 2.0 atomic pct H. 


Fig. 3—Notched tensile prop- 
erties of high purity Ti-H alloys 
are plotted at slow, fast, and 
impact speeds. Circle repre 
sents 0.05 atomic pct H; cross, 
0.5 atomic pct H; inverted tri 
angle, 1.0 atomic pct H; square, 
< 1.5 atomic pct H; and triangle, 
2.0 atomic pct H. 


‘ 
mpletely 
redwth 
/ 
as 
| 
: 
Temperoture 


Temperature, ( 


Fig. 4—Notch-bend properties of high purity Ti-H alloys are 
plotted at slow and impact speeds. Circle represents 0.05 
atomic pct H; cross, 0.5 atomic pct H; inverted triangle, 1.0 
atomic pet H; square, 1.5 atomic pct H; and triangle, 2.0 
atomic pct H 


freezing baths were used where appropriate. Tem- 
peratures were generally held within +2°C. 


High Purity Titanium 

In the previous work,’ tensile testing of high 
purity titanium with hydrogen was conducted at 
room temperature for material with hydrogen con- 
tents from 0.05 to 30 atomic pet. There was prac- 
tically no change in tensile properties for hydrogen 
contents up to 5 atomic pct-—-100 ppm—and tensile 
ductility remained high, over 50 pct reduction in 
area, with hydrogen contents up to 25 atomic pct 
7000 ppm. The notch-bend impact properties at 
room temperature were reduced substantially with 
as little as 0.4 atomic pet H—80 ppm—and the metal 
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Fig. 5—Unnotched tensile prop 
erties of commercial purity Ti-H 
alloys are plotted. Hydrogen 
contents are given in atomic 
pet. Circle represents 0.05 
atomic pct H; cross, 0.5 atomic 
pet H; inverted triangle, 1.0 
atomic pct H; square, 1.5 
atomic pct H; and triangle, 2.0 
atomic pct H. 


became very brittle with 2.3 atomic pet H—460 
ppm. This loss in notch-bend toughness, with no 
corresponding effect .on room temperature tensile 
ductility, was associated with the formation of an 
insoluble platelike hydride phase. 

The unnotched tensile properties of high purity 
titanium at various hydrogen levels obtained in the 
present study are shown in Fig. 2. At the slow test- 
ing speed, increasing the hydrogen content to 400 
ppm had no effect on either the room temperature 
strength or the tensile ductility. This lack of effect 
of hydrogen held as temperature was decreased 
down through 40°C. However, at 196°C, there 
was a definite embrittling effect of hydrogen. At the 
fast testing speed, the general effects of hydrogen 
were the same, except that the low temperature 
embrittlement caused by increasing hydrogen con- 
tent could be observed at both —40° and 196°C 
At the impact testing speed, the breaking energy 
decreases slightly with increasing hydrogen content 
At this speed, the tensile ductility decreased with 
increasing hydrogen content at all testing tempera- 
Generally, increasing the testing speed in- 
given 


tures 
creased the hydrogen embrittlement at a 
temperature. 

The unnotched tensile data show that lowering 
the testing temperature increased the embrittle- 
ment for a given hydrogen level. The embrittle- 
ment resulting from high hydrogen contents may 
be described in terms of a ductile-to-brittle tran- 
sition temperature range. For a given testing speed, 
the transition temperature increased with increas- 
ing hydrogen content. Likewise, increasing the test- 
ing speed increased the transition temperature at a 
constant hydrogen level. Thus, increasing both the 
testing speed and the hydrogen content contributed 
to the embrittlement of high purity titanium in the 
unnotched tension test 

The notched tensile data for high purity titanium 
with hydrogen are plotted in Fig. 3. The notched 
strength shows the normal increase over the un- 
notched strength, and is independent of hydrogen 
content. The tensile ductilities, however, decrease 
with increasing hydrogen content, the greatest de- 
creases being found at the lowest testing tempera- 
ture. In line with the data for the unnotched con- 
dition, the embrittling effect of increasing hydrogen 
Is greatest as the testing speed increases 

The plot of the notched tensile data as a function 
of temperature illustrates that embrittlement 
caused by hydrogen may be described in terms of 
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Fig. 6—Strain rate 
dependence of un 
notched tensile prop 
erties of commercial 
titanium is plotted 
at various hydrogen 
levels. Hydrogen 
contents are given in 
atomic pct; 0.05 
atomic pct equals 10 
ppm, | atomic pet 
equals 200 ppm. 


the ductile-to-brittle transition temperature range 
The trend is toward increasing transition tempera- 
ture as the testing speed increases. Unfortunately, 
the scatter in data makes it impossible to assign 
numerical values to the transition temperatures 
The introduction of a notch increased the tensile 
trength over that for the unnotched material, and 
augmented the brittleness caused by hydrogen. The 
magnitude of the effect of a notch on brittlene 
may be expressed either in terms of the conditions, 
e.g., hydrogen tolerance, or the ductile-to-brittle 
transition temperature for a given hydrogen content 
Slow notch-bend tests were conducted along with 
the impact notch-bend tests, in order to determine 
the effect of strain rate in bending, The data obtained 
are plotted in Fig. 4. Increasing the hydrogen con- 
tent generally decreased the breaking energy at any 
given testing temperature. Increasing the testing 
peed decreased the breaking energy of the hydro- 
genated material at a given hydrogen level. The 
transition temperature at a given hydrogen level in 
the notch-bend test increases with increasing test- 


ing speed, as was indicated in the tensile data 


Commercial Purity Titanium 
work’ on hydrogen in commercial 
purity titanium, it was shown that embrittlement in 


In the previou 
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room temperature slow tensile tests occurred at ap- 
proximately 10 atomic pet H-—-2300 ppm. In the 
notch-bend impact test, however, severe embrittle- 
ment was found with as little as 1 atomic pet H 

210 ppm. In this respect, the hydrogen embrittle- 
ment of unalloyed commercial tiianium was simila 
to that for high purity However, two 
hydrogen embrittlement of 


titanium 
factors enter into the 
commercial titanium which tend to complicate the 
picture. First, the interstitials oxygen, nitrogen, and 
notch-bend impact toughness of 
material. Second, 
the iron impurity in the commercial material cause 
a small amount of @ to be retained at room tem- 
perature. This retained 4 can hold hydrogen in so- 
lution at room temperature and thereby decrease 
the embrittling effect of hydrogen. Hence, the inter- 
titials tend to increase, and the iron tends to de- 
crease the embrittlement, caused by hydrogen. The 
hydrogen content 
material 


carbon lower the 
the hydrogen-free commercial 


result is the impact energy v 
curve is similar to that,for high purity 
The unnotched tensile properties of the commer- 
hown in 
speed, increasing the 
hydrogen content to 2.3 atomic pet—about 500 ppm 
had no effect on either the room temperature 
trength or the tensile ductility. Hydrogen content 
up to this level had no adverse effect on ductility 
at 40°C, but did have an embrittling effect in 
low speed tension testing at temperatures of —75 
and —196°C. At the fast testing speed, the embrittl- 
ing effect of hydrogen was observed at 40°C. At 
the impact speed, the embrittling effect extended to 
100°C. The breaking energy in impact, on the other 
hand, showed little change with increasing hydro- 
gen content. Generally, these effects are similar to 
those shown for high purity titanium 
Tensile data for the commercial titanium show 
trend imilar to those for high purity titanium 
However, the tensile ductility of the hydrogen-free 


cial titanium used in the present study are 
Fig. 5. At the slow testing 


Fig. 8—Notch bend properties of commercial purity A-55 
Ti-H alloys are plotted at slow and impact speeds 
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Fig. 7—Notched tensile prop- 
erties of commercial purity A-55 
Ti-H alloys are plotted at 
slow, fast, and impact speeds. 
Circle represents 0.05 atomic 
pct H; cross, 0.5 atomic pct H; 
inverted triangle, 1.0 atomic 
pct H; square, 1.5 atomic pct 
H; and triangle, 2.0 atomic 
pet H 


material generally decreased with decreasing tem- 
perature, a feature not observed for high purity 
titanium. This decrease in tensile ductility with de- 
creasing temperature is probably caused by the car- 
bon, oxygen, and nitrogen in commercial titanium 
The effect of strain rate on the ductility of the un- 
notched specimens, shown in Fig. 6, is somewhat 
surprising. At 25°C, the high hydrogen material 
shows a reduction in ductility at impact speeds 
while at 196°C, the ductility is higher at impact 
speeds. The hydrogen-free commercial titanium has 
a slightly lower ductility in slow speed tests than 
in impact tests, an indication that there may be 
strain aging embrittlement associated with some 
interstitial elements other than hydrogen. In- 
creasing the hydrogen content reverses and masks 
this effect 

The notched tensile results for the commercial 
titanium with hydrogen are shown in Fig. 7. The 
strength and breaking energy were not appreciably 
affected by an increase in hydrogen content. At the 
lower temperatures, the ductility in slow tension 
decreased with increasing hydrogen content but at 
100°C, the ductility was not affected by hydrogen 
content. As for high purity titanium, increasing the 
speed increased the embrittling effect of 
The notch duc- 
commercial ti- 


testing 
hydrogen in commercial titanium 
tilities were generally lower fo! 
tanium with hydrogen than for high purity titanium 
with hydrogen, as would be expected. It is seen 
that the ductility of hydrogen-free commercial ti- 
tanium decreases steadily from room temperature 
to 196°C at the slow and intermediate speeds 
On comparing this behavior with that of hydrogen- 
free high purity titanium, it is seen that the inter- 
stitial impurities present in commercial titanium 
are probably responsible for increasing the ductile- 
to-brittle transition temperature range 

Slow and fast notch-bend energy absorption data 
are shown in Fig. 8. These results are very similar 
to the corresponding results for hydrogenated high 
purity titanium, except that hydrogen-free com- 
mercial titanium has lower breaking energies at all 
testing temperatures. The results plotted against 
testing temperature show a clear-cut ductile-to- 
brittle transition behavior over a relatively narrow 
temperature range, the transition temperature in- 
creasing with increasing hydrogen content. 


Commercial Ti-8 Pct Mn Alloy 

In previous work,’ it was shown that the embrittl- 
ing effects of hydrogen on commercial Ti-8 pet Mn 
alloy were most pronounced at slow testing speeds 
In this alloy at room temperature, with more than 
about 1 atomic pet H—-200 ppm—present, the ten- 
sile ductility dropped off markedly. However, in 
notch-bend impact tests over a range of tempera- 
tures, the transition from ductile to brittle behavior 
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Fig. 9—Unnotched tensile prop 
erties of commercial Ti-8 pct ‘ 
Mn-H alloys are plotted. Hydro 
gen contents are given in atomic 
pet. Circle represents 0.05 
atomic pct H; cross, 0.5 atomic 


pet H; inverted triangle, 1.0 

atomic pet H; square, 2.5 ine 
atomic pct H; and triangle, 5.0 
atomic pct H. 


was not changed appreciably by increasing the hy- 
drogen content up to 5.5 atomic pet—1200 ppm 

Hydrogen dissolves preferentially in the 8 phase 
of an a-£ alloy, such as the commercial Ti-8 pct Mn 
alloy. In this alloy, with hydrogen contents up to 
1200 ppm, there was no evidence of a hydride phase, 
even in the fractures of specimens which had been 
severely embrittled 

In the present work, the effects of hydrogen on 
the unnotched tensile properties of commercial Ti-8 
pet Mn alloy were detrimental, particularly to duc- 
tility, as in Fig. 9. At slow testing speed, 
the unnotched tensile strength was not affected ap- 


shown 


preciably by increasing hydrogen content, except at 
the 196 C testing temperature. The ductility of 
the hydrogen-free Ti-8 pet Mn alloy dropped mark- 
edly at —75° and 196 C, indicating a basic duc- 
tile-to-brittle transition behavior At the latte: 
temperatures, because of the low ductility value 


already existing in the hydrogen-free alloy, in- 
creasing hydrogen content caused only a small 
further lo in ductility. The hydrogen-free Ti-8 
pet Mn alloy showed good tensile ductility at tem- 


40°C. Hence, it 
the amount of hydrogen required to lower the ten- 
sile ductility becomes progressively greater as test- 
ing temperature increases. As the testing speed in- 
creased, the amount of hydrogen required for em- 
brittlement at room temperature increased to more 
than 2.7 atomic pct—-590 ppm—at fast testing speed, 
and to than 5.3 atomic pct 1170 ppm—at 
impact At the other testing temperatures, 
the amount of hydrogen required for embrittlement 
was also the 

The hydrogen-free material ductile- 
brittle transition in slow tension between —40° and 

196°C. Increasing the hydrogen content progres- 
ively increased the temperature at which embrit- 
tlement occurred. Thus, it would appear that hydro- 
gen in slow tensile tests varies with the 
testing temperature. The loss of ductility from hy- 
drogen can be overcome to some extent, as shown in 
Fig. 16, by increasing the testing speed. However, if 
sufficient hydrogen is present or the temperature is 


peratures above apparent that 


more 
speed 
speed increased 


increased a testing 


showed a 


tolerance 


sufficiently lowered, brittle behavior will result at 
even impact speeds 
Notched tensile results are plotted in Fig. 11. For 


tests at slow speed, the notched tensile strengths 
below room temperature show a progressive de- 
crease with increasing hydrogen content. Above 
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room temperature, hydrogen does not have much 
effect on the tensile strength. The reduction in area 
values indicate that the notch ductility of hydrogen- 


free Ti-8 pet Mn alloy is lower than that of a- 
titanium of either the commercial or high purity 
type, as might be expected. For that reason, the 


effect of hydrogen could not be observed too clearly 
from reduction in area values. However, increasing 
the hydrogen content lowered the ductility at all 


temperatures. At the fast testing speed, the ultimate 


strengths decreased with hydrogen, as was also the 
case at the slow testing speed. At impact speed, the 
breaking energies were not affected by hydrogen 
content 

A comparison of Fig. 11 with Fig. 9 shows that 


the ductile-brittle transition temperature is raised 
by the introduction of a notch. Notch-bend data at 
both slow and impact speeds are shown in Fig. 12 
At slow speed, a general decrease in breaking en 
ergy with increasing hydrogen content occurs at all 
At impact speed, the breaking energy 
sensitive to hydrogen, as would 
the tensile Thus, the slow 
could be used as a measure of the 
train aging embrittle- 


temperatures 


becomes less be 


expected from data 
notch-bend test: 
sensitivity of a-f alloys to 


ment by hydrogen 


Discussion 
The results presented in the previous sections in- 
dicate that hydrogen contamination of titanium and 
titanium alloys may be treated as one of a number 


Fig. 10-—Strain rate 
dependence of un 
notched tensile prop) 
erties of 8 pct Mn ‘ 
alloy containing hy 
drogen is plotted 
Hydrogen contents 5 
are given in atomic Ss 
pet; 0.05 atomic pct , | 
equals 10 ppm, | 
200 ppm | 
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of embrittling factors whose sum effect dictates the 
presence or lack of ductility. It follows that if the 
magnitude of one of the embrittling factors is in- 
creased, the permissible magnitude of the others 
must be reduced in order for ductile behavior to be 
maintained 

Under any conditions of testing, sufficient hydro- 
gen will embrittle any titanium-rich material. This 
amount of hydrogen may be termed the hydrogen 
tolerance of the material under the particular test- 
ing conditions and criterion of embrittlement used 
In practice, we are most concerned with the lowest 
hydrogen tolerance within the conditions and per- 
which might be encountered 

The embrittling factors other than hydrogen con- 
sidered in this work were a decrease in testing 
temperature, the presence of notches, and an in- 
crease or decrease in strain rate 

The effects of strain rate on the ductility of a- 
titanium were not consistent. Although increased 
strain rate generally is considered to be an embrit- 
tling effect, there were numerous exceptions. In 
high purity titanium, whether or not hydrogen was 
present, increased strain rate was embrittling. How- 
ever, in the commercial titanium base with hydrogen 
present, strain rate ductility 
only at room temperature. Under other conditions, 
low temperature or hydrogen, better 
ductility was found with the high strain rate 

In a-f alloys, increased strain rate is mildly em- 
brittling in the absence of hydrogen, but severe 
embrittlement occurs at low strain rates when hy- 
drogen is present. The lowest strain rate studied 
was approximately 0.01 per min, but it is probable 
that even less hydrogen would brittleness 
in the alloy if the strain rate were lower 

The effects of strain rate on ductility depend upon 
alloy type, testing temperature, and hydrogen con- 
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Fig. 12-—Notch-bend properties of commercial Ti-Mn-H 


alloys are plotted at slow and impact speeds. Circle repre 
sents 0.05 atomic pct H; cross, 0.5 atomic pct H; inverted 
triangle, 1.0 atomic pct H; square, 25 atomic pet H; and 
triangle, 5.0 atomic pct H 
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Fig. 11—Notched tensile prop- 


Y Min, erties of commercial Ti-8 pct 
\ Ma-H alloys are plotted at slow, 
- fast, and impact speeds. Circle 


represents 0.05 atomic pct H; 

cross, 0.5 atomic pct H; in- 

verted triangle, 1.0 atomic pct 

y H; square, 2.5 atomic pct H; 
MAL and triangle, 5.0 atomic pct H. 


tent. It is not possible to consider strain rate as a 
general embrittling factor. Instead, its effects must 
be determined for each individual case 

Eliminating strain rate, the general embrittling 
factors for titanium alloys then become increased 
hydrogen content, notches, and decreased testing 
temperature. Furthermore, if the temperature at 
which ductile behavior no longer is observed is 
taken as the net effect of the hydrogen content and 
the presence of notches, it is possible to test the 
thesis that the embrittling factors contribute to a 
sum effect. Figs. 13 and 14 show the tensile ductility 
determined at slow speed plotted against testing 
temperature for both commercial titanium and the 
Ti-8 pct Mn alloy. These data show that the ductile- 
brittle transition temperature is increased by in- 
creasing the hydrogen content and also by the pres- 
ence of a notch. The notched hydrogen-free mate- 
rials seem to have about the same ductile-brittle 
transition temperature as the unnotched hydrogen- 
containing materials. 


Fig. 13—Tensile 
tests on notched and 
unnotched commer 
cial titanium are 
plotted with and 
without hydrogen 
Hydrogen contents 
are given in atomic 
pet; 0.05 atomic pct 
equals 10 ppm, | 
atomic pct equals 


200 ppm 


Temperoture 


Little objection can be offered to the use of the 
transition temperature or toughness concept applied 
to the hydrogen embrittlement of a-titanium, be- 
cause the effect is clearly microstructural. However, 
no structural change appears to be involved in the 
case of strain aging embrittlement of the a-f alloy. 
A proper objection to the transition temperature 
concept applied here is that the strain aging reaction 
should occur over a fixed temperature range and 
should not vary with the intensity of other embrit- 
tling factors. Thus, the embrittling effect of hydro- 
gen would be expected to occur over the same tem- 
perature range for notched and unnotched specimens 

Most explanations for the hydrogen embrittlement 
of a-§8 alloys postulate a diffusion of hydrogen as 
protons during conditions of slow strain to preferred 
sites, the a-f8 interface, where segregation occurs 
and, ultimately, precipitation can occur. The driv- 
ing force for the reaction is a rejection of hydrogen 
by the strained 8 phase. This driving force would 
be expected to increase with decreasing temperature 
Opposing this tendency toward rejection of hydro- 
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Fig. 14—Notched 
and unnotched ten 
sile ductility of 8 
pct Mn alloy are 
plotted with and 
without hydrogen at 
various temperatures 
Hydrogen contents 
are given in atomic 
pct; 0.05 atomic pct 


a 
equals 10 ppm; | 
ve atomic pct equals 


lemperoture, C 


per cent 


on &reo 
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gen is the rate of diffusion of hydrogen, which de- 
creases with decreasing temperature. Thus, at very 
low temperatures, a recovery of ductility would be 
expected. The time necessary for the diffusion con- 
trolled reaction is provided by slow rate of straining 
The net result should be embrittlement within a 
fixed temperature interval, independent of other 
factors. This picture does not match the observed 
results on at least two counts. First, the tempera- 
ture for the hydrogen embrittlement effect is raised 
by the presence of a notch. Second, no evidence was 
observed for ductility being recovered at low tem- 
perature 

* The authors have not observed recovery of ductility, but they 
ito nave ide this observation in other allo. 

If the hydrogen embrittlement of a-f8 alloys by a 
strain aging process may be viewed from the transi- 
tion temperature concept, as we have attempted to 
do, the problem of developing a-f alloys with high 


tolerances for hydrogen becomes one of developing 
alloys with good low temperature ductility and a 
low specific effect of hydrogen from the standpoint 
of raising the transition temperature. The authors 
have shown that high purity Ti-Mo alloys which 
have excellent low temperature toughness also have 
high tolerance for hydrogen in slow tension.” This 
observation is a step toward justifying the transi- 
tion temperature viewpoint, which does not require 
a mechanistic explanation of the effect. More in- 
vestigation will be required before the mechanism 
is understood 
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Further Studies of the Properties of Rhenium Metal 


The thermoelectric behavior of the Pt—Pt-Re thermocouple and the resistance of rhenium to at- 
tack by certain molten metals is discussed. In addition, data are presented on the stress-rupture be 
havior of drawn wire, the tensile characteristics of rolled sheet, the variation of Young's modulus with 
temperature, and the effect of specimen size and fabrication method on the work hardenability. Me- 
chanical properties of thoriated rhenium are discussed. This includes data on the effect of thoria in 


ECENT work by the authors has described 

methods of fabrication and some of the physical 
and mechanical properties of rhenium. Rhenium was 
established as a high melting, dense, refractory-type 
metal with favorable mechanical 
addition, Todd and co-workers’ and other have 
studied such properties of rhenium as the work 
function, specific heat, and the resistance of rhenium 
Revelation of these and other 
properties has led to serious consideration for appli- 
temperature 


properties. In 


to the water cycle 


cation as electrical contacts, high 


thermocouples, and wear resistant materials 


Mechanical Properties of Pure Rhenium 
As a continuation of the determinations of me- 
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rhenium on tensile properties, ductility, work hardening, and recrystallization. 


by Chester T. Sims and Robert |. Jaffee 


chanical propertie previously,’ several 
additional examinations have been conducted. The 
tress-rupture behavior and the Young’s modulus of 
rhenium have been investigated at elevated tem- 
perature Tensile data have been obtained for 
rolled sheet, and a study of the relative work hard- 
sheet has 


reported 


ening characteristics of rod, wire, and 
been conducted 

Variation of Modulus of Elasticity With Tempera- 
ture—The Young's modulus of a %& in. diam an- 
nealed rhenium rod was determined from room 
temperature to 880°C (1620 F). The rod, approxi- 
mately 6 in. in length, was activated in a transverse 
Vibration apparatu uspended in a furnace. The 
resonance frequencies of the rod were measured and 


used to calculate the moduli value The driven 
frequency was 569 cycles per sec, and a protec 
tive helium atmosphere was used. The data, plotted 
in Fig. 1, show that the modulus decreases in an 


approximately linear manner with temperature over 
the range tested 
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Young § Mogens of £ 


Temperature 
Fig. 1—Variation of the modulus of elasticity of rhenium 
with temperature is plotted 


Stress-Rupture Behavior of Drawn Wire—The 
stress-rupture rhenium were 
studied by loading 50 mil wires at various tempera- 
tures and recording the rupture time. The wires 
ranged in length from 3.1 to 4.6 in., and were heated 
by self-resistance. To provide a protective ambient 
atmosphere, the wire and grips were surrounded by 
a 3 in. Pyrex tube through which was passed a mix- 
ture of about 5 pet H in helium. Temperature was 
measured by an optical pyrometer. A series of rup- 
ture tests was conducted at 1000°C. As shown in 
Table I, a stress of 40,000 psi gave a rupture time of 
16.5 hr. These data were approximately related to 
the short time tensile data previously reported’ by 
a Larsen-Miller-type plot,’ from which the breaking 
stresses for 20 hr rupture tests at other elevated 
temperatures were estimated. Tests were then run 
at the various elevated temperatures, using the 
stresses recorded in Table I. Table II also shows 
the rupture time and ductility data found for each 
test. Results from several runs could not be used 


characteristics of 


because of poor oxidation control 

All of the stress-rupture data were then related 
to the short time elevated temperature tensile tests 
by a Larsen-Miller-type parametric plot, Fig. 2. The 
best value of K was found to be 5. Fig. 2 also in- 


Fig. 2—Parametric 
plot of tensile and 
rupture dota for pure 
rhenium metal is 
shown 
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Legend 
imate tensile strength 


O2 % offset yeild strength 


Reduct« per cent 


Fig. 3—Tensile properties of annealed and cold rolled 
rhenium sheet are plotted 


cludes scales which relate stress to temperature fot 
rupture times of 100 and 1000 hr 

In general, the elevated temperature strength 
properties of rhenium are high, and the hot-short 
behavior previously found for rhenium during at- 
tempted hot fabrication does not cause undue 
brittleness under stress-rupture conditions. As with 
the elevated temperature short time tensile tests, 


elongation drops to a low value of about 1 to 3 pet 
above 500°C. Unlike the short time tensile elonga- 
tions, however, elongation in stress-rupture tests 
was found to increase to over 4 pct at 2000°C. Quite 
possibly increased ductility would be experienced 
with increased temperature. This improved ductility 


at very high temperatures is expected. Such be- 
havior usually begins at about the recrystallization 
temperature with other metals, but seems to occu! 
at a higher temperature with rhenium 

Tensile Strength and Duetility of Rolled Sheet— 
A 10 mil thick rhenium strip was cold rolled from 
sintered bar. After annealing, a 4 in. length was 
removed for study. The remaining strip was reduced 
about 10 pet and another section removed. This 
process was continued until 30 pet total reduction 
was reached, when the rhenium strip became suffi- 
ciently hard to indent the rolling mill rolls. Tensile 
and hardness data were obtained for the 4 in. strips, 
each of which represented a given reduction. For 
the tensile testing, reduced sections 0.2 in. wide with 
a l in. gage length were ground in the strip. Strain 
was measured by means of type A-7 strain gages, 
and dividers were used to record extensions beyond 
the limit of the strain gages 

The tensile data are presented in Table III. In 


Stress-Rupture Characteristics of 50 Mil Rhenium Wire 
at 1000°C 


Table | 


Breaking Stress, Pst Rupture Time Elongation, Pet 


80 000 see 
70.000 40 sex 
#0000 min 
$0,000 3.7 mir 
40,000 16.5 he 
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Table Il. Elevated Temperature Stress-Rupture Data for 50 Mil Rhenium Wire 


Temperature. Breaking Stress, Psi 


25 100 hr 


500 105,000 
500 90 
500 75.000 
500 65,000 
1000 40,000 
1500 9.500 
1500 9.500 
1500 9.500 
2000 1.100 
2000 1,100 
2000 1.100 


longation was not measured 
See Table I for additional runs 


Kupture Time 


Ruptured while loading 


Flongation, Pet Remarks 


Ceased operation 
without rupture 


98, in 1.5 in 


. 
. 
ji, in lin 
in 4.5 in ' 
in 2.3 in Oxidized badly 
in 1.2 in Oxidized badly 
in 25 in No oxidation, good test 
Oxidized badly 
it Oxidized badly 


in 2.5 in No oxidation, good test 


addition, the ultimate tensile strength, 0.2 pct offset 
yield strength, and the elongation are given in graph 
form in Fig. 3 as a function of cold work. The offset 
yield and ultimate tensile strength curves show a 
marked increase in strength with increase in cold 
work. This has been observed previously for cold 
worked 50 mil wire.’ Elongation of rhenium sheet 
was found to be 28 pct in 1 in. Annealed rod studied 
previously had an elongation of about 25 pet, 
whereas annealed wire had about 10 pet. At 20 or 
30 pet reduction, the ductility of sheet drops to 2 pet 
elongation. It has become apparent that rhenium 
rod, wire, or sheet always retains 1 to 2 pet ductility, 
even when heavily cold worked 

Work Hardening Characteristics of Rod, Sheet, 
and Wire—The high work hardening rate of swaged 
rhenium rod has been reported.’ Hardness values 
of over 800 Vhn were attained with 30 pct reduction 
in cross sectional area from rod whose annealed 
hardness was about 270 Vhn. Further work harden- 
ing studies have been conducted on drawn wire, 
rolled sheet, and rolled arc-melted metal. 

The sheet was 10 mil cold rolled strip, prepared 
by powder metallurgy procedures. It was annealed 
for 4 hr at 1750°C to a hardness of about 350 Vhn, 
the normal annealed hardness for rhenium sheet of 
this thickness. Subsequently, the strip was reduced 
by cold rolling, as described in the discussion of the 
tensile properties of rolled sheet. Values of the 
surface and cross section hardness were taken at 
the various reduction steps. There was little differ- 
ence in hardness values measured in the two direc- 
tions. Another series of hardness measurements was 
made on a % in. diam 30 g arc-melted button, cold 
rolled to a 0.15 in. thickness. After annealing, vari- 
ous further reductions, up to 40 pet, were taken by 
cold rolling. The hardness values from this study 
are shown graphically in Fig. 4. Wire, 60 mil in 
diam, was reduced in cross-sectional area about 20 
pet by wire drawing, then 20 pct more by swaging 

Fig. 4 shows the work hardening characteristics of 
the several types of fabricated rhenium with those 
of nickel. All of the rhenium specimens exhibit a 
high degree of work hardening except the rolled 10 
mil sheet, which work hardened only slightly. It is 
noteworthy that this material had by far the small- 
est dimension—7 to 10 mil—separating the surfaces 
being worked. This dimension was large enough so 
that it probably did not interfere with movement of 
the metal grains, which were about 0.01 mm diam 
0.4 mil. The 150 mil sheet and the 60 mil wire did 
not work harden as much as the swaged rod, but 
their behavior was more comparable. Evidently 
both the cross-sectional area of the specimen and the 
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method of working affect the work hardening rate 
Large sections and rounds promote higher rates 


Mechanical Properties of Thoriated Rhenium 

Thoriated tungsten is commonly used for thermi- 
onic emission, and it was thought that thoriated 
rhenium might have a similar application. Studies 
on this material included thermionic emission prop- 
erties, but only the mechanical properties will be 
reported here. The thoriated rhenium was pre- 
pared by mixing the correct amount of fine pow- 
dered ThO, with the rhenium metal powder before 


Table Ill. Tensile and Elongation Data for Annealed and 
Cold Rolled Rhenium Sheet* 


Keduced 
46.7 Pet 


Reduced 
24.7 Pet 


Keduced 

Annealed it.0 Pet 

76 70 
42,200 159,000 


Rolled Thickness, Mil 10.1 48 
Proportional Limits, Psi $1,700 25,200 
0.1 Pet Offset Yield 
Strength, Psi 
0.2 Pet Offset Yieid 
Strength, Psi 
Ultimate Tensile 
Strength, Psi 168,000 250,000 407,000 
Elongation in 1 In, Pet 24 4 2 
Reduction of Area, Pct 0 24 1 1 


131,000 245,000 270,000 282,000 


145,000 245,000 296,000 $11,000 


122,000 
2 


* Rhenium sheet tensile specimen was standard type, with a 02 in 


reduced section, and 4 1 in gage length 


pressing, and sintering by using the same method as 
reported previously.’ Thoria is not reduced by hy- 
drogen sintering at 2700°C. The fabrication of tho- 
riated rhenium was conducted in the same way as 
for rhenium itself 

Tensile Strength and Ductility —Tensile tests were 
conducted on annealed thoriated rhenium, contain- 
ing 0.5, 1.0, and 2.0 pet Th as ThO,. A 5.0 pet alloy 
was sintered, but was too brittle to be fabricated 
and tested. All of the tensile tests were conducted 
on 150 mil rod with standard reduced tensile sec- 
tions of \% in. diam, using SR-4 A-7 strain gages 


Fig. 4—Cold work 
istics of various types Hroup hardness 
of rhenium are com 
pared with those of 
nickel." 
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ticularly for 1.0 pet thoria, thoria appears to de- 
crease the recrystallization temperature. Compared 
with similar data for pure rhenium, 2 pct thoriated 
rhenium decreases the recrystallization temperature 
by about 200°C for each percentage reduction by 
cold work. In this case, the recrystallization or soft- 
ening temperature is taken as the lowest tempera- 
ture at which the Vickers hardness number falls to 
about 325 or below for a 1 hr anneal. See Table V 


40% reduction 
20% 


10% 


“OrGeess 


200 - 
30 % reduction 
100 40% reduction 
20% reduction 
. 
wn j 
reducthor 
a 4 
wu 
2 


100 00 $00 700 


Anreaing Treatments 


Fig. 5—The effect of | hr heat treatments at various tem 
peratures on the hardness of cold worked thoriated rhenium 


The results are summarized in Table IV. Increasing 
amounts of thoria reduce the tensile strength, but 
do not affect the proportional limit or offset yield 
strength to any marked degree. Small amounts of 
added thoria reduce the elongation and reduction of 
area appreciably, but increased amounts of thoria 
cause no further decrease 


Table 1V. Tensile and Elongation Data for Annealed 
Thoriated Rhenium” 


Percentage of Thorium 


as THO 00 os 10 20 
Specimen 17 
Proportional Limit, Psi 26,400 23,000 27,000 22,900 
01 Pet Offeet Yield 

Strength, Psi 42,000 19.600 42.400 42,400 
0.2 Pet Vieid 

Strength, Psi 46 000 44,700 47,600 48,400 
Ultimate Tensile 

Strength, Psi 164,000 144,000 145,000 137,000 
Heduction of Area, Pet 21.7 16 


* All specimens had the standard ASTM ‘“% in. diam reduced 
section, with a ‘y in gage length 
This figure te estimated 


Working Hardening and Recrystallization— Speci- 
mens of the 0.5, 1.0, and 2.0 pet thoriated rhenium 
rod were each reduced 10, 20, 30, and 40 pet by 
swaging. Hardness values were taken, then anneals 
at various temperatures up to 1700°C were con- 
ducted to study the effect of thoria content on the 
recrystallization behavior. Further hardness meas- 
urements followed 

Thoria had no noticeable effect on the work hard- 
ening characteristics of rhenium rod. Except for 
slight scattering of the data, thoriated rhenium of 
any composition within the limits tested follows the 
work hardening relationship exhibited by the pure 
rhenium rod of Fig. 4 


However, the recrystallization temperature is 


probably affected by the thoria, as shown by Fig. 5 
Although there is some deviation from a trend, par- 
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Table V. Temperatures at Which Softening to About 325 Vhn 
Occurs in Pure and Thoriated Rhenium 


Softening Temperature, °¢ 
for the Following Pet 
Reductions by Swaging 


Com pesition so 
Pure Rhenium 1500 1300 1300 1300 
2.0 Pet Thoriated Rhenium 1300 1100 1100 1100 


Electromotive Force of the Pt—Pt-Re Thermocouple 

Rhenium is of possible interest as a thermocouple 
element because of its strength, ductility, and high 
melting point. Previous work on this subject is 
sparse, since the thermoelectric power of only a few 
Pt-Re alloys vs platinum has been reported 

The thermal emf generated by unalloyed rhenium 
coupled with thermocouple grade platinum has been 
A 20 mil rhenium wire was welded to a 
thermo- 


measured 
20 mil platinum wire, forming an 18 in 
couple. This was inserted in a small two-hole porce- 
lain protection tube, with the open leads going to a 
cold junction. The test couple was surrounded by 
three Pt—-Pt-10 pet Rh measuring couples and the 
bundle inserted into a ‘4% in. closed end protection 
tube. The latter was fitted with an entrance and ai! 
exist for argon. The bundle was inserted in a mo- 
lybdenum-wound hydrogen atmosphere tube fur- 
nace. While protected by slowly moving argon, 
readings from the three Pt—-Pt-10 pet Rh measuring 
couples and the Pt-Re couple were taken. A Leeds 
and Northrup semiprecision potentiometer was used 
for recording the voltage produced 

A full range of readings, from 20 
was taken under the protection of argon 
set of data was also taken but, in this instance, the 
bundle of couples was placed directly in the hydro- 
gen furnace with no protection tube. Data obtained 
by the second method were in excellent agreement 
with the previous measurements under argon 

The three Pt——-Pt-10 pct Rh values were averaged, 
and the emf thus derived was used to establish the 
correct temperature for which the corresponding 
Pt-Re emf applied. The emf vs temperature data for 
the Pt-Re couple were plotted, and seemed to follow 
the power series type of equation 

E 1.56 — 0.90 x 10° T + 1.29 x 10° T° 

where E is measured in millivolts and T is in “K. In 
Fig. 6, the plot of this equation is compared with the 
The first derivation gives the 
2.58 io" 7, 


to about 1600 °C, 
A second 


experimentai data 
thermoelectric power P 9.0 
wv per degree 

The thermoelectric power of rhenium increases 
linearly with increasing temperature. Thus, the Re- 
Pt couple has increasing sensitivity with increasing 
temperature. As a thermocouple element, rhenium 
should be most useful at the highest temperatures 


Resistance of Rhenium to Molten Metals 
Early experiments in the current work have indi- 
cated that rhenium might have very high resistance 


to molten metals. More recent work* on the evapo- 
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Fig. 6—Experimental 
points and calcu 
lated curve of the 
thermoelectric force 
produced ina 

Pt-Re thermocouple 
are plotted 
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ration of nickel by rhenium filaments strengthened 
this view. However, other work’ on the addition of 
rhenium metal powder to aluminum in a study of 
hardeners has shown that alloys up to at least 1 pet 
Re were possible. This would indicate poor resis- 
tance of rhenium to attack by molten aluminum. To 
provide quantitative data, several studies of the 
resistance of rhenium to molten metals under static 
conditions were undertaken 


Table Vi. Attack on Rhenium* by Molten Metals 


Weight 


Loss, G 


Decrease in 
Diam, In 


Selvent Exposure Tempera 
Metal Time, Hr ture, 


0 
0.0160 
0.4239 
0.0051 
0.0021 


Tie 
Zine 0.0001 
Aluminum 0 00907 
Silver 0 0000 
0000 
Specimen entirely dissolved 
Specimen entirely dissolved 


Copper 
Nickel 
Iron 1640 


* Khenium was 60 mil wire, immersed about 


In the first series of tests, short lengths of 60 mil 
rhenium wire were shaped into canes and suspended 
in molten metal, heated to 100°C above the melting 
point of the latter under a hydrogen atmosphere 
Results are reported in Table VI, and show that 
although rhenium is quite resistant to molten tin, 
zinc, silver, and copper, it is attacked slowly by 
aluminum and catastrophically by nickel and iron 
under these conditions. In order to establish whether 
the poor resistance of rhenium to molten iron and 
nickel may have been due to the excess of solvent 
metal present, a second series of tests was devised 
In these studies, a small hollow was indented into a 
% by 1 in. rectangle of 5 mil rhenium foil. About 
1 g Fe was placed in the hollow, and the test panel 
exposed for 1 hr at 1640°C. The same procedure 
was followed for nickel, but at a temperature of 
1550 °C. In both cases, the molten solvent metal dis- 
solved nearly all of the available 5 mil rhenium 
sheet in contact with it. In this case, the total avail- 
able weights of solvent and solute metal were ap- 
proximately equal 

Apparently, rhenium has little resistance to attack 
by molten iron or nickel, but remains undamaged 
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by lower melting metals such as tin, zinc, copper, 
and silver. Aluminum reacts slightly with rhenium 
Thus, rhenium, which has occasionally been sug- 
gested as a possible material for direct-immersion 
thermocouples in iron or its alloys, would not have 
sufficient resistance to attack by this medium. It 
would, however, be quite useful in contact with the 
other metals investigated 


Summary and Conclusions 

1) The modulus of elasticity of rhenium de- 
creases with increasing temperature up to 900°C in 
an approximately linear manne! 

2) Rhenium has high stress-rupture properties, 
the 100 hr rupture stress being 20,000 psi at 1000°C 
and 800 psi at 2000°C, estimated from a Larsen- 
Miller plot 

3) Annealed rhenium sheet has an 0.1 pet offset 
yield strength of 131,000 psi, an ultimate tensile 
strength of 168,000 psi, and an elongation of 28 pet 
in 1 in. Sheet reduced 30 pet by cold working has 
an 0.1 pet offset yield strength of 282,000 psi, an 
ultimate tensile strength of 322,000 psi, and an 
elongation of 2 pet in 1 in 

4) Rhenium reduced cold by swaging or wire 
drawing work hardens more than does rhenium re- 
duced by rolling. Rhenium of the order of 10 mil 
between working surfaces does not work harden as 
much as rhenium with heavier cross sections. 

5) The addition of thoria to rhenium reduces the 
ultimate tensile strength and ductility 

6) The addition of thoria to rhenium lowers the 
recrystallization temperature 

7) The thermal emf of the Pt 
couple follows the relationship 

E 1.56 0.90 10° T + 1.29 ~10°T 
where E is the electromotive force and T is tempera- 
ture in “°K 

8) Rhenium is resistant to attack by molten tin, 
zine, silver, and copper; attacked slowly by alumi- 
num; and readily dissolved by nickel and iron 


Pt-Re thermo- 
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Self-Diffusion in Magnesium Single Crystals 


Radioactive Mg*" has been used to study the rate of self-diffusion in oriented single 
crystals of magnesium in the temperature range 468° to 635°C. The diffusion coefficients 


parallel and perpendicular to the c-axis are: 


1) = 1.0 exp (—32,200/RT) cm® per sec 


and D, = 1.5 exp (—32,500/RT) cm® per sec. The ratio D,/D,, was found to vary from 1.13 
at 468° to 1.24 at 575°C. Assuming a vacancy mechanism, an explanation of this aniso- 
tropy of diffusion follows from a consideration of the difference in the saddle points for 


diffusion in and out of the basal plane. 


by P. G. Shewmon 


ECENT discovery of radioactive Mg”'* has made 
possible the study of self-diffusion in magne- 
sium. The experimental procedure and the results 
of a study of diffusion in polycrystalline magnesium 
have been described in an earlier paper.’ The pres- 
ent work is an application of the same techniques 
to the study of self-diffusion in oriented single crys- 
tals of magnesium 
In the general diffusion problem the diffusion co- 
efficient is a second order tensor relating the two 
vectors, the diffusion flux, and the concentration 
gradient. In a hexagonal lattice, such as magnesium, 
the complete determination of the diffusion coeffi- 
cient D as a function of direction in the lattice re- 
quires a knowledge of D,, and D,, ie., the diffusion 
coefficients parallel and perpendicular to the c-axis, 
respectively. It can be proven quite generally that 
in a hexagonal lattice D is independent of direction 
in the basal plane, and that out of the basal plane it 
varies with @, the angle between the c-axis and the 
direction of diffusion, according to the equation 


D(@) D,cos"é + [1] 


The proof of Eq. 1 depends only upon the symmetry 
elements of the hexagonal lattice and upon the 
transformation properties of a second order tensor. 
Therefore, Eq. 1 holds for any mechanism of dif- 
fusion and any c/a ratio 


Experimental Procedure 
The experimental procedure used with polycrys- 
talline specimens can be briefly outlined as follows 
Radioactive Mg” was produced by bombarding a 
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NaCl crystal with 350 mev protons and was chemi- 
cally separated from the target as MgO. The Mg” 
was then vapor deposited on a specially cleaned 
magnesium specimen by heating the MgO on a 
tantalum ribbon in a vacuum. During the diffusion 
treatment, oxidation and vapor loss of the radio- 
active material were minimized by annealing the 
samples in pairs with the active faces in contact, 
each pair being inside a magnesium container, which 
was in turn surrounded by an argon atmosphere in 
a sealed Pyrex tube. The distance-activity profiles 
were obtained by measuring the activity of thin 
sections cut parallel to the original interface with 
a lathe 

The only technique which was peculiar to this 
work was the preparation and orientation of the 
single crystal specimens. The single crystals used 
in this work were grown by E. C. Burke of the Dow 
Chemical Co., using a modified Bridgman method, 
in which the furnace and specimen were stationary 
while the temperature gradient moved.’ In growing 
these crystals the starting material was distilled 
magnesium, the crucibles were machined from 
Acheson electrode graphite, and the furnace atmos- 
phere was tank argon. The crystals were grown 
from sublimed magnesium with the following analy- 
sis: 0.0002 pet Al, 0.0017 pet Fe, 0.0009 pct Mn, 
0.0001 pet Ni, 0.0006 pet Pb, and less than 0.01 pet 
Ca, 0.0001 pet Cu, 0.001 pet Si, 0.001 pet Sn, and 
0.02 pet Zn. The two crystals used were roughly 
\% in. diam and eight in. long. The c-axis made 
angles of about 7° and 78°, respectively, with the 
specimen axes. If the values of D obtained by the 
use of these two crystals are taken equal to D,, and 
D,, respectively, the error introduced by this as- 
sumption is less than 1 pet. This can be shown by 
combining Eq. 1, the identity sin’é cos’é 1, and 
the experimental fact that D,/D,, in magnesium was 
always less than 1.25. 
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2 diam were cut from the long 
crystals by mounting them in a mitre box with 
paraffin and slowly cutting with a fine jeweler’s 
saw. A strain-free, flat surface perpendicular to the 
cylindrical axis of the specimen was then obtained 
by coating the specimen with paraffin, and alter- 
nately polishing on grit No. 600 paper and etching 
with a solution of 20 pect HCl and 80 pct distilled 
H.O. After the above polishing the specimens were 
annealed by slowly heating, about 10°C per hour, 
from 150° to 560°C, and then holding several hours 
at 560°C. During this treatment the crystals were 
enclosed in the same type of container used for the 
diffusion runs. After annealing, the specimens were 
dipped in the 20 pct HC! solution, rinsed, dried, and 
polished in 4 pct nital. In no case did the surface 
of the specimens recrystallize during the anneal 
Thus, the above procedure gave a strain-free sur- 
face. However, the repeated etching of this method 
gave a final surface which was not truly flat, but 
whose deviations from a true plane were always less 
than 0.0003 in 

The orientation of the c-axis relative to the flat 
surface was ascertained by taking two back reflec- 
tion X-ray diffraction patterns from different parts 
of each face. All X-ray work was done with the 
conical camera designed and built by R. William 
This camera differs from the common back reflec- 
tion camera in the position of the film relative to 
the specimen. Instead of the regular flat film, the 
film is held inside a 60° cone with the specimen at 
the center of the base. In orienting a single crystal, 
the advantages of this camera over the regular back 
reflection camera are: the position of the X-ray 
beam relative to the film is easily and accurately 
defined, the arrangement of the film gives many 
more spots on the film, and the more uniform speci- 
men-to-film distance makes the relative intensity of 
the spots on the film more significant and reduce 
the exposure time 

One further modification of the original procedure 
was made in the method of determining the thick- 
ness of the first cut. In the present work this wa 
done by determining the average weight per unit 
thickness of the second and succeeding cuts and 
then dividing the weight of the first cut by this 
average weight per unit thickness to establish it 
thickness.’ This procedure materially reduced one of 
the larger errors in the earlier work 


Cylinders % in 


Results 


The solution of the diffusion equation for the con- 
ditions used in this work gives 


c(x,t) exp (—2°/4Dt) 


2\/nDt 
where c, is the initial concentration of the diffusing 
component at the external surface, b is the thickne: 
of the initially deposited layer, c is 
tion in the layer at distance x from the surface at 
time t, and D is the diffusion coefficient. When thi 
solution is valid, a plot of log,.c vs 2° gives a straight 
line whose slope is 0.1086/Dt. Plots of 
this type are shown in Figs. 1 and 2. The diffusion 
time, temperature, value of D,, or D,, and D,/D 
obtained are tabulated in Table I. In the specimen 
designated 21, 22, etc., diffusion was essentially 
parallel to the c-axis; while in those designated 31, 
32, etc., it was essentially normal to the c-axis 


the concentra- 


equal to 
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A plot of log D vs 1/T for both sets of data is 
given in Fig. 3. A least squares determination of 
the constants involved gives 


D 1.0 exp (--32,200/RT) cm’ per sec [3] 


D 1.5 exp (-—32,500/RT) cm’ per sec [4] 


Due to the small number of points on each line in 
Fig. 3 there is serious doubt in the author's mind 
as to the significance of the probable errors in AH 
and D, as obtained from standard statistical for- 
mulae Nevertheless, they are given below as a 
crude indication of the uncertainty in the reported 
numbers. If it is assumed that the deviations of each 
point from the best straight line are random, the 
following root mean square errors are obtained 
Do, + 0.3 cm’ per sec \H 500 cal per mol 
De, + 0.45 cm’ per sec AH +700 cal per mol 


Discussion 


A rather detailed discussion of the sources of 
error in this type of determination of the diffusion 
coefficient is given in ref. 5. It was concluded there 
that the sum of the probable errors in D was 9 pet 
With the new method of determining the thickness 
of the original cut, the sum of the probable errors 
in D is thought to be 7 pet. Since this sum consists 
of several independent errors, the probable error in 
each D will be about 4 pet. A special effort was made 
to measure the anisotropy of diffusion accurately 
By annealing the samples in pairs in the same con- 
tainers, the time and temperature of anneal were 
the same for both specimens and the ratio D,/D,, 
could be determined a the distance- 
activity curves could be measured. The significant 
in determining these curves are due to count- 
ing errors and errors in distance caused by the un- 
certainty of the thickness of the first layer removed 
It is thought that the error in D due to these two 
not exceed *3 pet, Le., twice the root 
mean square error is +3 pet. Thus the error in the 
ratio D,/D,, would not exceed +4 to 5 pet 

In Figs. 1 and 2 the data are plotted in pairs, and 
it can be seen quite clearly that the distance-activity 
curves are different for the two orientations, or that 


accurately as 


erro! 


ources doe 


an anisotropy of diffusion does exist at all tempera- 
tures studied. The experimental values of D,/D 
are recorded in Table I 

The values of D,/D,, given in Table I increase with 
increasing temperature Since the experimental 
values of 4H, and AH,, and D., and D.,, which have 
been given are not significantly different, it should 
be reemphasized that this temperature variation of 
D,/D,, is more accurately known than the tempera- 
ture variation of D, and D,. The basis for the view 
that the temperature variation of D,/D,, is signifi- 
that the anisotropy in- 
of specimens,* 


cantly greater than zero | 
creases with temperature for six set 


* Four slues o " given in Ta Two additional runs 
i white 


Tu 


ad 
lure 
‘ 


' nt ' conta i rat obtained are 
slid. These slues ¢ are sbout 515° and 112 
sbout 445°C 


and the total of thi two to three times 
the experimental uncertainties in the ratio D,/D 

Once the anisotropy of diffusion is established, 
two questions arise. First, will it be possible to de- 
termine the mechanism of diffusion and secondly, 
what is the physical cause for this anisotropy in a 
metal which has an almost ideally close-packed 
lattice”? 


increase 
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Fig. 1—Specific activity vs distance squared for specimens 
diffused at 468° and 532.5°C 


Using the equation for D, taken from random 
walk theory, Shirn, Wajda, and Huntington” have 
calculated the values of D,/D,, for the following six 
possible atomic interchanges: ring of four, inter- 
stitial, vacancy (nonbasal), vacancy (basal), ring 
of three (basal), and ring of three (nonbasal). If 
it is assumed that this list of possibilities is complete 
and that no more than two of these atomic inter- 
changes actually operate, it is possible to rule out 
certain mechanisms by comparing the observed and 
calculated values of D./D,. The application of this 
theory to the magnesium data is the same as that 
given by Shirn" for self-diffusion in thallium where 
D/D 1.22 and c/a 1.60. The only conclusion 
which he could draw from his discussion was that 
either a vacancy or a ring mechanism must operate in 
the basal plane. Nothing can be said about the mech- 
anism which gives diffusion parallel to the c-axis 

In many respects magnesium is almost isotropic, 
eg., thermal expansion” and thermal vibration of 
Furthermore, the deviation from ideal close 
packing, Le., e/a 1.633, is less than 1 pet. In view 
of this it is rather surprising to find an anisotropy 
in the diffusion coefficient of 15 to 25 pet 

An analysis of the source of this anisotropy can 
best be made by combining random walk theory and 
reaction rate theory to give an equation for the 
ratio D,/D,. The basic random walk equation for 
the diffusion coefficient is 


D, = % [5] 


atoms 


where D, is the diffusion coefficient measured par- 
allel to the x-axis, u is the number of possible jumps 
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Fig. 2—Specific activity vs distance squared for specimens 
diffused at 504° and 575.5°C 


that a given atom can make from a given site, L 
is the frequency of the j'" type of jump, and .,° is 
the component of the jump distance.7 


' The complete derivation of this equation does not seem to be in 
the literature. However, Chandrasekhar" gives the equation 2D,t 
N t which is valid for large N and the jump frequenc inde 
pendent of time. ‘Here N is the total number of jumps and I 
is the second moment of the © component of all jumps). Eq. 5 
follows if the equations 


and N 


ire substituted into Chandr ssekhar s equation. (N, is the number « 
jumps of the j'* type 

Several independent studies of the Kirkendall 
Effect point to the vacancy mechanism as the most 
probable in diffusion in face-centered-cubic” and 
body-centered-cubic” metals which are in the 
center of the periodic table. Also, using their random 
walk analysis, Shirn, Wajda, and Huntington con- 
clude that a vacancy mechanism probably operates 
in zine. The contribution of the ion core repulsion 
term to SH is much larger in these metals than in 
magnesium, thus favoring the vacancy mechanism 
more in the former. Nevertheless, until evidence is 
given to the contrary, a vacancy mechanism of dif- 
fusion in magnesium seems most probable. For a 
vacancy mechanism in a hexagonal-close-packed 
lattice, u in Eq. 5 equals 12, and Eq. 5 gives D 
%4 cL, and D % a’ (3L, + L,,). Combining these 
results with Wert and Zener’s equation,” L v, exp 
(—AF,/RT), gives 

[6] 


Here », and »,, are the vibrational frequencies of an 
atom in the direction of an adjacent vacancy in and 
out of the basal piane, respectively. AF, and AF 


AF. /RT) 
AF,,/RT) 


exp ( 


exp ( 
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are the respective free energies required to move 
the atom isothermally and reversibly from the equi- 
librium site to the saddle point, while allowing the 
rest of the lattice to readjust to this movement 

The relative variation of the vibrational frequency 
with crystallographic direction can be obtained from 
the experimentally determined temperature de- 
pendence of the intensity of X-ray diffraction lines 
The data of Brindley and Ridley” on magnesium 
give v/i 1.02. Combining this with the values 
of D,/D,, in Table I, c/a of magnesium equals 1.623, 
and substituting in Eq. 6 gives 
468°C 
575°C 


240 cal per mol 
470 cal per mol 


(AF AF’..)s 
(AF 


The equation d\F/dT AS then gives AS 
AS 2.1 e@.u 

The exact value of this entropy difference depends 
on the temperature derivative of D,/D This de- 
rivative is not known accurately, but is greater than 
zero (see foregoing discussion). If, to set a lowe! 
limit, we assume the derivative equals zero, and 
D/D 1.18, then AS AS 0.4 e.u. To say that 


Table |. Experimental Conditions and Results for Single Crystals 


Temper ; 


Speet Temper 
ature, OK 


men ature, °¢ Time, See 


10,700 
22,320 
22.320 
79,800 


79,800 
177,700 


177,700 0 995 
105,520 0.345 


105,520 0.391 
104,620 0.208 


this entropy difference was zero, it would have to 
be maintained either that D,/D 1 over the tem- 
perature range studied, or, if D,/D,, was taken at 
about 1.18, that this ratio decreased about 3 pet 
between 575° and 468°C 

As all (0001) 
packed lattice are equivalent, the contribution of 
the entropy of formation of a vacancy to AS, and AS 
is the same. Therefore, this difference in the two 
entropies must be due solely to the difference in the 
entropy involved in moving an atom from the equi- 
librium site to the saddle points. An examination 
of the saddle point configurations for vacancy dif- 
fusion in and out of the basal plane will be helpful 
in considering the difference between AS, and AS 
The saddle point is midway between the vacancy 
and the original site of the diffusing atom. If the 
lattice sites, i.e., 

1.633, each of 
gives four near- 


planes in the hexagonal-close- 


urrounding atom tay on the 
the lattice is 
the two saddle point configuration 


unrelaxed, and c/a 


est neighbor atoms at a distance of (\/3/2)a from 
the diffusing atom. Thus the number of nearest 
and their distance from the diffusing atom 
ame for diffusion in and out of the basal 
plane. However, the arrangement of the atoms at 
the saddle points are quite different for the two 
cases. Fig. 4 shows the saddle point configuration 
in the plane normal to the diffusion direction. For 
diffusion out of the basal plane, the four nearest 


neighbor 
are the 
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neighbors at the saddle point are arranged in a 
rectangle. For diffusion in the plane, the 
nearest neighbor arrangement is less symmetric, 
three atoms being on one side of a vertical plane 
passing through the diffusing atom as in Fig. 4 and 
only one atom being on the other side 

It is this difference in the symmetry of the two 
saddle point configurations which the author be- 
lieves gives rise to the difference in the entropies 
of activation. To a first approximation the entropy 
of activation can be considered to consist of three 
parts.” These are AS(v), which is due to a change 
in the vibrational frequencies of the diffusing atom 
and its neighboring atoms in going to the saddle 
point; AS(e«), due to a straining of the lattice for 
many a, away from the saddle point; and AS(v), due 
to a change in the vibrational frequencies of all the 
atoms in the specimen stemming from a volume 
condition of 


basal 


relaxation to maintain the boundary 
zero surface pressure 

The AS(v) part of both entropies of activation 
will be the same since the change in atomic volume 
at the two saddle points is the same. The contribu- 
tions of AS(v) and AS(e«) to the two entropies will 
depend on local atomic arrangement and will be 
different for the two saddle points 

Considering AS(«) first, in diffusion parallel to the 
c-axis (b in Fig. 4), the displacement of the saddle 
point nearest neighbors from their original sites 
will all be equal and small because of the rectan- 
gular symmetry. For diffusion normal to the c-axis 
(a in Fig. 4), the displacement of three of the neigh- 
boring atoms will be small, but that of the fourth 


will be large. Because the strain energy goes as the 


Temperature, °C 
500 


o— Dw 
Polycrystalline D 


(em sec) 


12 
1000/ °K 


Fig. 3—Log D is plotted vs 1/T 
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Fig. 4—Saddle point configuration in plane normal to diftu 
sion direction for vacancy diffusion: a) normal to c-axis, 
b) parallel to c-axis. Cross in circle represents diffusing 
atom; and circle, the saddle point nearest neighbors 


sum of the squares of the displacements, the strain 
energy term will be larger in the basal diffusion 
than in the nonbasal. AS(«) is proportional to the 
strain energy,”” so it follows that AS,(«) > AS,,(«).4 

1H. BB Huntington has sent the author a calculation estimating 
the relative lattice strain energies for the two saddle points. He has 
assumed that the displacement of the nearest neighbors is small 
that they are bound to thelr equilibrium sites by elastic restoring 
forces ind that the interaction between the diffusing atom and its 
neighbors can be represented as an exponential potential. The re 


sulle of this calculation are that the strain energy for diffusion 


normal to the c-axis is only about 0.1 pet larger than that for diffu 


sion parallel to the c-axis. Thus AS; le Si fe), but the difference 
is too amall to give the experimentally observed difference 

An estimate of the relative values of AS,(v) and 
AS,(v) can be obtained in the following manner: 
This term stems from the changes in the vibra- 
tional frequencies of the eight neighbor atoms 
shown schematically in Fig. 4, and the vibrational 
frequencies of the diffusing atoms in directions nor- 
mal to the diffusion direction. The vibrational fre- 
quencies of the nearest neighbors in each case will 
be about the same, or perhaps the frequencies of the 
neighbor atoms in Fig. 4a, D,, will be slightly lower 
due to the lower symmetry of the packing. How- 
ever, the vibrational frequencies of the diffusing 
atom will be considerably lower for D, than for D, 
This can be shown by assuming either a harmonic 
or an exponential potential between the atoms, al- 
lowing the diffusion atom in Fig. 4a to relax to a 
position of static equilibrium, and then determining 
the relative frequencies in the orthogonal planes of 
maximum symmetry. The results of this rough cal- 
culation are that the mean frequencies for the two 
cases differ by the order of 10 pet. This then con- 
tributes an entropy difference of the order of 0.5 e.u 
Thus AS,(») is appreciably greater than AS,,(~), and 
in view of Huntington's calculation on the relative 
values of AS,(«) and AS,,(«), it would appear that 
most of the difference between AS, and AS,, stems 
from the vibrational term 

In conclusion then, each of the three terms con- 
tributing to the entropy of activation for diffusion 
normal to the c-axis are either equal to or greater 
than the corresponding term for diffusion parallel 
to the c-axis. Therefore, this gives a qualitative 
explanation of the experimental observation that 
AS, is larger than AS 


Summary 
The self-diffusion coefficient, D, has been deter- 
mined in oriented single crystals of 99.94 pct pure 
Mg, using radioactive Mg” and a sectioning tech- 
nique to measure the penetration. In the tempera- 
ture range 635° to 467°C, diffusion parallel and per- 
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pendicular to the c-axis gives D 1.0 exp (32,200/ 
RT)cm* per sec and D, = 1.5 exp (32,500/RT) cm’ 
per sec. 

Special measures were taken to determine the 
anisotropy of diffusion accurately. The ratio D,/ Dy, 
was found to range from 1.13 at 467° to 1.24 at 
575°C. Assuming a vacancy mechanism, an equation 
is derived from random walk theory and kinetic 
theory which relates D,/D,, to the free energies of 
activation for diffusion in and out of the basal plane 
From this equation it is shown that the diffusional 
anisotropy results from the entropy of activation 
being larger for diffusion normal to the c-axis, Con- 
sideration of the two saddle point configurations and 
the sources of the entropy of activation for diffusion 
show that this difference is reasonable and stems 
primarily from the lower mean vibrational fre- 
quencies of the atoms at the saddle point for D,. 
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Hydrogen Embrittlement of Beta-Stabilized 
Titanium Alloys 


The «- type alloys are subject to a loss of tensile ductility with increasing hydrogen 
content. No hydride phase is visible in embrittled «-/ type alloys. The embrittlement en- 
countered appeared to be of the strain-aging type. Both compositional and structural 
factors are shown to influence the hydrogen tolerance of «-/ type alloys. 


by C. M. Craighead, G. A. Lenning, and R. |. Jaffee 


N previous papers’ * by the authors, the effects of 

hydrogen on the structure and mechanical prop- 
erties of high-purity and commercial-purity tita- 
nium were described. It was shown that the pres- 
ence of hydrogen in these materials results in a 
hydride phase having low solubility at room tem- 
perature. This insoluble phase had little effect on 
the room temperature tensile properties, but did de- 
crease the notch-bar toughness to a large degree 

The binary Ti-H system’ indicates that hydrogen 
is much more soluble in # than in a-titanium. Hence, 
it is not expected that the embrittling effects of 
hydrogen in a-8 alloys will be similar to that found 
in a alloys. Materials of this type studied in the 
present investigation included two commercial a-f 
alloys, Ti-8Mn and Ti-4Al-4Mn; three high-purity 
Ti-Mn alloys containing 3, 6, and 9 pet Mn; and four 
high-purity Ti-Mo alloys, Ti-5Mo, Ti-10.9Mo, Ti- 
13.1Mo, and Ti-20Mo, of the «-8 and £ types 

Materials and Fabrication—The high-purity base 
alloys, composed of iodide titanium and high-purity 
metals, were prepared by double arc melting under 
argon in a water-cooled copper crucible, using a 
water-cooled tungsten electrode. Radiographic exam- 
ination showed homogeneous Ti-Mo alloy 

The analyses of the alloys used in this investiga- 
tion and their as-fabricated hydrogen content, where 
determined, are listed in Table I. The two com- 
mercial alloys were % and ™% in. diam bar stock 
No analyses other than hydrogen content were made 

In order to maintain the a-f relationship existing 
in the two commercial alloys, vacuum annealing and 
hydrogenation were carried out in the £ field prior 
to final fabrication. Fabrication then was done by 
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swaging to '4 in. diam at 1300°F in the a-f phase 
field, followed by annealing (1 hr at 1300°F, furnace 
cooled to 1100°F, and air cooled to room tempera- 
ture) to give the desired stabilized a-f relationship 


Table |. Analyses of Alloys 


Composition, Pet 


0 0066 
0.0049 


t 


3444444434435 


20Mo 


* Results of vacuum-fusion analyse 
Intended composition, analyses not available. Bar stock supplied 
by Watertown A na 
t Hydrogen analyses obtained after vacuum annealing or hydro 
genating. Initial hydrogen content not determined 


The three high-purity Ti-Mn alloys were forged 
to % in. diam rods at 1600°F, and hot swaged to 
% in. diam at 1380°F. Machined and degreased bat 
tock was vacuum annealed or hydrogenated, fab- 
ricated to 4 in. diam rod by hot swaging, annealed 
in argon for 1 hr at 1380°F (750°C), and water 
quenched 

The six % Ib Ti-Mo ingots were forged to % in 
diam rods at 1600°F and then hot swaged to % in 
diam. Machined and specimens were 
vacuum annealed or hydrogenated in the £# field 
prior to fabrication, by swaging to % in. rod at 
1400°F. After fabrication, the 5 and i0.9 pet Mo 
alloys were annealed in argon for 16 hr at 1290°F 
and water quenched to give equiaxed a-f structures 
The higher molybdenum content alloys were argon 
annealed 4 hr at 1470°F and water quenched to give 
all # structures 


degreased 
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Fig. |—Effect of hydrogen on tensile properties and hardness 
of commercially pure Ti-8Mn alloy 


The hydrogen, added to the alloys in the Sieverts 
apparatus, was not lost during fabrication. In all 
cases the actual and intended hydrogen contents 
were within the limits of accuracy of the vacuum- 
fusion analyse: 

Vacuum Annealing and Hydrogenation— Vacuum 
annealing and hydrogenation treatments were con- 
ducted in a modified Sieverts apparatus described 
elsewhere.” The vacuum-annealed rods were out- 
gassed at temperatures of 775° to 900°C to an ulti- 
mate vacuum of about 5x10° mm Hg. Absorption 
of hydrogen was done in the £ field at 820°C, fol- 
lowed by equilibrating for 1 hr at 680°C and then 
rapid cooling to room temperature 

Hydrogen contents investigated in thi 
ranged from a low value of 10 to 15 ppm (vacuum 
annealed) to as high as 5 or 10 atomic pet (1100 to 
2000 ppm) in the case of the two commercial alloys 
and the high-purity Ti-Mo compositions 

Testing Conditions—Tensile data at room tem- 
perature were obtained for all materials by using 
pecimens 2'« in. long, with a reduced section of 
% in. diam and ™% in. length. Such a specimen is 
+ geometrical reduction of the 2 in. gage-length 

tandard ASTM test specimen. Notched tensile tests 
were made for the high-purity base Ti-Mo alloys 
The notched tensile specimen was made by provid- 
ing the 2% in. tensile specimens with a circum- 
ferential 45° V notch having a radius of 0.005 in., 
the root diameter being 0.090 in. The stress-concen- 
tration factor was 3 for this notch in tension. Con- 
ventional SR-4 resistance-type strain gages were 
used on all the unnotched tensiles in the elastic 
region for the slow The information 
obtained on the unnotched specimens at the slow 
testing speed included: ultimate strength, 0.2 pet 
offset yield strength, percentage elongation in % in., 
and percentage reduction in area. The information 
obtained on the notched specimens included ulti- 
mate strength and reduction in area. Tensile prop- 
erties on all alloys were obtained at a testing speed 


study 


speed tests 


924—JOURNAL OF METALS, AUGUST 1956 


of 0.005 in. per min. For the unnotched Ti-Mo 
alloys, ultimate strength, reduction in area, and 
elongation were obtained at a testing speed of 0.5 
in. per min. For the notched Ti-Mo alloy specimens, 
ultimate strength and reduction in area were also 
obtained at 0.5 in. per min 

Impact properties of the alloys were determined 
at various temperatures from —196° to 100°C, using 
a 0.225 in. diam specimen, 1% in. long, having a 
circumferential 45° V notch with a radius of 0.005 
in. The root diam of the notch was 0.150 in., and the 
notch had a stress-concentration factor of 3 in the 
bend test. This 
other work.’ The magnitude of energy absorbed and 
transition temperatures measured with this speci- 
men correlate quite well with the same properties 
when measured by using the standard Charpy 
V-notch specimen. A correlation was made for a 
number of materials, and a conversion factor of 0.8 
was obtained for converting in-lb obtained on the 
Izod specimen to Charpy V-notch ft-lb values 


specimen has been illustrated in 


Results 

Effect of Hydrogen in Commercially Pure Ti-8Mn 
Alloy—Tensile properties and Vhn are shown as a 
function of hydrogen content in Fig. 1. The tensile 
strength shows a slight increase with increasing 
hydrogen content. On the other hand, the ductility, 
as indicated by reduction in area and elongation, 
increases slightly and then drops abruptly between 
0.86 and 1.28 atomic pet H (180 to 270 ppm) 

The impact strengths at temperatures from —196 
to 100°C, shown in Table I, are not affected appre- 
ciably by hydrogen. There is a slight increase in the 
impact transition temperatures for the alloys with 
higher hydrogen contents 


8 8 8 


Reducton Areo and Elongoton, per cent 


8 


2 5 


Hydrogen Content, par cant 
670 


Hydrogen Content, ppm 


Fig. 2—Effect of hydrogen on the tensile properties of Ti 
4Mn.4Al alloy 
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Fig. 3—Unnotched and notched tensile data for Ti-5 pct Mo 
alloy at four hydrogen levels. Top graphs: circle represents 
slow (0.005 in. per min) ultimate strength; cross, fast (0.5 
in. per min) ultimate strength; and square, slow yield 
strength. Bottom graphs: circle represents slow reduction in 
area; cross, fast reduction in area; inverted triangle, slow 
elongation; and triangle, fast elongation 


The effect of hydrogen on the a-f8 type of Ti-8Mn 
alloy is in marked contrast to the effect on a-tita- 
nium, as exemplified by high-purity and commer- 
clal-purity titanium or by a-stabilized alloys. The 
strength of a-titanium decreased sharply 
than about 50 ppm H, while the room 
temperature tensile strength and ductility were 
relatively unaffected by hydrogen additions up to 
25 atomic pet.’ In contrast to the effect of hydrogen 
in a-titanium, the a-f type Ti-8Mn alloy showed 
only a slight decrease in impact strength from 0.07 
to 5.5 atomic pet (15 to 1200 ppm) H, and a marked 
decrease in room temperature ductility occurred 
with more than about 200 ppm H. The «a and a-f 
alloys were similar only in that hydrogen caused no 
appreciable increase in strength or hardness 


impact 
with more 


Notch-Bend Impact Data for Ti-8Mn Alloy at 
Six Hydrogen Levels 


Table I! 


Impact Energy Absorbed at Indicated 
Hydrogen Content Temperature, °C, In-Lb 
Atomic 
Pet 


15 007 
180 86 
270 1.28 
600 28 
1200 


The structure of the Ti-8Mn alloys with hydrogen 
was examined both before and after tensile testing 
All of the alloys had typical equiaxed a-f struc- 
tures. No evidence of a hydride phase was observed 
Examination of longitudinal sections taken through 
the fractured area of the tensile 
evidence of precipitation of the hydride 

Effect of Hydrogen in Commercially Pure Ti-4Al- 
4Mn Alloy—Two lots of Ti-4Al-4Mn with 
hydrogen contents ranging from 0.25 to 4.9 atomic 
pet (50 to 1100 ppm) were tested for tensile and 


pecimen gave no 


alloy 
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impact properties. The tensile properties shown in 
Fig. 2 indicate a slight increase in tensile strength 
and not much change in tensile ductility until about 
1000 ppm H. The tensile ductility then drops off 
sharply at 1100 ppm H. The impact-transition data, 
Table III, indicate only a slight increase in impact- 
transition temperature up to 1100 ppm H 

These data indicate that the Ti-4Al-4Mn alloy has 
about a fourfold tolerance for hydrogen 
than the Ti-8Mn alloy discussed previously. Metal 
lographic examination of the Ti-4Al-4Mn alloys con- 
showed fine equiaxed a-f struc- 


greatet 


taining hydroger 
tures with no hydride phase apparent 

Effect of Hydrogen in High-Purity Ti-Mn Alloys 

Table IV lists the hardness, tensile, and impact 
properties of the three high-purity Ti-Mn alloys, 
with 3, 6, and 9 pet Mn, containing from 0.11 to 3.35 
atomic pet (23 to 700 ppm) H. It will be noted that 
hydrogen up to between 600 and 700 ppm has a 
small detrimental effect on the impact strength of 
the 3 pet Mn alloy, a lesser detrimental effect on the 
6 pet alloy, and no effect on the 9 pet alloy. The 
tensile ductility for the 3 and 6 pet Mn alloys in the 
a-8 condition after quenching from 1380°F de- 
creases with more than about 200 ppm H, the 6 pet 
Mn alloy being more embrittled than the 3 pet alloy 
The 9 pet Mn alloy, quenched from 1380°F to give 


Table IIl, Notch Bend Impact Dota for Ti-4Al-4Mn Alloy at 
Several Hydrogen Levels 


Impact Energy Absorbed at Indicated 
Hydrogen Content Temperature, °C. In-Lb 
Atomic 


150 
220 
240 
1000 
1100 


an all #8 structure, was not embrittled. This sug- 
gests that the all ~# a greater tolerance 
for hydrogen than the a-f/ structure In this con- 
hould be pointed out that the Ti-8Mn 
ed previously wa ed to the a-f 
condition and would be comparable to the high- 
purity 6 pet Mn alloy rather than to the 9 pet alloy 
No hydride phase was observed in any of the alloy 
Effect of Hydrogen in High-Purity Ti-Mo Alloys 
This work wa tudy the effects of 
hydrogen in the presence of an isomorphous f sta- 
were selected so 


tructure ha 


nection, it 


alloy discu proce 


conducted to 


The molybdenum content 
that two of the alloys would have a-f 
and the other would be all retained # 
Metallographic examination indicated that the alloy 
with 5 and 10.9 pet Mo, quenched from 1290°F, had 
tructure The higher molybdenum 
13.1 and 20 pet Mo, quenched from 
No hydride phase 


contain 


bilizer 
tructure 


two alloy 


equiaxed a-f 
content alloy 
1470 °F, had equiaxed structure 
was detected, even in the all f structure 
ing up to 9.6 atomic pet (2000 ppm) H 
Results of the slow 
and unnotched tensile tests are shown for the 5 pet 
Mo alloy in Fig. 3. The data show little effect on 
trength or ductility through 4.1 atomic 
H. Notched 
fected by hydrogen, but notch ductility 
i by reduction in area from 


peed and fast-speed notched 


unnotched 


pet (880 p trength was not ap 


f 


preciably a 


as iIndicatec dropped 
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Fig. 4—Notch-bend transition- 
emgere impact data for four high-purity 
base Ti-Mo alloys at various 
hydrogen levels. 
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approximately 40 pet at 1.1 atomic pet (220 ppm) H 
-_.._ to 15 pet at 4.1 atomic pet (880 ppm) H at the slow 
—e | testing speed. The impact strengths shown in Fig. 4 
show that the hydrogen-free alloy has excellent 
toughness, and that though the ductile-brittle transi- 
tion temperatures are increased by hydrogen, the 
toughness remains quite good. At 4.1 atomic pct 
(880 ppm) H the breaking energy was still approxi- 
mately 13 in-lb at —40°C. 

Tensile-test data for the 10.9 pet Mo alloy in Fig. 
5 show little effect of hydrogen on unnotched o1 
notched strengths at either slow or fast testing 
speeds. In the slow-speed unnotched test at 5.2 
atomic pet (1100 ppm), hydrogen decreased reduc- 
tion in area appreciably, but elongation was not 
| Seem | | significantly lowered. At the fast speed, hydrogen 
Tie did not lower reduction in area, and an increase in 
elongation was found at the highest hydrogen level 
The impact transition data for the 10.9 pet Mo 
alloy are shown in Fig. 4. Again, the basic alloy is 
Fig. $—Unnotched ond notched tensile dota for Ti-10.9 pet very tough. Increasing hydrogen through 1.5 atomic 
Mo alloy at four hydrogen levels. Top graphs: circle repre. aly lowered oct enarey 
sents slow (0.005 in. per min) ultimate strength; cross, fast pet (310 ppm) progressively lowered impac ser Bs 
(0.5 in. per min) ultimate strength; and square, slow yield at all temperatures, Increasing the hydrogen con- 
strength. Bottom graphs: circle represents slow reduction in tent to 5.2 atomic pet (1100 ppm) lowered the 
area; cross, fast reduction in area; inverted triangle, slow 196°C impact-energy value but resulted in a large 

elongation; and triangle, fast elongation increase in impact energy at 25° and 100°C 
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Table IV. Effect of Hydrogen on the Mechanical Properties of High-Purity Ti-Mn Alloys. 
Condition: As-Quenched from 750°C 


Hydrogen 0.2 Pet Impact Energyt Absorbed 
Content’ Offset at Indicated Temperature, 
Manganese Tensile Vield Elongation °C, In-Lb 
Centent, Atomic Strength.¢+ Strength, Pet in Reduction Vha, 
Pet rom Pet Pel Psi “% In in Area, Pet 5 Ke Load 


101,500 71,500 
115,800 90,700 
112,300 85 B00 
117,200 80,000 
136,500 127,000 
150,400 145,500 
125,500 110,500 
127,000 123,000 
166 800 164,000 
162,800 159,000 
158,500 155,500 


Seve 


* Hydrogen content by vacuum-fusion analysis, tolerance *10 relative pct 

t Tensile data reported are average of two specimens unless indicated 

t impact values reported were obtained on a microimpact specimen 1% in 
in. radius. The root diam of the notch was 0.150 in 

4 Only one specimen tested 


long by 0.225 in. diam with a 45° V notch having a 0.005 
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Fig. 6—Unnotched and notched tensile data for Ti-13.1 pct 
Mo alloy at four hydrogen levels. Top graphs: circle repre 
sents slow (0.005 in. per min) ultimate strength; cross, fast 
(0.5 in. per min) ultimate strength; and square, slow yield 
strength. Bottom graphs: circle represents slow reduction in 
area; cross, fast reduction in area; inverted triangle, slow 
elongation; and triangle, fast elongation 


The beneficial effect of increasing the strain rate 
on reduction in area for the 10.9 pet Mo alloy indi- 
cates that the embrittlement found in slow tension 
was of the strain-aging type. This is the same as 
was found with the manganese alloys 

Tensile data for the all 8 13.1 and 20 pet Mo alloys 
are shown in Figs. 6 and 7, respectively. Unnotched 
and notched tensile properties for these alloys were 
not changed appreciably up to about 2000 ppm H 
In the 20 pet Mo alloy a slight general decrease in 
notched reduction in area at the slow speed occurred 
with increasing hydrogen 

Transition impact data for the two £@ alloys are 
given in Fig. 4. The principal effect of hydrogen 
for the 13.1 pet Mo alloy was to decrease the impact 
energy at —40 C with 5.3 (1100 ppm) and 8.8 (1900 
ppm) atomic pet H, raising the transition tempera- 
ture as well. However, at 1900 ppm H the impact 
energy at —40°C was still of the order of 20 in-lb 
The data for the 20 pet Mo alloy show no appre- 
cilable effect of hydrogen on the impact energy 
through 9.6 atomic pet (2000 ppm) 


Discussion of Results 

The present work and the previous paper’ have 
shown that the effects of hydrogen on the mechani- 
cal properties of titanium alloys differ, depending 
on alloy Unalloyed and a-stabilized alloys 
show the most marked embrittlement by hydrogen 
on notch-bend impact energy. Alloys of the a-f 
type show the most marked embrittlement in the 
reduction in area of notched specimens in the slow- 
The hydrogen embrittlement of 
to be of the strain-aging type 
available for the all £8 alloy 
However, large amounts of hydrogen did not cause 
ignificant embrittlement in the slow-speed tensile 
test. This absence of embrittlement in the all £ 
alloys is in marked contrast to the effect of hydrogen 
on the a-f alloys and ibility that 
an interface effect may be responsible for the hy- 


type 


speed tensile test 
the a-§ alloys appeat 
Le information i 


uggests the po 
drogen embrittlement of the a-8 alloy 
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Fig. 7—Unnotched and notched tensile test data for Ti-20 
pct Mo alloy at four hydrogen levels. Top graphs: circle rep 
resents slow (0.005 in. per min) ultimate strength; cross, fast 
(0.5 in. per min) ultimate strength; and square, slow yield 
strength. Bottom graphs: circle represents slow reduction in 
area; cross, fast reduction in area; inverted triangle, slow 
elongation; and triangle, fast elongation 


Fig. 8 is a plot of reduction in area as a function 
of hydrogen content (ppm) for all the a-f8 and 
B-type alloy tudied in this investigation. The high 
purity base 3 and 6 pet Mn alloys and the com- 
mercial Ti-8Mn alloy all showed a loss of reduction 
in area with more than 200 ppm H. The Ti-4Mn- 
4Al a-f alloy, however, did not show a decrease in 
reduction in area until the hydrogen content was 
about 1000 ppm. This may be an indication that 
the hydrogen tolerance of an alloy can be raised by 
the addition of a third alloying element such as 
a-Stabilizing aluminum. Comparison of the manga- 
nese-stabilized a-f#-type alloys with the molybdenum 
a-B alloy hows that the hydrogen tolerance of an 
a-B alloy also will depend on the # stabilizer used, 
molybdenum being much superior 

The data shown in Fig. 8 for the commercial- 
purity Ti-8Mn alloy and the high-purity Ti-3 and 
6 pet Mn alloy also indicate that the normal inter- 
titial impurities found in commercial titanium ap- 
parently had little effect on hydrogen tolerance 
This is surprising and may not be true for hydrogen 
tolerances generally However, since the strain- 
aging reaction probably originates from hydrogen 
dissolved in the # phase, and the interstitials parti- 
tion to the a phase, the result may be of general 
applicability 

Alloys with the 4 phase stabilized by molybdenum 
had quite high tolerances for hydrogen in slow 
tension test This freedom from strain-aging em- 
brittlement may be the result of an increased solu- 
bility of hydrogen in # caused by the presence of 
molybdenum. The Ti-5Mo alloy showed a tendency 
to be embrittled by hydrogen in notch-bend impact 
This i 
§-type alloy, and may reflect low molybdenum con- 
molybdenum-containing 


more characteristic of an a-type than of a 
tent compared to other 
alloys 
Summary 
1) Commercial Ti-8Mn alloy wa 
brittled in slow tensile tests by hydrogen between 
Notch-bend 


severely em 
approximately 180 ppm and 270 ppm 
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Fig. 8—Effect of hydrogen on 
reduction in area of a- and 
(i-type titanium alloys at 25°C 
and a testing speed of 0.005 in 
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impact energy was not appreciably lowered by 
hydrogen through 1200 ppm 

2) Commercial Ti-4Al-4Mn alloy showed em- 
brittlement in slow tensile tests at about 1000 ppm 
H. Notch-bend impact properties were not appre- 
ciably lowered by hydrogen 

3) High-purity base Ti-3Mn and Ti-6Mn alloys 
in the a-f8 condition were embrittled in the slow- 
peed tensile test at approximately the same hydro- 
gen level as the commercially pure Ti-8Mn alloy, 
while an all # Ti-9Mn alloy was not embrittled in 
low-speed tensile tests with up to 700 ppm H. The 
notch-bend impact transition temperature of the 
Ti-3Mn alloy increased with increasing hydrogen 
content; the notch-bend impact transition of the 
Ti-6Mn a-f alloy was affected less; and that of the 
Ti-9Mn £ alloy was completely unaffected by hydro- 
gen up to 700 ppm 

4) High-purity Ti-5Mo and Ti-10.9Mo 
alloys in the a-f8 condition showed a loss of reduc- 
tion in area at approximately 900 to 1000 ppm H, 
respectively. Elongation values, however, were not 
appreciably lowered by hydrogen. Increasing the 
testing speed at the highest hydrogen level for the 
Ti-10.9Mo alloy raised the reduction in area value 
to that of the hydrogen-free material. The Ti-Mo 
alloys were characterized by excellent toughness 
Increasing hydrogen to from 1000 to 2000 ppm in- 
creased the transition temperatures in notch-bend 
impact test 

5) The all 8 Ti-13.1Mo and Ti-20Mo alloys 
showed little effect of hydrogen on slow-speed tensile 
ductility. The notch-bend impact strength of the 
Ti-20Mo alloy was similarly unaffected. Increasing 
hydrogen raised the notch impact transition tem- 
perature for the Ti-13Mo alloy 


buse 


6) None of the a-f8 and £ alloys investigated 
showed an appreciable increase in strength with 
hydrogen. Metallographic examination of the alloys 
did not show hydride phase, and the hydrogen was 
probably preferentially dissolved in the # phase 

7) The relatively high hydrogen tolerances of 
alloys in the all 8 condition as compared to the a-f 
suggest that hydrogen embrittlement of the a-£ 
alloys is promoted by the presence of an interface 

8) The hydrogen tolerance for a-f type alloys 
depends on the f-stabilizing addition used. Molyb- 
denum f-stabilized alloys have much higher hydro- 
ven tolerances than manganese alloys. The hydrogen 
tolerance may also be increased considerably by 
adding a third alloying element, such as aluminum 
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Technical Note 


Possible Role of Diffusion in the Creep of Alpha and Gamma Iron 


by Oleg D. Sherby and Jack L. Lytton 


ESULTS of recent investigations’ on the creep 
of metals at high temperatures have revealed 
that the activation energies for creep of pure metals, 
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SH., about equals the respective activation energies 
for self-diffusion, This fact strongly suggests 
that the rate-controlling process in creep at high 
temperatures might be that of dislocation climb, as 
first postulated by Mott It would be desirable, 
however, to relate the creep rate of a metal at a 
given temperature and stress with actual diffusivity 
data, rather than with a comparison of the tempera- 


TRANSACTIONS AIME 


4 
= 
4 
P Geto Type 
— 
Ge or 
‘ ow 
Cc 
Line 
AIMI 
19 
‘ 


ARMCO (RON 


CREEP GATA (REF 8) TENSE 
102 OaTA 


680-700 
& 600-650 
V 350-600 


ALPHA IRON 
60,000 Ccai/mote 


99% Fe 
OATA 


10.006 


STRESS OF ULTIMATE TENSILE STRENGTH. PS 


Fig. |—Correlation of steady state creep rate data and 
tensile data for « and y-iron by means of the relation 
‘oc Fic). Armco iron tensile data indicated by filled 
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ret. 9; 99.99 pct Fe creep data is from ref. 7 


ture coefficients SH. It is the purpose of this note to 
indicate that such correlations might be possible 
Self-diffusion of a- (body-centered-cubic) and 
y- (face-centered-cubic) iron has been extensively 
investigated by numerous investigators.** Extrapo- 
lations of these results to the transition temperature, 
910°C, for ay, indicate that the diffusivity of a- 
iron is much greater than y. The best extrapolated 
values are D 600 ~ 10” cm’ per sec, and D 
1.75 » 10" em’ per sec. A dislocation climb model 
would suggest that the creep rate of a metal is di- 
rectly proportional to the diffusivity, assuming all 
other variables constant. Therefore, as a first ap- 
proximation, it might be thought that the creep rate 
600 10” 


of a-iron would be approximately , or 
1.75 x 10™ 
350 times more rapid than y-iron under a given 
creep stress at 910°C 
Creep and tensile tests have been performed on a- 


various investigators Such data 


and y-iron by 
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can be analyzed by means of parameters developed 
for correlation of creep and tensile flow of metals at 
high temperatures;'” and these analyses will permit 
reasonable extrapolation of the creep rates to 910°C. 
Feltham’ evaluated the steady-state creep rates 
of y-iron as a function of stress and temperature 
Such data can be correlated by means of the equa- 

tion 
= F(a) [1] 


where ¢ is the steady-state creep rate (or constant 
strain rate of tensile test), JH is the activation 
energy for creep, R is the gas constant or 1.987 cal 
per mol, T is the absolute temperature in “K, and 
o is the creep stress or ultimate tensile strength of 
The resulting correlation by means of 
1, where 


tensile test 
Eq. 1 is shown in the lower curve of Fig 
SH 70,000 cal per mol 

Tapsell and Clenshaw, as well as Jenkins and 
Mellor,’ evaluated the high temperature creep and 
tensile properties of a-iron. Their results are corre- 
lated by means of Eq. | in Fig. 1, where SH — 80,000 
cal per mol 

The creep rates as a function of stress for a-iron 
and y-iron at 910 °C (1183°K) are now easily deter- 
mined from the master curves of Fig. 1. The result- 
ing correlation is shown in Fig. 2, and it is evident 


It is believed that 


from this figure that — 200. 
ey 

the 200 times increase in the experimental creep 
rate of a-iron over y-iron is very close to the ratio 
of 350 predicted from diffusivity data 

The results shown in Fig. 2 together with the 
diffusivity data for a- and y-iron strongly suggest 
that the diffusivities of atoms control the creep rate 
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Fig. 2—Estimated steady state creep rate of a and -iron 
as a function of stress at the transition temperature, 910°C 
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Table |. 


Hardness and Self-Diffusivity of Thallium at the 
Transition Temperature, 230°C 


Hardness, Bho, Diffasivity, Cm 


Crystal Strectere Ke per per 
Body -centered-cubl« oil 17x10 
Hexagonal -close- packed 0 35 
0 61x10 axis 


of metals directly, and yield additional support to 
Mott's dislocation climb model for creep. The results 
suggest that perhaps different crystal structures 
only influence the creep rate at high temperatures 
insofar as the diffusivities of atoms are affected by 
the change in crystal structure. 

Chubb,” in an excellent paper, recently reported 
results on the effect of crystal structure on the high 
temperature hardness for the polymorphic metals 
iron, thallium, zirconium, titanium, cobalt, and 
uranium. He revealed that the close packed struc- 
tures, namely, face-centered-cubic and hexagonal- 
close-packed, were always stronger than the looser 
packed body-centered-cubic structure. From the 
viewpoint developed in this note, it is not surprising 
that the least packed structure is weaker, since self- 
diffusion and therefore dislocation climb would be 
expected to take place at a greater rate in such a 
structure. Unfortunately, self-diffusivity data to 
check this suggestion on pure metals are extremely 
limited at the present time. Besides iron, only thal- 
lium has been reported in the literature. Diffusivity 
data on thallium at the transition temperature by 


Shirn,” together with the hardness data on thallium 
reported by Chubb (actually data of Schischokin), 
are recorded in Table I. It is readily seen that the 
diffusivity of body-centered-cubic thallium is 25 
times faster than in hexagonal-close-packed thal- 
lium, in harmony with the lower hardness of body- 
centered-cubic thallium as compared to hexagonal- 
close-packed thallium. These results give further 
support, in a qualitative way, to Mott’s dislocation 
climb concept. Quantitatively, it would be desirable 
to study the creep properties of thallium directly 
above and directly below the transition temperature. 


Acknowledgments 
The authors wish to acknowledge many stimulat- 
ing discussions with John E. Dorn. 


References 


'O. D. Sherby, R. L. Orr, and J. E. Dorn: AIME Trans, 1954, 
vol. 200, pp. 71-80; Jounnwat or Metats (January 1954) 

*N. F. Mott: Proceedings Physical Soc., 1951, vol. 64, pp. 729- 
741 
*C. E. Birchenall and R. F. Mehl: AIME Trans., 1950, vol. 188, 
pp. 144-149; Jourwat or Metats (January 1950): and R. Buffing - 
ton, I. D. Bakalar, and M. Cohen: Discussion, pp. 1374-1375; 
Journat or Metats (November 1950) 

‘P. L. Gruzin, U. V. Kornev, and G. V. Kurdimovy 
Akademii Nauk CCCP, 1951, vol. 80, pp. 49-51 

F. S. Buffington and M. Cohen: AIME Trans., 1952, vol. 194, pp 
859-8600; Jounnwat of Metats ‘August 1952) 

“HH. W. Mead and C. E. Birchenall: Research and Progress, AIME 
New York Meeting, February 1956 

'P. Feltham: Proceedings Physical Soc., 


Doklady 


1953, vol. 66B, pp. 865- 


43 

*H. J. Tapsell and W. J. Clenshaw: Special Report No. 1 Dept 
of Scientific and Industrial Research, Great Britain, 1927 

*C H. M. Jenkins and G. A. Mellor: Journal Iron and Steel 
Institute, 1935, vol. 132, pp. 179-236 

“OO. D. Sherby and J. E. Dorn: AIME Trans 
959-964, Journnat of Metats (September 1952) 

'W. Chubb: AIME Trans., 1955, vol. 203, pp. 189-192; JounnaL 
of Metats ‘January 1955) 

“@G. A. Shirn: Acta Metallurgica, 1955, vol. 3, pp. 87-88 


1952, vol. 194, pp 


Investigation of the Partial Constitution 


Diagram Ti-TiAu, 


Ti-Au alloys in the composition interval 0 to 66 2/3 atomic pct Au have been studied 
over a temperature range from 400° to 1500°C. A partial phase diagram has been estab- 


lished from micrographic and macroscopic observations. All intermediate phases, Ti,Au, 
TiAu, and TiAu., exhibit open melting maxima. It has been observed that small additions 
of gold lower the allotropic transformation temperature of titanium. The / solid solution 
decomposes eutectoidally to « solid solution plus Ti,Au. The solubility of gold in « solid 


solution decreases with temperature. 


HERE have been several papers in the literature 
pertaining to the alloy system Ti-Au. However, 
a comprehensive study of this interesting constitu- 
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by Paul Pietrokowsky, Ellis P. Frink, and Pol Duwez 


tion diagram has not been conducted. Previous in- 
vestigations have been concerned with the crystal 
structure of intermediate phases or partial phase 
diagrams. This paper represents a partial constitu- 
tion diagram, Ti-TiAu,, the first portion of an inves- 
tigation of the entire binary system. 

Laves and Wallbaum’ reported the intermediate 
phase Ti,Au to be isomorphous with Cu,Au, LI, type. 
In a more recent paper, Duwez and Jordan’ have 
concluded that Ti,Au has an atomic arrangement 
which is related to Cr,Si." The intermediate phase 
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Fig. 1—16 pct Au alloy, as cast 
Complete decomposition of solid so 
lution. X500. Area reduced approxi 
mately 5 pct for reproduction 


Fig. 4—24 pct Au alloy, as cast. Pri 
mary crystals of Ti,Au plus eutectic 
mixture. X250. Area reduced approxi 
mately 5 pct for reproduction 


Fig. 7—38 pct Au alloy, as cast. Pri 
mary crystals of TiAuw solid solution 
plus eutectic mixture. X500. Area re 
duced approximately 5 pct for repro 
duction 
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Fig. 2—18 pct Au alloy, as cast. De 
composed grains of primary / plus 
eutectic mixture. X250. Area reduced 
approximately 5 pct for reproduction 


7 


Fig. 5—25 pet Au alloy, as cast. Pre 
dominantly Ti.Au. X250. Area re 
duced approximately 5 pct for repro 
duction 


Fig. 8—60 pct Au alloy, as cast. Eu 
tectic mixture of TiAu solid solution 
plus TiAu.. Etched with aqua regia 
X250. Area reduced approximately 5 
pct for reproduction 


Fig. 3—21 pct Au alloy, as cast. Evi 
dence for eutectic mixture. X250 
Area reduced approximately 5 pct for 
reproduction 


Fig. 6—33 pct Au alloy, as cast. Eu 
tectic mixture of TiAu plus TiAu 
solid solution. X250. Area reduced 
approximately 5 pct for reproduction 


Fig. 9-66 2/3 pct Au alloy, as cast 
Intermediate phase TiAu,. Polarized 
light. X250 Area reduced approxi 
mately 5 pct for reproduction 
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> 55 OF 800°C. 
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TiAu,, according to Wallbaum,* is also analogous to 
Cu,Au. Raub, Walter, and Engel investigated the 
partial constitution diagram TiAu-Au by thermal 
analysis, X-ray diffraction, and metallography. These 
investigators claim the existence of two intermediate 
phases: TiAu, and TiAu,. McQuillan” studied the 
nature of the allotropic transformation from 0 to 6 
atomic pet* Au between 725° and 1000°C 


* Uniess otherwise stated in the text, percentages given refer to 
atomic pet 


Materials 

Titanium metal produced by the decomposition 
of the tetraiodide was purchased from the New 
Jersey Zine Co, A typical chemical analysis of this 
material, furnished by the manufacturer, is: 0.0042 
wt pet Pb, 0.0015 wt pet Cu, 0.0022 wt pet Fe, and 
0.0065 wt pet Mn. The chemical-purity gold, 99.990 
wt pet, was from Wildberg Bros., San Francisco 

Chemical analysis of titanium-rich alloys, 0 to 8.1 
pet Au, was obtained from the Smith-Emery Co. of 
Los Angeles and is reported to the nearest 0.1 pet 
in Table I. Alloys for which there were no gold 
analyses are reported in the text to the nearest 


Fig. 11—Phase rela- 
« tionships in the re- 
; gion of the allotropic 
5 transformation and 
eutectoid reaction. 


~ 
atomic pet. The criterion for estimating the prob- 
able variation in composition of the latter alloys was 
the weight loss during arc melting. Melting losses 
were very small in all regions of the diagram, usu- 
ally 0.1 or 0.2 wt pet, with 0.4 wt pect maximum. 


Experimental Procedure 

Methods that were used for alloy melting, metal- 
lography, and heat treatment have been reported in 
detail in previous publications from this Labora- 
tory.” " Temperature measurements were made with 
a Leeds and Northrup 8662 portable potentiometer. 
Noble-metal thermocouples were checked against the 
Laboratory standard, for which a National Bureau 
of Standards certification was available. Tempera- 
ture variation during heat treatment was dependent 
on the particular equipment employed and the dura- 
tion of the thermal program. Specimens used to 
determine the eutectoid temperature were annealed 
in a well insulated, Nichrome-wound furnace which 
admitted one sealed sample and a checking thermo- 
couple; resulting uncertainty was +1°C. Above 
1000°C, nonmetallic resistance element furnaces 
were used, the usual temperature variation being 
about +3°, with maximum variation +5°C. Table I 
summarizes the heat treatment procedure 

Incipient melting and melting-point determina- 
tions were made with two experimental arrange- 
ments: In the first, the sample was wrapped in 
molybdenum sheet and sealed in a quartz ampoule 
containing a reduced pressure of helium. These 
specimens were heated at various temperatures in 
the range 1300° to 1500°C and usually water 
quenched. Most of the compositions in the two- 
phase regions, § plus liquid and Ti,Au plus liquid, 


INCIPIENT MELTING 


Macroscopic Observatior 
Microscopic Ib * Liquid 


ervyotor 


No Melting 


700 
Fig. 12—Results of heat treat. 
26004, ment in the temperature range 
1300° to 1500°C. 
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were examined in this manner. Alloys richer in gold 
than Ti,Au were placed in a molybdenum-wound 
furnace which was enclosed in a vacuum bell jar 
In this apparatus, a vacuum of 1x10° mm Hg could 
be obtained. In addition, the furnace heating rate 
could be controlled, thus assuring a gradual approach 
to the desired temperature. Only one specimen at 
a time was placed in the small isothermal cavity 
which contained a check thermocouple. An entire 
heat treatment cycle required 4 to 5 hr. 

Microscopic examination to detect evidence of 
incipient melting was not always rewarding. Ap- 
pearance of the microconstituents varied with the 
mode of cooling and general features of the con- 
stitution diagram. In cases where these difficulties 
arose, macroscopic observations were relied upon. 


Metallography 

As-Cast Microstructures—Titanium-rich alloys are 
characterized by the martensitic transformation 
product, a’; solid solutions of gold in #-titanium 
were not retained after cooling from the melt. Broad- 
ening of the prior £ solid solution grain boundaries 
was initially detected in an 8.1 pct alloy. Alloys 
with increasing additions of gold, in this region of 
the diagram, showed more extensive regions in 
which the parent phase, § solid solution, had par- 
ticipated in a solid-state reaction. In an alloy con- 
taining 12 pet Au, laminae were resolved at the 
grain boundaries at X500. These observations dis- 
closed the rapidity with which £B solid solution de- 
composition could proceed and qualitatively indi- 
cated that dissolution increased with additional gold 

Ingots containing 14 and 16 pct Au showed vary- 
ing amounts of solid-state decomposition depending 
on cooling conditions at the hearth after solidifica- 
tion. Some regions in a 16 pct Au alloy had the 
appearance of Fig. 1, but this micrograph is not 


TEMPERATURE * 


aTomic & GALD 


Fig. 13—Results of metallography in the composition range 
0 to 25 pct Au 


representative since small amounts of an inter- 
mediate phase were also observed in portions of the 
specimen. The solidus point was established at a 
composition of 15 pet Au from these considerations, 
and further verification was obtained from subse- 


quent isothermal heat treatment 


WEIGHT % GOLD 


Fig. 14—Results of met- 
allography in the com- 
position range 25 to 67 
pet Au. 
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Fig. 15-16 pet Au alloy, annealed at 
1300°C for 4 hr and water quenched. 
Equilibrium Ti,Au, bright etching, plus 
eutectoidal mixture. X500. Area re 
duced approximately 5 pct for repro 
duction 


duction 


Fig. 2 is representative of alloys containing 18 and 
20 pet Au which passed through a region of primary 
#8 plus liquid prior to final solidification of the resi- 
dual liquid as a eutectic mixture of £ solid solution 
and Ti,Au. Primary crystals of 8 show a completed 
eutectoidal reaction; the nature of f solid solution 
in the eutectic mixture is not certain. Fig. 3 gives 
evidence for a eutectic mixture occurring at 21 pet 
Au. In subsequent specimens the eutectic mixture 
and primary crystals of Ti,Au were observed, Fig. 4; 
a 25 pet alloy was essentially the first intermediate 
phase, Fig. 5. Some difficulty was experienced in 
preparation of Ti,Au, since ingots had a tendency 
to fracture into many pieces during cooling. A sec- 
ond eutectic mixture, Ti,Au and TiAu solid solution, 
was found at 33 pet Au, Fig. 6. A 38 pet alloy was 
almost entirely TiAu with small amounts of eutectic 
at the grain boundaries, Fig. 7. An extensive range 
of homogeneity, 40 to 52 pet Au, was found for the 
intermediate phase TiAu, and several samples on 
the titanium-rich side of the stoichiometric ratio 
gave pronounced evidence of coring. The third 
eutectic mixture in this partial phase diagram, TiAu 
solid solution plus TiAu,, Fig. 8, was at 60 pet Au 
The phase TiAu,, Fig. 9, can be readily identified 
with polarized light at X250 response upon 
rotation of the specimen stage is from violet to gray 

Annealed Microstructures—Results of the metal- 
lography of isothermally annealed specimens are 
presented in Figs. 10 to 14. Although the eutectoid 
decomposition in this particular binary system pro- 
ceeds with relative ease, Fig. 15 


color 


5, determination of 
the eutectoid temperature is not a difficult problem 
Eutectoidal decomposition of 8 produces a lamellate 
of «a and Ti,Au; prolonged heat treatment below the 
eutectoid temperatures results in a spheroidization 
of the Ti,Au lamellae which can be easily identified 
by microscope from the former mode of dispersion 
Equilibrium « was observed in both elongated and 
equiaxed form. Difficulty was encountered in de- 
termination of the a plus 8-8 boundary because 
equilibrium «@ was not equiaxed in form, see Fig. 16, 
and the possibility that small amounts of « had 
nucleated from 8 during the quenching procedure 
required consideration. The appearance of hypo- 
eutectoid and hypereutectoid alloys after heat treat- 
ment below the eutectoid temperature are typified 
in Figs. 17 and 18, respectively. Metallographic evi- 
dence of polymorphism in TiAu was observed in the 
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Fig. 16—1.9 pet Au alloy, annealed at 
855°C for 72 he and water quenched. 


Equilibrium « plus «’. 
duced approximately 5 pct for repro- 


Fig. 17—1.9 pct Au alloy, annealed at 
800°C for 336 hr and water quenched. 
Equilibrium « plus Ti,Au. X250. Area 
reduced approximately 5 pct for repro- 
duction 


X250. Area re 


matrix of an alloy containing 54 pet Au after an- 
nealing at 1200°C, Fig. 19. The bright-etching minor 
phase is TiAu,, and that which appears to be small 
black particles in the parent constituent is isother- 
mally formed TiAu,, out of focus, this specimen 
having been deeply etched with aqua regia. 
Incipient Melting—Microscopic appearance of in- 
cipient melting in titanium-rich alloys containing 
up to 24 pet Au varied considerably with composi- 
tion. Grain boundaries rounded off very rapidly in 
regions of liquid plus solid, Fig. 20. Results of heat 


treatment above 1300°C are given in Fig. 12 


Discussion 


Results of the present investigation are in sub- 
stantial agreement with the partial constitution dia- 
gram previously reported by McQuillan.” We have 


Table |. Analyses of Several Ti-Au Alloys* 


Actual Gold Content 


Nominal Gold Content, 


Atomic Pet Weight Pet 


Atomic Pet 


0.54 
0.85 
1.48 
1.93 
2.95 
3.95 
5 96 
6.97 
8.10 


26 63 


analysis of the minor 
corresponding 


tabulated chemical 
determination of the 
checks indicated agreement to 


* Verification of the 
was obtained by 


Random 


constituent 
titanium content 


stomic pet 


established the eutectoid temperature to be 832.5 

+3.5°C, as compared with a value of 830° +2°C de- 
termined by the previous investigation. There is 
concord concerning the eutectoid composition, 4.4 
pet Au. McQuillan reports the maximum solubility 
of gold in equilibrium a solid solution to be approxi- 
mately 3 pet Au as compared with the present 
authors’ result of 1.7 pet Au. There is good cor- 
relation for the temperature of the 8 solid solution/f 
solid solution plus Ti,Au boundary of the 5 pet Au 
alloy. However, we find this phase boundary to 
exist about 40°C higher for the 6 pet Au alloy than 
is shown in Fig. 1 of Ref. 6 
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2.17 
3.42 
5.81 
7.52 
11.13 
14.47 
17.59 
20.76 
| 23.57 


Fig. 18—10 pct Au alloy, annealed at 
700°C for 456 hr and water quenched 
Islands of Ti,Au plus matrix of a plus 
Ti,Au. X250. Area reduced approxi- 
mately 5 pct for reproduction. 


duction. 


Confirmatory evidence has been obtained for exist- 
ence of the intermediate phase TiAu, and the tita- 
nium-rich eutectic mixture in this region of the 
diagram reported by Raub et al.* Melting points for 
TiAu, differ. We have observed 1455” to be the open 


Table ||. Thermal and Mechanical History of Ti-Au Alloys* 


Maximum Time of Heat 


Temperature, °C Treatment, Hr 


1300 
1300 
1250 
1200 
1100 
1000 
800 
700 
600 
500 
400 


* Prior to isothermal heat treatment, the relatively ductile alloys, 
0.5 to 12 pet Au, were cold rolled. All alloys were homogenized at 
1000°C. Up to 25 pet Au, the homogenization time was 10 days. To 
prevent excessive loss of titanium, those alloys richer in gold were 
heated for only 3 to 5 days 


maximum temperature as compared with approxi- 
mately 1480°C shown in Fig. 8 of Ref. 5. Discrep- 
ancies exist concerning the temperature and com- 
position of the TiAu,-TiAu solid solution eutectic 
established by this investigation (1385°C, 60 pct 
Au) and the work of Raub and co-workers (1480°C, 
47 pet Au). These differences may be due in part to 
the methods of alloy preparation employed 


Summary 


Ti-Au alloys in the region of composition extend- 
ing from titanium to TiAu, have been studied metal- 
lographically. Observational evidence has been col- 
lected and summarized in the partial constitution 
diagrams and phase equilibria of Figs. 10 to 14 
The region of the phase diagram which has been 
investigated is characterized by three intermediate 
phases: Ti,Au, TiAu, and TiAu,. Of these, only TiAu 
exists over an appreciable range of composition, and 
the extent of solid solution homogeneity shows a 
marked temperature dependence. All nonterminal 
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Fig. 19—54 pct Au alloy, annealed at 
1200°C for 24 hr and water quenched. 
Bright particles and dark spots are 
TiAus, matrix is TiAu solid solution. 
Etched with aqua regia. X250. Area 
reduced approximately 5 pct for repro- 


Fig. 20—16 pct Au alloy, heated at 
1447°C for 10 min. Eutectic at grain 
boundaries, prior § grains show vari- 
ous degrees of decomposition. X250. 
Area reduced approximately 5 pct for 
reproduction. 


phases display open maximum-melting tempera- 
tures: Ti,Au, 1392°C; TiAu, 1490°C; and TiAu,, 
1455°C 

There are three eutectics. At the eutectic tem- 
perature, 1368 C, three phases in equilibrium are 
melt, 21 pet Au; £ solid solution, 15 pet Au; ana 
Ti,Au, 25 pet Au. A eutectic reaction which occurs 
at 1310°C involves melt, 33 pet Au; Ti,Au, 25 pet 
Au; and TiAu solid solution, 39 pet Au. The last 
eutectic is at a temperature of 1385°C, and phases 
involved are the melt, 60 pet Au; TiAu solid solu- 
tion, 53 pet Au; and TiAu,, 67 pet Au. Additions of 
gold lower the transformation temperature of tita- 
nium. At 832.5°+3.5°C a eutectoid reaction occurs in 
which £ solid solution, 4.4 pet Au, decomposes to a 
solid solution, 1.7 pet Au, and Ti,Au, 25 pet Au. The 
solid solubility of gold in equilibrium a decreases 
from 1.7 pet at the eutectoid temperature to less 
than 0.5 pet at 400°C 
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Correlation of the Tensile Properties of Pure 
Magnesium and Four Commercial Alloys with Their 
Mode of Fracturing 


Tensile tests were conducted on pure magnesium and on four commercial alloys over a 
variety of temperatures and strain rates. The high positive slope of the ductility vs testing 
temperature curves that is found over a short range of testing temperatures for these mate- 
rials was shown to result from the fact that the microstructure was not stable at these testing 
temperatures. Pure magnesium did not display a transition temperature, although its sub- 
room temperature ductility was low. This poor ductility resulted from a grain boundary weak- 
ness. The aluminum-bearing commercial magnesium alloys had a higher ductility than the pure 
magnesium. These alloys did exhibit a transition temperature and grain boundaries that were 
stronger than the grain material. Both pure magnesium and the commercial alloys began initiat- 
ing cracks at strains equal to one half of their fracture strain. 


by M. W. Toaz and E. J. Ripling 


AGNESIUM base alloys’ enormous potential as 

structural materials lies in their high strength 
to weight ratios. At present, the high strength mag- 
nesium base alloys such as AZ-80, which will be 
discussed later, have about as high a tensile strength 
to specific gravity ratio as the highest strength 
wrought aluminum alloy, 75S-T6, and, of course, a 
much higher strength to weight ratio than structural 
steel. Further, since the magnesium base alloys de- 
velop their high strength to weight ratios with mod- 
erate strengths and extremely light weights, the 
ratio of load carrying capacity to the weight of 
many structures is relatively higher for the mag- 
nesium base alloys than their strength to weight 
ratios would indicate. This results because judicious 
increases in section size, such as increasing the depth 
of bending members or adding reinforcing ribs, can 
frequently increase the weight of a structure linearly 
while the strength and stiffness increase as the sec- 
ond or third power of the added weight. Strength 
and rigidity must be designed into lightweight struc- 
tures by those techniques which establish multiaxial 
stress states. Consequently, strong, lightweight struc- 
tures frequently also possess a greater propensity 
toward brittle failures. In order to insure against 
these catastrophic failures, an extra premium must 
be placed on ductility and toughness in light alloys 
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Current knowledge of the ductility and toughness 
behaviors—notched behaviors—of magnesium base 
alloys is limited.* Most of the magnesium base alloys 

* The state of present knowledge regarding the effect of testing 
temperature on mechanical properties has recently been summar 
ized by Pritchard 
crystallize in the hexagonal system, so that they are 
expected to exhibit a tough and ductile to brittle 
transition temperature. Actually, a transition tem- 
perature behavior has been reported for commer- 
cially pure magnesium in the literature, but the 
characteristics of this transition temperature’ sug- 
gest that it may not be a transition in the usual 
meaning, but simply the onset of some thermal soft- 
ening, a performance much like that which face- 
centered-cubic lead might exhibit slightly below 
room temperature. If transition temperatures do 
exist, such important questions as the manner in 
which they are affected by internal variables such 
as chemical composition and grain size, or the effect 
of external variables such as rate of straining o1 
notch severity have never been investigated 

The investigation reported upon herein was under- 
taken in order to define some of the mechanical be- 
haviors of the magnesium base alloys better, to gain 
a better understanding of the influence of some of 
the above listed variables, and particularly to under- 
stand their effect on ductility and toughness better 


Material and Procedure 
Material—Pure magnesium and four commercial 
alloys were used in this investigation. The alloys 
were selected so that chemically they made up a 
series with approximately the same minor alloying 
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PURE MAGNESIUM~ASTM GRAIN SIZE 55 


Fig. — Microstructure and 
ASTM grain size of pure mag 
nesium and the four commer 
cial magnesium base alloys are 
shown. Grain size is given by 
the comparison method. Speci 
mens were etched with acetic 
picral etch. X300 Area re 
duced approximately 30 pct for 
reproduction 


AZ-6I 


element contents, zinc and manganese, and increas- 
ing aluminum contents, as shown in Table I. The 
pure magnesium and the alloys were supplied by 
the Dow Chemical Co diam rods. All tests 
were conducted on the material in the as-exrtruded 
condition, since this is the condition in which the 
alloys are most generally used. For microstructure 
and ASTM grain size of the alloys see Fig. 1 


as Oy in 


Table |. Composition of Commercial Alloys, Pct 


Element’ Pure Mg Ava 


8.60" 
0 69" 
0 25 


671 
0.81 


029 


2.931 
0.95" 
0.45 


0 004 
0.02 
0.0037 
0.01 
0.0002 
0 0065 
0.0001 
0.0006 
0.010 
0.001 


0.03 
0.86 
0.12 
001 
0 0035 
0.0026 
0.001 
0.003 
0.01 

<001 


0019 
0 0090 
0.0007 


0.003 
0.0010 
0 0006 
0 002 0 002 
0.05 0.05 
0.01 


0.003 
0.0014 
0.0006 
0.008 

0.01 


* These analyses were supplied by the Dow Chemica! Co 


' Chemical analyses; otherwise spectrographic 


LB JS 
7 


z-1 ASTM GRAIN SIZE 60 


ASTM GRAINSIZE 8.0 


Procedure—Al]| tests at the two slowest strain 
rates, 0.05 in. per min and 10 in. per min movement 
of the test machine head, were conducted on a hy- 
draulic tensile machine with the aid of a special 
loading device that produced an eccentricity, dis- 
tance between loading and specimen axes, of less 
than 0.001 in. Tests at 100 in. per min were made 
by adapting a hydraulic drawbench to tensile strain- 
ing, and tests at 19,000 in. per min were conducted 
on a specially adapted drop hammer. The eccentricity 
developed during testing at the two high strain rates 
probably was considerably in excess of that 
veloped at the slow strain rates 

The testing temperature for the two slower strain 
rates was maintained by placing a refrigerator or 
furnace around the specimen. The temperature was 
controlled by means of a thermocouple attached to 


de- 
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ASTM GRAIN SIZE 65 


AZ-60 ASTM GRAIN SIZE 65 


testing at the two higher strain 
the test specimen and adapters were cooled 
or heated in an auxiliary refrigerator or furnace 
After the specimen and adapters reached the prope: 
temperature, they were placed in the testing equip 
ment and strained so that the time interval between 
removal from the refrigerator and the 
actual straining was approximately 4 sec 

Ductility was determined by calculations based on 
the specimen diameter and test length, as measured 
on an optical comparator, before and after testing 
The types of test specimens used in the investigation 
are shown in Fig. 2 


the specimen. For 


rates, 


furnace ot 


Tensile Test Results 
Testing Temperature as a Variable —The 
strength, elongation, and contraction in area obtained 
at a slow strain rate are shown as a function of the 


tensile 


BUTTON 
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Fig. 2—Test specimens are illustrated 
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Fig 3-—Tensile properties and microstructures of pure mag 
nesium tested at a slow strain rate and at a variety of tem 
peratures are shown 


60° 
8 so} 


40) 


0 200 400 600 
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Fig. 4—Tensile property and testing temperature behavior of 
Z.1 at a slow strain rate are plotted 


testing temperature in Figs. 3 to 7 for the five mate- 
rials investigated. The 0.212 diam specimens, see 
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100 PS) 


TENSKE STRENGTH 


200 400 600 800 1000 
TESTING TEMPERATURE 

Fig. 5—Tensile property and testing temperature behavior 


of AZ-31 at a slow strain rate are plotted 


Fig. 2, were used for all tests unless otherwise noted 
At the low testing temperatures, a considerable 
number of the three hard alloy specimens broke 
outside of the reduced section. These undesirable 
fractures were eliminated by the use of 0.150 in 
diam specimens for tests on the harder alloys at low 
temperatures 

The curves shown in Figs. 3 to 7 have been re- 
plotted in Fig. 8 so that the tensile properties-testing 
temperature behaviors of the alloys could be com- 
pared. In Fig. 8, the tensile strength-testing tem- 
perature curves exhibit distinctly different shapes 
at low and elevated temperatures, although there is 
some question as to whether or not this is the case 
for the Z-1 alloy. The three aluminum-bearing 
alloys show an abrupt change in the slope of their 
tensile strength-testing temperature curves in the 
vicinity of +150° to +200°F, while pure magnesium 
shows the abrupt change at about —50°F. This is 
approximately the same temperature range in which 
the ductility-testing temperature curves begin their 
rapid rise with increasing temperature, suggesting 
the possibility that the modes of deformation above 
and below this testing temperature are different 
The difference in contour of fractured specimens 
strained to failure at low and very high tempera- 
tures suggested that the deformation might have 
been largely viscous—hot working—at very high 
temperatures while the test pieces are flowing pri- 
marily plastically at low temperatures. The abrupt 
change in rate at which the tensile strength drops 
with increasing testing temperature may be the re- 
sult of the onset of partial viscous flow 

To ascertain whether the fast ductility rise and 
strength drop at temperatures above ambient re- 
sulted because the metals were not structurally sta- 
ble at these temperatures or whether it was normal 
transition temperature, some of the fractured speci- 
mens were examined microscopically. The grain 
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Fig. 6—Tensile property and testing temperature behavior of 
AZ.-61 at a slow strain rate are plotted 


shapes found in the fractured pure magnesium speci- 
mens indicated that the material was being cold 
worked below room temperature, while the metal 
was recrystallizing during the test at temperature 
above room temperature, as shown by the micro- 
graphs in Fig. 3. An examination of fractured AZ-80 


specimens showed precipitation at the grain bound- 
aries and on crystallographic planes which first be- 
+200°F, Fig. 7 


came evident on straining at about 


At 200° ond 300°F, the precipitate appeared to form almost 
entirely on crystallographic planes. At 400°F and above, the pre 


cipitation formed almost exclusively in the grain boundaries 


Testing above this temperature increased the amount 
of precipitate, while testing at lower temperatures 
did not seem to produce any strain-induced pre- 
cipitate. Since the temperature at which the metals 
first became microstructurally unstable correspond 
to the temperatures at which the ductility begins it 
rapid rise and the strength abruptly begins its rapid 
decrease, both of these mechanical behaviors may be 
ascribed to a thermal instability during the test 
Consequently, the ductility rise at elevated tem- 
peratures Is not a transition temperature behavior, 
and pure magnesium does not exhibit a transition 
temperature, at least not in excess of —321°F. Since 
the unalloyed metal only has about 3 to 5 pet duc- 
tility at the lowest testing temperature, it may be 
concluded that even if a transition temperature doe 
exist, the ductility level at super and subtransition 
temperatures cannot be significantly different 
Adding alloying elements to pure magnesium in- 
strength and ductility over a rather 
ubroom temperatures. Over much of 


creased both it 
wide range of 
this subroom temperature range the three aluminum 
bearing alloys have the highest ductility of the five 
alloys studied. An abrupt ductility drop occurs in 
these three strongest alloys at temperatures below 

150°F, however. Since this is a temperature range 
in which no microstructural changes take place in 
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TENSILE STRENGTH — 


TEMPERATURE 

Fig. 7—Tensile properties and microstructures of AZ-80 
magnesium tested at a slow strain rate and at a variety of 
temperatures are shown 


the alloys, see photographs in Fig. 7, it must be con- 
cluded that this is a transition temperature. The 
addition of the aluminum makes it possible for these 
alloys to develop transition temperatures by increas- 


0 200 400 600 wor 
TESTING TEMPERATURE °F 
Fig. 8—Comparison is made of the tensile property and test 
ing temperature behavior of the commercial alloys at a slow 
Strain rate 
ing the ductility of the harder alloys over that found 
in either the unalloyed magnesium or the Z-1. Ap 
parently these latter materials suffer from some im 
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Fig. 9—Tensile properties of pure magnesium as a function of Fig. 12—Tensile properties of AZ-61 
strain rate are plotted rate are plotted 


STRAIN RATE IN/ MIN STRAIN RATE IN/ MIN 


10 Tensile properties of Z-1 as a function of strain Fig. 13—Tensile properties of AZ-80 as a function of strain 


Fig 
rate are plotted. 


rate are plotted 


60) 


4i—— o--——- 


so! LJ 
40, rT Fig. 14—Elongation 


é, as a function of test- 
plotted for several 

commercial magne. 
sium-base alloys 
tested at a strain 
rate of 100 in. per 
min movement of 
test machine head. 


10 
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Fig. 11—Tensile properties of AZ-31 as a function of strain 
TESTING TEMPERATURE 


rate are plotted 
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pediment which prevents the development of a suf- 
ficiently high ductility to allow them to undergo a 
transition. This impediment will be shown in a 
later section to be a grain boundary weakness. It 
is interesting to note that the transition temperature 
for all three of the alloys is the same Increasing 
the hardness by aluminum additions appears simply 
to raise and then lower the entire ductility level at 
temperatures in the vicinity of room temperature 
and below. The elevated temperature behaviors. of 
course, depend upon the thermal stability of the 
alloys, among other variables. It must be mentioned 
that the alloys differ not only in aluminum content, 
but also in grain size. The highest aluminum alloy, 
which is the one that might be expected to show 
the highest transition temperature, also possesses 
the coarsest grain size of the aluminum-bearing 
alloys. Since the large grain size, like the high alloy 
content, would be expected to elevate the transition 
temperature, the grain size and composition effects 
probably complement each other, indicating that 
neither composition nor grain size variation over a 
wide range are very influential so far as transition 
behaviors are concerned 

In Pritchard’s recent correlation of the available 
data on the effect of testing temperature on the 
mechanical properties of wrought magnesium alloys, 
all of the magnesium base materials showed a sharp 
ductility rise at moderately high testing tempera- 
tures of the type that is ascribed herein to a thermal 
or microstructural instability. Further, the data on 
pure magnesium given by Haughton and Prytherch' 
and Vosskuhler’ also showed the low ductility at 
liquid air temperatures to persist up to approxi- 
mately room temperature, after which the ductility 
again rose abruptly. The abrupt change in slope of 
the tensile strength-testing temperature curve found 
in the harder alloy at about +150° to +200°F was 
never unequivocally shown for any of the alloys be- 
cause a sufficiently large number of tests were never 
conducted in any test series in these earlier studies 
Although an abrupt ductility drop at low tempera- 
tures, indicating a transition temperature behavior, 
was found only with AZ-61,° this again is attributed 
to the fact that only a few tests were conducted in 
any one test series. 


IN AREA 
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Fig. 15—Contraction 
in area as a function 
of testing tempera 
ture is plotted for 
several commercial 
magnesium bose 
alloys tested at a 
strain rate of 100 in 
per min movement of 
test machine head 
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avr 
Fig. 16—Arrhenius 
type plot of the 
values of transition 
temperatures for a 
number of metals is 
given: steel, zinc,” 
and molybdenum, 
heel of transition 
temperature curves, 
magnesium sheet, 0.2 
pct Pb, 0.02 pct Fe; 
and commercial mag 
nesium, knee of tran 
sition temperature 


- 
SEVERE 


w 


" 


* TEST 


Fig. 17—Elongation 
of a magnesium 
sheet, 0.2 pct Pb 
and 002 pet Fe, as 
a function of strain 
rate and testing 
temperature is 
plotted.’ 


TEMPERATURE 


Rate of Straining as a Variable-—-Not only were 
the tensile properties defined as a function of testing 
temperature, but these properties were defined as 
a function of strain rate as well. By conducting some 
tests at room temperature and at one low tempera- 
ture Over a variety of strain rates, and other tests 
at a single high strain rate with a variety of testing 
temperatures, the dependence of tensile properties 
on testing temperature and strain rate could be 
completely defined 

The room temperature and 


110°FY tensile 


i These testing temperatures were selected for testing convent 
strength, elongation, and contraction in area of the 
pure magnesium and the four commercial alloys 
are shown in Figs. 9 to 13 as a function of strain 
rate. In order to define the dependence of ductility 
on testing temperature and strain rate more com- 
pletely, the elongation and contraction in area vs 
testing temperature curves were also obtained for 
these materials at a strain rate of 100 in. per min 
movement of test machine head, Figs. 14 and 15.8 

Sit was rather surprising to find that low temperature tests at 
this high strain rate, where little effort was made to produce a high 
degree of concentricity of loading, resulted in no head breaks of the 
0212 in. diam specimens 
It is interesting to note, on comparing Figs. 14 and 
15 with Fig. 8, that increasing the strain rate raised 
the transition temperature the same amount, from 
about 150° to —100°F, for all the alloys, so that 
again the transition temperature appeared inde- 
pendent of the composition or grain size of the alloy 

The most striking feature of the data in Figs. 9 to 
15 is the fact that elevating the transition tempera- 
ture by increasing the strain rate in the aluminum- 
bearing alloys is not at all damaging to the metal’ 
ductility. Although the transition has been moved 
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Fig. 18—Micrographs show fractured pure magnesium specimens strained at a variety of strain rates and temperatures. Speci 
mens were etched with 5 pct acetic in HO etch. X300. Area reduced approximately 35 pct for reproduction 


to a higher temperature, the general increase in 
ductility level at the high strain rates is more than 
enough to offset this. For the three hard alloys, 

110 F is a supertransition temperature at the slow 
train rate, and a subtransition temperature at the 
high strain rate, yet in no case is the ductility 
harmed by the high strain rate. This behavior, of 
course, is quite unlike the transition temperature 
found in other products. Steel, for example, is ex- 
tremely strain rate sensitive when tested in the 
vicinity of its transition temperature,’ as is zinc” and 
molybdenum,” Obviously, the occurrence of a transi- 
tion temperature in magnesium base alloys cannot 
be considered as damaging as it is in other products 

Despite the fact that the absolute ductility level 
is not impaired by the movement of the transition 
temperature to higher temperatures, it is interesting 
to define the influence of strain rate in locating the 
transition temperature. Wittman and Stepanov 
suggested that the position of the transition tem- 
perature curves depended on the strain rate in such 
a way that they were linearly related on Arrhenius 
coordinates, that is, a plot of the logarithm of the 
strain rate as a function of the reciprocal of the 
absolute temperature yielded a straight line. Al- 
though only two points were available from the 
curves of Figs. 8 and 15, the strain rate sensitivity 
of the transition temperature in the magnesium base 
alloys is seen to be considerably less than that of 
steels and somewhat less than that of unalloyed 
molybdenum, but greater than that of commercially 
pure zinc, Fig. 16. Greenwood, Miller, and Suite: 
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determined the elongation at various strain rates for 
a Magnesium sheet containing 0.2 pet Pb and 0.02 
pet Fe." Marked evidence of a transition tempera- 
ture was exhibited by this material, as shown by 
their results in Fig. 17.°* An Arrhenius plot of theu 
** Although the temperatures at which these curves are most 
positive are about the same as those at which the commercial alloys 
used in the present investigation were microstructurally unstable 
the micrographs presented by Greenwood, Miller, and Suiter indicate 
that these alloys were stable 
data indicated that the strain rate dependence of the 
transition temperature was the same as obtained for 
the commercial alloys in this project, Fig. 16 


Microscopic Investigation 

It may be concluded from the foregoing discussion 
of the tensile properties of the magnesium base alloys 
that the performance of these materials is not greatly 
harmed by adverse straining conditions. Actually, 
low testing temperatures and high strain rates are 
not as damaging to these alloys as they are for most 
other non-face-centered-cubic materials. The great- 
est shortcoming of the magnesium base alloys ap- 
pears to be their moderate ductility under ideal 
straining conditions—slow, uniaxial tension at room 
temperature 

Examination of Fractured Specimens——In an at- 
tempt to find the basis for this poor behavior, the 
microstructures of a number of the fractured speci- 
mens of the alloys whose mechanical properties have 
been given were examined. Specimens strained to 
failure at a variety of strain rates and testing tem- 
peratures were examined to gain some insight into 
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Fig. 19—Micrographs show fractured AZ-80 magnesium alloy specimens strained at a variety of strain rates and temperatures 


Specimens were etched with 5 pct acetic in H.O etch. X300. Reduced by the author approximately 45 pct; area reduced approxi 
mately 35 pct for reproduction 


the fracturing mechanism by an observation of the 
metal in the vicinity of the fractured surface 

The alloys lent themselves to such a study, be- 
cause in addition to the main fracture which led to 
eventual failure, a large number of side cracks o1 
cavities were formed in these alloys. It was assumed 
that an examination of these smaller cavities in the 
vicinity of the main fracture which led to failure 
would indicate the manner in which the primary 
crack originated 

The microstructures of some of the fractured pure 
magnesium specimens are shown in Fig. 18, with tie 
lines indicating both the conditions under which the 
specimens were strained and the ductility possessed 
by the fractured specimens 

All of the test pieces which were not completely 
recrystallized showed grain boundary cavities. There 
was no evidence of intragranular cavities, even for 
specimens tested at the lowest temperatures and 
highest strain rates available, although these are the 
testing conditions that most generally lead to trans- 
granular fractures. Intergranular cavitation was 
found in all directions to that of the applied load, 
but there was a prevalence of cavities which had a 
large component perpendicular to that of the tensile 
stress axis 

Examination of the Z-1 alloy also revealed a pre- 
ponderance of grain boundary cavities, although 
there is the possibility that intragranula! 
cavities might be present in the specimens of thi 
alloy as well 


some 
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Pure magnesium and the Z-1 specimens which 
were tested at an elevated temperature, +400°F, at 
low strain rate, under which condi- 


were extremely ductile, also ex- 


either a high or 
tion the specimen: 
hibited cavities a 
top of Fig. 18 
Under thi 
were all long and narrow, with their long direction 
parallel to the direction of the 
The width of these sug- 
formed by a separation of two un 
early in the strain life of the 
their width decreased and 
in proportion to the overall 
pecimen. If this is the case, 
form at all temperatures and 


more or les peci 


mens’ extension cavities 
gests that they 
recrystallized grain 
after which 
length increased 
hape change of the 

intergranular cavitie 


in pure magnesium and Z-1 alloy, but 


pecimen, 
their 


train rates 
the 
verse 


in a direction tran 

under the 
Thi 
high 
tempera- 


cavities are able to grow 
to that of the applied stre only 
which produce low ductility 
difference ductile 


testing condition 
uggests that the 
temperature deformation and brittle 
ture deformation is determined mainly by the man- 
ner in which the cavities grow 

It was difficult to develop a good grain boundary 
definition of the strained AZ-3] o that 
the location of the cavities, inter or intragranular 
was difficult to ascertain for this alloy 

The two hard commercial 
alloy that 
The micro 


between 
low 


pecimen 


microstructures of the 
AZ-61 AZ-80 


cracking or cavitation was intragranular 


and indicated 
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Fig. 20-—Crack formation in pure magnesium specimens strained slightly less and slightly more than required to form the first 
microcrack at three different temperatures is shown in micrographs. Specimens were etched with 5 pct acetic acid. X300. Area 


reduced approximately 25 pct for reproduction 


structure of a number of fractured AZ-80 specimens 
is shown in Fig. 19. In these alloys, again, the posi- 


tion of the cavities did not appear dependent on the 


straining condition for those specimens that did not 
allize or produce a grain boundary precipitate 
during the test 

In the preceding discussion of the mechanical 
properties of pure magnesium and Z-1 alloy, it was 
suggested that some impediment exists that hinders 
the development of a ductility sufficiently high at 
room and subroom temperatures to allow these 
metals to produce a transition temperature. Appar- 
ently this impediment is a weakness of the grain 
boundaries over a wide range of straining conditions 

Examination of Prestrained Specimens —Since the 
fracturing behavior of the magnesium alloys 
appears to be so strongly dependent on the above 
described inter and intragranular cavities, a series 
of pure magnesium—intergranular cavitation—and 
AZ-80 alloy—-intragranular cavitation—specimens 
were stretched different amounts at a variety of 
temperatures, after which the stretched pieces were 
vectioned and microscopically examined for cracks 
The microstructures of a few of the stretched pure 
magnesium specimens are shown in Fig. 20, while 
the structures of a few of the AZ-80 specimens are 
shown in Fig. 21. The deformation necessary to pro- 
the first visible crack is shown as a function of 
‘sting temperature in Fig. 22 
magnesium cracks at about one half of its 
ductility at temperatures from the lowest 
investigated, 321°F, to approximately room tem- 
perature. At elevated temperatures, a considerably 
smaller portion of the total strain is used to initiate 
cracks, while the added deformation in the presence 
of the crack is quite large 

The AZ-80 appeared to initiate cracks consistently 
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at one half of its fracture ductility at all testing 
temperatures. 

Surface cracks were formed in both alloys at about 
the same strain as that at which visible interior 
cracks were formed. 

The intergranular cracks found in pure magnesium 
in this investigation were different in two respects 
from those which Greenwood, Miller, and Suiter 
found to form at somewhat higher temperatures in 
a brass, copper, and a magnesium alloy. The cracks 
that these authors described were not smooth sided, 
nor were they generally one grain long. The cavities 
described by these authors appeared to form around 
some subgrain structure rather than around a com- 
plete grain. Further, they found that failure occurs 
soon after cavities appear, while in this investigation 
the ductility in the presence of cavities was quite 
high 

Conclusions 

1) Pure magnesium does not exhibit a 
transition temperature, at least not above —321°F. 
At —321°F, the ductility of the metal is so low, 3 to 
5 pet, that if a transition does exist below this tem- 
perature, the difference between sub and super- 
transition behaviors would be slight 

2) The aluminum-bearing commercial alloys, 
AZ-31, AZ-61, and AZ-80, do exhibit a transition 
temperature, although the occurrence of a transition 
temperature in these alloys is not as damaging as in 
most other met 

3) The ductility of all of the 
abruptly with increasing testing 
temperatures slightly above ambient 
rise results from a microstructural 
crystallization, etc., during straining 
at the testing temperature 


tensile 
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alloys increases 
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This ductility 

instability 
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yeti. J \ f VW ty 1¢7 S f 
. b—2.4 pct strain; stretched at —321°F c—3.4 pct strain; stretched at —110°F. 
: 


d—10.4 pct strain; stretched at room 
temperature 


c—8.5 pct strain, stretched at room 
temperature 


23.1 pct strain; stretched at 4 400°F 


Fig. 21—Crack formation in AZ-80 specimens strained slightly less and slightly more than required to form the first microcrack 
at three different temperatures is shown in micrographs. Specimens were etched with 5 pct acetic acid. X300. Area reduced ap 


proximately 25 pct for reproduction 
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CONTRACTION 


200 
TESTING TEMPERATURE 
Fig. 22—Comparison is made of strain necessary to initiate 
first visible crack with fracture ductility as a function of 
testing temperature for pure magnesium and AZ-80 
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4) The poor ductility of pure magnesium, and 
possibly of the Z-1 alloy, at subzero temperatures 
results from a grain boundary weakness that pro 
duced intergranular cracking at small strains. Crack- 
ing in the more ductile aluminum bearing alloys, 
AZ-31, AZ-61, and AZ-80, is intragranular 


5) So long as the metals are structurally stable 
at the testing temperature, the type of cracks that 
form on deformation are independent of the tem- 
perature and strain rate, and are dependent only on 
the alloy composition : 


6) Cracks were formed in the metals on high 
temperature straining, but these cracks grew in a 
direction parallel, rather than transverse, to the 
applied stress 


7) In general, the strain necessary to initiate a 
crack was equal to one half the fracture strain of 
the metal 
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tween radius of curvature and density of dislocations (, = 


Densities and distributions of dislocations in plastically bent germanium crystals before and 
after annealing were studied. In the bent and annealed crystals, the theoretical relationship be- 


Dislocations in Plastically Bent Germanium Crystals 


. ) is confirmed. Before annealing, 
rb 


however, more dislocations are present than required, and these are distributed with a minimum at 
the neutral axis and maxima at the top and bottom surfaces. On annealing, three significant changes 
occur in the bent bars: 1) the average dislocation density is reduced, presumably by the annihila- 
tion of opposite signs; 2) dislocations migrate from the high density outside regions toward the low 
density neutral axis, thus producing the equilibrium distribution of dislocations; and 3) a polygonized 


TCHING to reveal edge dislocations'* offers a 

unique opportunity to study, in germanium sin- 
gle crystals, the functioning of dislocations in plastic 
deformation. Plastic bending is ideally suited to this 
purpose because it produces a static array of edge 
dislocations in an ideally plastic material which is 
predictable from the theory.’ Nye® has given a 
rather complete treatment of the geometry of bent 
crystals in terms of dislocations. The density of ex- 
cess dislocations is related to the radius of curvature 
of the slip plane of a bent crystal, as shown in Fig 
1, assuming the absence of macroscopic elastic 
stresses. The curvature of any plane in the zone of 
the bend axis is found by resolving the Burgers vec- 
tor into that plane, so that for the usual case where 
the slip plane is inclined at some angle @ to the neu- 
tral plane of the bar, the equation 


l 
[1] 


rb-cos@ 


applies, with r equal to the radius of curvature of 
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structure is formed by movement of the dislocations into walls normal to the slip plane. 


by F. L. Vogel, Jr. 


Fig. |—Bending pro 
duced in simple cubic r 
lattice by edge dis 
locations: p 
density of edge dis 
locations, r 

radius of curvature 
of slip plane, and 


b Burgers vector ob 


the neutral plane of the bent crystal. Two predic- 
tions which are relevant to this study may be made 
from Eq. 1. First, in crystals bent to various radii, 
the average excess dislocation density is inversely 
proportional to the radius and second, for a bar bent 
to a radius which is large compared with its thick- 
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> 


Fig. 2—Orientation of active slip system in single crystal 
bars used in the present investigation 


Fig. 3—Diagram illustrates bending apparatus 


ness, the dislocation density should be uniform 
across the bar 

The requirement that macroscopic elastic stresses 
be absent in the bent crystals may be satisfied by 
annealing for extended 
where the yield strength of the material is very low. 
Therefore, Eq. 1 was tested experimentally by 
bending small germanium crystals to various radii, 
annealing, and measuring the resulting dislocation 


densities 


Experimental 
Single crystal bars of germanium having 0.15x0 15 
cm sq cross sections, 3.2 em long, were cut and then 
surface ground by hand with 600 mesh Carborun- 
dum. These operations could be performed without 
uperficial damage because germanium Is 
completely brittle at room temperature The crys- 


more than 


tals were oriented as shown in Fig. 2 with the (111) 
slip plane inclined at 42° to the neutral plane and a 

110> slip direction at 42° to the neutral axis. This 
orientation was selected for two reasons: 1) slip 
on only one set of glide planes can occur on bending, 
and 2) the edge dislocations produced lie parallel 
to the <112> bend axis, which simplifies analysis 

The bars were deformed in an apparatus shown 
schematically in Fig. 3. Each specimen rested on 
graphite end blocks 3 cm apart and was heated by 
the passage of an electric current controlled by a 
Variac. Heating of the specimens was necessary to 
raise their temperature to the vicinity of 550°C, 
where germanium is easily deformed. A static load 
was applied through a pair of steatite knife edges 1 
cm apart. A simple beam loaded in this manner has 
a uniform shear stress and will therefore bend into 
a circular arc between the loading points. The de- 
flection was measured on a dial gage and was used 
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times at a temperature 


to calculate the radius of curvature of the bars, as- 
suming that the central section was an are of a circle 
and the outside sections were straight. In executing 
the experiments, specimens were placed on the 
graphite blocks, the loads applied, and the tempera- 
tures increased until the predetermined deflections 
were obtained. Each bar was at the elevated tem- 
perature for less than 1 min. In this manner, four 
bars were bent to radii of 3.4, 5.2, 14.3, and 28.2 cm, 

The intersection of an edge dislocation with a 
{111} surface of a germanium crystal can be made 
visible as a conical pit by polish-etching with CP-4.’ 
Therefore, each crystal was cut to expose the (111), 
which is almost normal to the <112> bend axis, 
by means of an optical goniometer adapted for cut- 
ting and grinding. The specimens with (111) faces 
exposed were then mounted in Bakelite and polish- 
etched in CP-4 to reveal the edge dislocations, A 
series of contiguous micrographs at X1000 running 
normal to the neutral axis was taken on each speci- 
men. The local dislocation densities were measured 
as functions of distance from the neutral axis by 
counting the number of dislocation etch pits on the 
micrographs in 2.5x2.5 cm areas located at about 10 
cm intervals. Dislocation densities on (111) were 
then corrected to densities on (112) by dividing by 
cos 19 0.946. No correction for the dislocation 
density present prior to deformation was required 
since the density observed on {111} in undeformed 
germanium crystals is typically ~10° per cm’, where- 
as all of the densities encountered in this investiga- 
tion were in excess of 10° per cm’ 

The specimens which were used in examining the 
as-bent state could not be used for the annealing 
experiments, since they could not be removed from 
their Bakelite mountings. Therefore, seven addi- 
tional crystals were bent as before to radii ranging 
from 5 to 20 cm, and were subsequently annealed in 
vacuum for 3 days at 800°C. After annealing, each 
specimen was ground to expose (111), mounted, 
polish-etched in CP-4, and examined for dislocation 
density in the same manner as the bent samples 


Results and Discussion 
A section on (111) of a typical bent crystal etched 
to reveal the edge dislocations is shown in Fig. 4 
The dislocation etch pits are aligned in the traces of 
However, the distribu- 
normal to the neutral axis is not 


the active (111) slip planes 
tion of dislocation 
that predicted by Eq. | for the bending of an ideally 
plastic material. In the bent crystal shown there are 
almost no dislocations along the neutral axis, signi- 
fying that there is no plastic deformation along the 


Fig. 4—Micrograph 
shows dislocation 
etch pits viewed on 
(111) face of ger 
manium crystal bent 
around {112} axis 
to radius of 14.3 
cm; CP-4 polish 
etch. Dislocations 
are aligned in traces 
of active slip plane 
Neutral axis of bar 
lies along bottom 
edge. X150. Area 
reduced approx 
mately 25 pct for 
reproduction 
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‘ “Fig. 5—Observed 
dislocation densities 
¢ as a function of 


distance from neu 
\ 
\ 


radii of curvature 
of bent and un- 
annealed bars 
neutral axis. At increasing distances normal to the 
neutral axis the density of dislocations increases in 
correspondence with the strain. This distribution 
was found in all of the bent crystals, as shown in 
Fig. 5. The form of this distribution is explained 
with reference to Fig. 6. In Fig. 6a the total strain, 
«,, 18 assumed to be roughly proportional to the dis- 
tance normal to the neutral plane. The elastic strain, 
«., Curve is similar in shape to the stress-strain curve 
for the material. The difference in strain between 
these two curves at any point is the plastic strain at 
that point. The form of the plastic strain vs distance 
from the neutral axis curve is given by Fig. 6b as 
obtained from Fig. 6a. Assuming that all of the dis- 
locations are of the same sign, the plastic strain at 
any point is proportional to the number of disloca- 
tions which have glided through that point. There- 
fore, the slope of the plastic strain curve at any 
point is proportional to the dislocation density, or 
Fig. 6c is derived from Fig. 6b by differentiation. 
The same type of dislocation distribution in a bent 
crystal is deduced from this analysis, as was found 
experimentally. The fact that all of the dislocations 
are not of the same sign does not destroy the quali- 


—_ 


ON 


fe 


3 
) 
PLAST STRAIN 
— — — of 
(hy) 
DISLOCATION DENSIT 
¢ 


Fig. 6—Schematic representation of several parameters in 
bent crystal beam: a) total strain, «,, and elastic strain, «., 
as o function of distance normal to neutral axis, C; b) plastic 
strain, «,, a8 @ function of distance from neutral axis, C; 
and c) dislocation density, », as a function of distance from 


neutral axis, C 
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Fig. 7—Micrograph 
shows dislocation 
etch pits on (111) 
face of crystal bent 
to radius of 5 cm, 
then annealed 3 days 
at 800°C. Disloco- 
tions are aligned in 
traces normal to the 
active slip plane. 
Neutral axis of beam 
lies along bottom 
edge. X250. Area 
reduced approxi- 
mately 25 pct for 
reproduction. 


tative conclusions of this treatment. The presence of 


residual elastic stresses prevents the equilibrium 
case described by Eq. 1 from obtaining 

Measured average dislocation densities of the 
bent bars were consistently higher than the values 
predicted for pure plastic bending, as shown in 
Table I. This discrepancy is attributed to the pres- 
ence of dislocations of the minority sign which are 
trapped inside the crystal and are thus counted. At 
the earliest stage of plastic bending, the dislocation 


Table |. Average Dislocation Densities in Bent Crystals 
Calculated 
Density Observed 
of Excess Density of 
Kadius of Dislocations, Dislocations, 
Bend, Cm 1” per Cm 1” per Cm 
i4 78 12.8 
52 64 96 
14.35 19 5.6 
28.2 09 2.3 


sources at the surface of the beam operate because 
the stress is greatest there. As the material at the 
outside deforms, sources farther in become active 
when their critical stresses are exceeded. Minority 
sign dislocations from sources nearer the neutral 
axis having a greater distance to travel are more 
likely to be retained in the bar and be counted. 

On annealing, several striking changes are appar- 
ent by comparing Fig. 7 with Fig. 4. The dislocation 
density distribution is completely changed after an- 
nealing to one in agreement with Eq. 1. This change 
requires that the dislocations on the high density 
outside regions of the bar migrate to the neutral 
axis where the density was low. Further, after an- 
nealing, it is observed that the dislocations are no 
longer aligned in the slip planes, but have climbed 
into polygonized arrays normal to the slip plane. 
This observation of migration and polygonization 
demonstrates in a convincing way the mobility of 
dislocations at elevated temperatures 

A third change on annealing is not as obvious 
from comparison of the micrographs. The average 
dislocation densities of the bent crystals are reduced 
to values which are in good agreement with those 
predicted by the theory for pure plastic bending, as 
shown in Fig. 8. This reduction must occur by an- 
nihilation of dislocations of opposite sign until only 
those of the majority sign remain. Thus, the simple 
situation described by the theory is obtained after 
the annealing, which removes the residual elastic 
stresses and the minority sign dislocations 
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Fig. 8—Dislocation 
density as a function 
of radius of curvature 
for bent and an- 
nealed germanium 
crystals. Solid line is 
plot of Eq. 1, open 
circles are data 
points. 


A mechanism which will produce an array of 
edge dislocations which satisfies the forces imposed 
by bending may be described as follows:* When a 
a mechanism was arrived at in discussion with J. N. Hob 
ste er 
bending couple is applied to a single crystal beam, 
the shear stress on a given slip plane inclined to the 
neutral plane is opposite in sense on opposite sides 
of the neutral plane. This shear stress is zero at the 
neutral plane and rises to a maximum at the outside 
surfaces of the beam. As the bending moment is in- 
creased, a critical stress is reached for the operation 
of dislocation generators such as the Frank-Read 
sources, Dislocation rings having edge and screw 
orientations of both signs then emanate from the 
source, a and b in Fig. 9. The ring expands under the 
influence of the applied stress, the edge orientation 
of one sign and the screw orientations of both signs 
moving to the outside surfaces of the bar, where 
they are rejected. This leaves segments of edge ori- 
entation of the sign, c, d, and e in Fig. 9, which are 
moved inward by the shear stress on the slip plane 
They move toward the neutral axis to the point 
where the stress can no longer support their motion 
Thus, by rejection of certain parts of the dislocation 
ring, an excess Or majority of edge dislocations ot 
the sign which accommodates the bending imposed 
by the applied forces is produced 


Conclusions 
1) In bent and annealed germanium single crys- 
tals the observed dislocation density agrees with 
l 
that given by the derived relationship p 


r-b 


2) Prior to annealing, dislocations of both signs 
are present in the bent bars. They are distributed in 
an array determined by the plastic strain 

3) On annealing, three changes occur: a) there ts 
a reduction of total number of dislocations dem- 
onstrating the annihilation of opposite signs, b) 
the dislocations redistribute themselves uniformly 


COUPLE 


ING | 


BEN 


( 


Fig. 9—Formation of excess edge dislocations on bending by 
expansion of dislocation rings and rejection of certain ori 
entations: a) slip plane is shown in perspective; b) section 
cutting dislocation rings is shown in edge orientation. Letter 
ing in diagram, a, b, c, etc., represents successive positions 
of dislocations coming trom source, $ 


throughout the cross section, and c) a polygonized 
structure is formed by alignment of the dislocations 
into walls normal to the slip planes 
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In the May 1956 issue 


TP 4085E. Evidence for Solidification of a Metastable Phase in Fe-Ni Alloys 


by R. E. Cech. On p. 586, captions for Figs. la and 1b have been transposed. Caption for Fig. la is for Fig 


lb, and caption for Fig. 1b is for Fig. la 
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Microstructure of lron-Sulfur Alloys 


The distribution of sulfur in iron was found to be dependent upon the time and temperature of 
the treatment as well as the chemical composition of the sulfide. With higher temperatures, the 


sulfide phase spreads more extensivel 


between the iron grains. A complete network, however, does 


not form until approximately 1300°C (2372°F), at which temperature the dihedral angle approaches 
zero. Silicon has little effect on this change. Aluminum, oxygen, and manganese all modify the 
temperature of sulfide network formation to a higher value. The microstructures which result and 
have significance in relation to hot-shortness are discussed. 


by Alfred S. Keh and Lawrence H. Van Vliack 


ULFIDE inclusions in steel were recognized by 

metallurgists before the turn of the century 
Considerable attention has been paid to them, and 
numerous studies have been made on the working 
properties of steel as affected by them. It has been 
suggested that hot-shortness of steel is due to the 
presence of an enveloping liquid sulfide film at the 
grain boundaries of the steel in the range of the hot- 
working temperatures. However, several facts have 
been observed in commercial steels which do not 
seem to be completely consistent with this explana- 
tion: 1) the frequent absence of continuous films of 
sulfide as observed under the microscope, 2) the 
absence of hot-shortness in some high sulfur and 
resulfurized steels, and 3) the limitation of hot- 
shortness to a definite temperature range. The role 
that manganese plays in steel to eliminate hot- 
shortness is well known, but the theory behind it 
is still under question. Moreover, the effect of de- 
oxidizers such as aluminum and silicon, and the 
effect of oxygen are still not clearly known 

In this study, the effect of heat treatments and of 
additions of aluminum, silicon, and 
oxygen upon the distribution of sulfide inclusions in 
iron was investigated. Both the as-cast and the heat 
treated structures were studied, using microscopic 
Part of the results 


manganese, 


and autoradiographic techniques 


A. 5. KEH, Junior Member AIME, formerly Graduate Student, 
Dept. of Chemical and Metallurgical Engineering, University of 
Michigan, is now with Fundamental Research Laboratory, United 
States Stee! Corp, Monroeville, Pa. L. H. VAN VLACK, Member 
AIME, is Associate Professor of Metallurgical Engineering, Univer 
sity of Michigan, Ann Arbor, Mich 

TP 4188E. Manuscript, Aug. 18, 1955. New York Meeting, Febru 
ary 1956 


950—JOURNAL OF METALS, AUGUST 1956 


(Fes 
«+ 
4 


SULPHUR 


Fig. 1—Fe-S diagram is plotted after Chipman’ and Rosen- 
qvist and Dunicz 


were interpreted in terms of Smith's’ concept of 
microstructure 
Review of Literature 

Metallurgists used to consider sulfide inclusions as 
suspended particles. It was Wohrman’ who first 
pointed out that sulfide inclusions are soluble in 
liquid iron. Many observed facts may be understood 
on the basis of this concept of solubility. Wohrman 
found that small castings contain small inclusions, 
and larger castings contain larger ones. Also, inclu- 
sion sizes are smaller near the chilled surface. For 
the same size ingot, the average inclusion size in a 
given heat of steel depends upon the rate of solidi- 
fication. That is, with slow solidification, enough 
time for precipitation and agglomeration of these 
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inclusions is available. These findings were later 
confirmed by Sims and Lillieqvist 

Although the fact that sulfide inclusions are soluble 
in liquid iron has been accepted for some time, thei! 
solubility in solid iron was generally considered to 
be negligible. Ziegler‘ was one of the first to propose 
that most types of inclusions may be dissolved in y- 
iron to some extent, and precipitate upon cooling at 
the grain boundaries, thus producing a network of 
inclusions. Wohrman did not accept this idea, and 
showed evidence that sulfide inclusions sometimes 
cross the grain boundaries of iron. However, his 
observations were on grains of a-iron, which differ 
appreciably from the primary iron grains at the first 
stage of solidification. The fact that iron sulfide 
tends to form a continuous network at the grain 
boundaries of the primary iron crystals or in the 
dendritic fillings was accepted by many, including 
Sims and Lillieqvist, Benedicks and Lofquist,’ and 
others, after Ziegler’s investigations 

The effect of deoxidizers upon the structure of 
sulfide inclusions in iron was studied by Sims, Saller, 
and Boulger,” and by Crafts and his co-workers 
The former group found three types of sulfide inclu- 
sions In cast steel. Type I, a globular form, was con- 
sidered to be characteristic of silicon-killed steel: 
type II eutectic sulfide was typical in steels de- 
oxidized with small amounts of aluminum, zir- 
conium, or titanium; and type III angular sulfide 
was found in steels containing residual amounts of 
aluminum and zirconium. Crafts and his associates 
suggested a classification of oxide and sulfide inclu- 
sions into five different types; i.e., silicate, eutectic, 
galaxy, alumina, and _ peritectic Different 
mechanisms of inclusion formation due to deoxida- 
tion were postulated by the Sims and Crafts groups 
The first group assumed that oxygen lowered the 
solubility of sulfur in the molten metal so that the 
sulfide would precipitate last in the eutectic form 
If there were an excess of aluminum, they con- 
tended, the compositions of the sulfides would under- 
go a change, and aluminum sulfide would form and 
combine with the Fe-Mn sulfide. They concluded 
that the solubility of this complex sulfide decreased, 
and that it precipitated earlier than in the case of 
type II sulfides. This resulted in angular type III 
sulfides. The Crafts group explained the formation 
of various types of inclusions by different scheme 
chematic 
inter- 


types 


of precipitation based upon a series of 
olidification diagrams, and supported thei: 
on the basis of micrographic analyse 


umma- 


pretation 

The Fe-S equilibrium relationships are 
rized in Fig. 1. This diagram is a composite based 
upon the standard Fe-S diagram in the Metal 
Handbook,” and upon the work of Rosenqvist and 
Dunicz,” in which they show the range of solid solu- 
bility of sulfur in iron 

The ternary relationships between iron, manga- 
nese, and sulfur have been quite widely examined 
Two studies, by Vogel and Hotop,” and by Wentrup, 
show an extension of the miscibility gap from the 
manganese sulfide side acro the diagram almost 
to the iron sulfide boundary, Fig. 2. They differ 
omewhat in that Wentrup extends the immiscible 
region beyond the eutectic line between the primary 
iron and the primary MnS phases 

The Fe-Si-S diagram and the Fe-Al-S diagram 
imilar to the Fe-Mn-S diagram, al- 


com- 


are generally 
though their details have not been worked a 


‘ 


pletely, Vogel and co-workers 
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Fig. 2—Fe-Mn-FeS-MnS diagram is plotted after Vogel and 
Hotop 


Fig. 3—Furnace ar- 
rangement for melt ; 
ing iron alloys is 
illustrated: 1) gas 
outlet, 2) rubber 4 
stopper, 3) Pyrex 
tube, 4) gas inlet, . 
5) induction coil, ar | 
6) specimen (iron 
capsule), 7) Alundum if 
thimbles, 8) Fiber 

frax, 9) porcelain 9 

sleeve, and 10) 
firebrick ae 


Hilty and Crafts’ have made the most recent con- 
tribution to the Fe-O-S system, and show a misci 
bility gap extending from the Fe-O side well into 
the three component regions. Outside of this, there 
is a typical ternary eutectic system. More recently, 
Hilty and Crafts” have shown that the addition of 
manganese to the Fe-O-S system probably extends 
the miscibility gap completely across the diagram 
from the metal oxide side to the metal sulfide side 

Van Viack’ pointed out that the shape of iron 
ulfide inclusions within iron might be interpreted 
of Smith's’ analysis of microstructure 
At 1300°C, the sulfide liquid spread between most 
of the iron grains, indicating that the energy of the 
liquid iron interface had decreased to one half or 
less of the intergranular energy of iron. If oxygen 
was present with the sulfur in the liquid, the rela- 
tive interfacial energy at 1300° did not drop to le 
than one half. Therefore, the liquid did not spread 
completely between the iron grains. This was attri- 
buted in part to the fact that oxygen-free liquid is 
richer in iron than the oxygen-containing liquid at 
1300 °C 


on the basi 


Experimental Procedures 
Vacuum-melted iron (Ferrovac E) in the form of 
44 in. diam cold-drawn rods was used in this inves- 
tigation. Its analysis was given as 0.005 pet C, 0.0037 
pet O, and 0.00008 pet N. The sulfur, S 
silicon; and manganese were of chemical purity, 
pet 


aluminum 


AUGUST 1956, JOURNAL OF METALS—951 


/ 
A r 


Fig. 4—-Micrograph shows fine disper 
sion of iron sulfide with 0.05 pct S, as 
cost X500 Area reduced approxi 
mately 35 pct for reproduction 


Fig. 7——-Micrograph shows globular and 
intergranular sulfide inclusion with 0.42 
pet S, as-cast. X250. Area reduced ap 
proximately 35 pct for reproduction 


Fig 10—Micrograph shows nonequilib 
rium sulfide structure at 850°C. Speci 
men contained 0.80 pct S, and was 
heated ot 850°C for 135 hr, then 
quenched. X250. Area reduced ap 
proximately 35 pct for reproduction 


™ 


Fig. 13—Micrograph shows sulfide in 
clusions at iron grain boundaries. Speci 
men contained 0.50 pct S, and was 
heated at 1050°C for 50 hr, then 
quenched. X2000. Area reduced ap 
proximately 35 pct for reproduction. 
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Fig. 5—Micrograph shows fine disper- 
sion of iron sulfide with 0.12 pct S, as 
cast’ X500. Area reduced approxi 
mately 35 pct for reproduction 


Fig. 8—Micrograph shows cell wall 
structure of iron sulfide with 0.80 pct 
S, as-cast. X250. Area reduced ap- 
proximately 35 pct for reproduction. 


Fig. 11—Micrograph shows equilibrium 
structure of iron sulfide at 850°C. 
Specimen contained 0.80 pct S, and was 
heated at 850°C for 1000 hr, then 
quenched. X250. Area reduced ap- 
proximately 35 pct for reproduction. 


ave 


Fig. 14—Micrograph shows sulfide in- 
clusions at iron grain boundaries. Speci 
men, containing 0.17 pct S, was heated 
at 1050°C for 50 hr, quenched, then 
etched in 5 pct nital. X1000. Area re- 
duced approximately 35 pct for repro- 
duction. 


Fig. 6—Micrograph shows globular sul- 
fide inclusions plus fine sulfide disper- 
sion with 0.17 pct S, as-cast. X500 
Area reduced approximately 35 pct for 
reproduction 


\ 


Fig. 9—Micrograph shows segregation 
of iron sulfide at grain boundaries in a 
slow cooled ingot. Specimen contained 
040 pct S, as-cost. X250. Area re- 
duced approximately 35 pct for re- 
production 


Fig. 12—Micrograph shows angular iron 
sulfide structure. Specimen contained 
0.80 pct S, and was heated at 950°C 
for 140 hr, then quenched. X500. Area 
reduced approximately 35 pct for repro- 
duction 


Fig. 15—Micrograph shows sulfide in- 
clusions at iron grain boundaries. Speci- 
men contained 080 pct S, and was 
heated at 1050°C for 50 hr, then 
quenched. X250. Area reduced approxi- 
mately 35 pct for reproduction 
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In certain samples, the radioactive isotope of sul- 
fur, S", was used. This isotope has a half-life of 
87.1 days, with a § radiation of 0.166 mev, and was 
obtained in two different forms with different levels 
of specific activity. The low activity form was ele- 
mental and was produced in the nuclear reactor 
through the reaction S“(n,y)S*. It has a specific 
activity of approximately 0.3 microcuries per g of 
sulfur. The high activity form was produced by the 
reaction Cl*(n,p)S", and was dissolved in benzene, 
which had to be removed by evaporation before use. 
It had a specific activity of 3530 microcuries per g 
Both types of sulfur were obtained from the Oak 
Ridge National Laboratory. Iron sulfide was pre- 
pared from the sulfur before melting into the alloy 
In this manner sulfur was not lost by volatilization 
during melting. When the high activity S” was used, 
it was diluted with the nonactive sulfur by a factor 
of 70 to 1. This mixture gave an activity of 50 
microcuries per g ( 11 disintegration per hr per 
p3), which was considered suitable for autoradio- 
graphic work by Towe, Gomberg, and Freeman.” 

Additions were made to the Ferrovac iron by 
drilling holes and inserting alloys into the ends of 
3% in. bars. These holes were plugged shut. Then 
the iron capsule was melted in an induction furnace 
with the arrangement shown in Fig. 3. All the melt- 
ings were done in purified argon atmosphere which 
was passed over titanium chips at 1800°F as an 
oxygen getter 

Specimens for heat treatment were cut from the 
full cross section of the small ingots, and were heated 
in vacuum-sealed tubes. The heat treating time 
varied from 15 min to 1000 hr, depending upon the 
temperature involved 

The specimens for radioactive tracer work were 
prepared in a manner similar to that for metal- 
lographic work, except that the Bakelite mounts 
were thinner and cured at a higher temperature 
and pressure, The surface disintegration count was 
obtained by means of a gas flow counter. The strip- 
ping film technique was used in this investigation 
The detailed procedures were described by Towe 
and Yukawa.” It includes coating the specimen with 
a thin layer of plastic, putting on the stripping film, 
exposing it in the dark to the # rays from the sulfur, 
and then developing it. This process has an inherent 
high resolution characteristic because the emulsion 
of the film is very thin and in close contact with the 
specimen 


Results and Discussion 


Distribution of Sulfur in Iron—As-Cast Struc- 
tures: In the as-cast specimens, the iron sulfide ap- 
peared in two different forms depending on the 
sulfur content and the rate of cooling after melting 
Up to 0.17 pet S, the inclusions were essentially in 
the globular form. This is shown in Figs. 4 to 6 
The smallest sulfide particles that could be observed 
under the microscope had diameters in the order of 
0.25 »w. As the sulfur content in the ingot was in- 
creased, intergranular iron sulfide was observed as 
shown in Fig. 7. With still more sulfur in the melt, 
a cellwall structure of iron sulfide was obtained as 
hown in Fig. 8. In addition, globular sulfides still 
could be found inside the grains. In the slow cooled 
ingot, the segregation of sulfide inclusions to the 
grain boundary was more pronounced than in the 
quickly cooled ingots. Compare Fig. 9 with Fig. 7 

The formation of these two structures of iron 


sulfide in iron can probably be explained by the 
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Fig. 16—Micrograph 
shows discontinuous 
sulfide network 
Specimen contained 
0.80 pct S, and was 
heated at 1200°C 
for 3 hr, then 
quenched. X250 
Area reduced ap 
proximately 35 pct 
for reproduction 


Fig. 17—Micrograph 


shows continuous 
sulfide network 
Specimen contained 
0.80 pct S, and was 
heated at 1300°C 
for | hr, then 
quenched. X250. 
Area reduced ap 
proximately 35 pct 
for reproduction 


Fig. 18—Micrograph 
shows iron sulfide 
tilm between austen 
ite grains. Specimen 
contained 0.05 pct S, 
and was heated at 
1300°C for 3 hr, 
then quenched 

X250. Area reduced 
approximately 35 pct 
for reproduction 


Fig. 19-—-Autoradio 
graph shows iron 
sulfide film between 
austenite grains 
after 18 hr exposure 
Specimen contained 
0.05 pct S, and was 
heated at 1300°C 
for 3 hr, then 
quenched. X250 
Area reduced ap 
proximately 35 pet 4 
for reproduction 


Fe-S phase diagram. Small amounts of sulfur in 
solid solution may be dissolved by 4-iron. The fine 


dispersion may t 


fication as the 


” due to precipitation after solidi- 


solubility of the sulfur decreased 


with temperature. With larger amounts of sulfur or 
with fast cooling, the sulfur becomes concentrated 
in the dendritic fillings between the primary crystals 
of iron. Thus the cellwall structure is formed 


Effect of Heat 


Treatment: The primary aim of 


heat treatment was to obtain the equilibrium struc- 


ture of sulfide 


inclusions with respect to iron at 


various temperatures. As Smith’ pointed out, an 


equilibrium micr 


ostructure between phase and grain 


urfaces is approached when their surface tensions 
geometrically balance each other at the points and 


along the lines 


where they meet. In attaining thi 


equilibrium structure at a definite temperature, 


heating time i 


an important factor. As expected, 


it was found that less time was required to approach 


this equilibrium 


structure at the higher tempera- 
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Fig. 20-—Micrograph shows iron sulfide 
film at austenite grain boundaries. Spec 
imen contained 0.12 pct S, and was 
heated at 1300°C for 3 hr, then 


quenched. X250. Area reduced approxi 
mately 35 pct for reproduction 


reproduction. 


tures. Also, a liquid sulfide phase approached equi- 
librium much more readily than did a solid one, 
apparently because of the higher mobility and dif- 
fusion rate within the liquid. Fig. 10 shows a non- 
ulfide structure at 850°C after 135 hi 
in the furnace, The intergranular sulfide pattern 
till remained from the as-cast structure. However, 
after 1000 hr, both the iron grains and the sulfide 
inclusions appeared to approach their equilibrium 
hown in Fig. 11. Also, there were fewer 
sulfides within the iron grains 
after the longer time. For lower sulfur contents 
which had no intergranular sulfide, shorter times 
heat treating because less re- 
arrangement was necessary 

Not only is annealing time a factor in developing 
the equilibrium structure, but cooling time is a 
factor in preserving the equilibrium structure, Speci- 
mens were quenched in water or mercury after 
annealing in order to preserve their original struc- 
ture. This method worked quite satisfactorily ex- 
cept for the extremely high temperatures where the 
olubility of iron in the liquid sulfide was quite 
high. During the process of quenching from the 
higher temperatures, some iron precipitated out of 
the sulfide-rich phase before solidification 

The equilibrium structure between a-iron and 
solid sulfide is shown in Fig. 11. It is apparent that 
under such conditions the sulfide did not spread 
between the iron grains, but rather developed a 
dihedral angle (FeS vs a/a) of approximately 100 


equilibrium 


shapes, as 
but larger globular 


were required for 


Fig. 23—Autoradiograph shows iron sul 
fide film at austenite grain boundaries 
atter 50 hr exposure. Specimen con 


structure of iron 


tained 0.12 pct S, and was heated at 
1300°C for 3 hr, then quenched. X250 at 1050°C for 1 
Area reduced approximately 35 pct for 
reproduction. 
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Fig. 21-Autoradiograph shows iron sul- 
tide film at austenite grain boundaries 
after 0.5 hr exposure 
tained 0.12 pct S, and was heated at 
1300°C for 3 hr, then quenched. X250. 
Area reduced approximately 35 pct for 


Fig. 22—Autoradiograph shows iron sul- 
fide film at austenite grain boundaries 
after 18 hr exposure. Specimen con- 
tained 0.12 pct S, and was heated at 
1300°C for 3 hr, then quenched. X250. 
Area reduced approximately 35 pct for 
reproduction. 


Specimen con- 


After 140 hr at 950°C, the sulfur was observed to 
have a smaller dihedral angle, 30° to 60°, between 
the iron grains, Fig. 12. This difference is due par- 
tially to the higher temperature and partially to the 
difference in phase compositions, since at this tem- 
perature the iron is in the y form 

Above 988°C the sulfide was present as a liquid 
rather than as a solid phase. With this change a 
marked difference occurred in the distribution of 
the sulfide in the Fe-S microstructure. The average 
dihedral angle of the liquid sulfide iron interface 
was about 30°, Figs. 13 to 15, at 1050°C. The varia- 
tion in sulfur contents resulted only in differences 
in size and number of inclusions. The distributions 
and shapes were very similar inasmuch as sulfide 
particles tend to remain at the grain corners 

Still smaller dihedral angles were observed at 
1200° and 1300°C. In the former case, the average 
(FeS vs y/y) dihedral angle was about 20°, while 
in the latter it was almost zero, Figs. 16 and 17 

The zero dihedral angle indicates that the energy 
of the liquid iron interface had decreased to ap- 
proximately one half of the intergranular energy of 
iron. As such, the sulfide liquid had a tendency to 
spread between and cempletely envelop the iron 
grains. The hot-shortness of steel is frequently inter- 
preted as resulting from such a mechanism. It may 
be observed, however, that while the sulfide film 
formed a rather complete network around the grains, 
the network in Fig. 17 was not 100 pct complete 
Autoradiographic examinations were made _ to 


Fig. 24—Micrograph shows chain-type 
sulfide 
containing 0.12 pct S, was heated at 
1300°C for 3 hr, furnace cooled, heated 
hr, then quenched. 
X250. Area reduced approximately 35 
pct for reproduction 


Fig. 25—Micrograph shows sulfur in 
solid solution of iron. Specimen, con 
taining 0.05 pet S, was heated at 
1300°C for 10 hr, then quenched. X500 
Area reduced approximately 35 pct for 
reproduction. 


Specimen, 
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Fig. 26—Autoradiograph shows sulfur in 
solid solution of iron after 5 hr ex- 
posure. Specimen, containing 0.05 pct 
S, was heated at 1300°C for 10 hr, then 
quenched. X500. Area reduced ap- 
proximately 35 pct for reproduction. 


reproduction. 


ascertain whether the film had simply diminished 
to a submicroscopic dimension or was actually dis- 
continuous. Fig. 18 is a micrograph of an iron sample 
containing 0.05 pct S, part of which was S”. It was 
annealed at 1300°C for 3 hr and quenched in mer- 
cury. The dark triangle at the lower left corner of 
the picture is a crack, at the end of which extended 
a film of iron sulfide presumably lying along the 
austensite grain boundary in the iron. It is discon- 
tinuous in two places. Fig. 19 shows the autoradio- 
graph of the same area exposed for 18 hr. It indi- 
cates very distinctly the concentration of activity 
over the iron sulfide, with gaps lying between 

Fig. 20 represents the micrograph of a sample of 
0.10 pet S alloy, with the same heat treatment as 
the previous case. The austenite grains were sepa- 
rated by iron sulfide. Figs. 21 to 23 are the cor- 
responding autoradiographs with exposure times of 
44, 18, and 50 hr, respectively. The % hr exposure 
showed evidence of more activity above the sulfide 
film, about 1 yw, than did the 50 hr exposure along 
the boundary where the film was not observed 
microscopically, Thus, it might be possible to infer 
that if the film were truly continuous, although of 
a submicroscopic width, the restricted part of the 
film would have to be narrower than the observed 
part by a factor of at least 100 to 1. It is logical to 
assume that if the film is continuous, it Is thinner 
than 0.01 » or 1OOA 

In concluding this part of the discussion on the 
equilibrium structure of iron sulfide in iron, it should 
be pointed out that the change of the dihedral angle 
of the liquid-sulfide phase in the iron boundaries is 


Fig. 29—Micrograph shows intergranu 
lar sulfide distribution. Specimen, con 
taining 0.16 pct S and 0.39 pct Si, was 
heated at 1050°C for 100 hr, quenched, 
then etched with 2 pct nital. X250 
Area reduced approximately 35 pct for 
reproduction. 


reproduction 
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Fig. 27—Autoradiograph shows back- 
ground activity of control specimen 
without S” after 5 hr exposure 
Area reduced approximately 35 pct for 


Fig. 30—Micrograph shows intergranu 
lar sulfide distribution 
taining 0.16 pct S and 0.39 pct Si, was 
heated at 1200°C for 15 hr, quenched, at 1300°C for 3 hr, then quenched 
and etched with 2 pct nital. X500 
Area reduced approximately 35 pct for 


Fig. 28—Dendritic sulfide structure con- 
tained 0.42 pct S, 0.94 pct Si, as-cast 
x500 X250. Area reduced approximately 35 
pct for reproduction 


not due to temperature change alone. The change of 
composition of the sulfur-rich liquid along the 
liquidus is another variable 

In addition to the globular, angular, and film- 
type sulfide distributions, a chain-type sulfide struc- 
ture can also be obtained by heat treatment. Fig. 24 
shows such a structure in a specimen with 0.12 pet 
S. annealed 3 hr at 1300°C, cooled down to 1050°C 
in the furnace, and held there for 1 hr before quench- 
ing. It might logically be concluded that a con- 
tinuous film existed at the high temperature, but 
with the reduction in temperature and the conse- 
quent change in dihedral angle the film broke up 
into a chain-like structure, as observed in Fig. 24. 
It is to be noticed that each individual sulfide inclu- 
sion at the grain boundary assumed the equilibrium 
geometric shape after a relatively short time at 
1050°C. The coalescence would not be complete 
without a much longer holding at that temperature 

Direct evidence of the solubility of sulfur in a 
solid iron was observed by autoradiographic mean: 
An as-cast specimen with 0.05 pet S” had a distribu- 
tion of fine globular sulfides, as shown in Fig. 4 
After heat treating at 1300°C for 10 hr and quench- 
ing in mercury, no sulfide was found as such, as 
shown in Fig. 25. However, its autoradiograph has 
a uniformly distributed activity much higher than 
the background in the control specimen, Figs. 26 
and 27. The surface activity counts of this and the 
control specimens also indicated a difference, There- 
fore, it is concluded in this case that sulfur went 
into solid solution in y-iron at 1300°C, as shown by 


other means by Rosenqvist and Dunicz in 1952 


Fig. 31—Micrograph shows chain-type 
sulfide structure. Specimen, containing 
0.17 pet S and 027 pct Al, was heated 


Specimen, con 


X1000. Area reduced approximately 35 
pct for reproduction 
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Fig. 32—Micrograph 
shows globular du- 
plex sulfide inclu 
sions plus fine sulfide 


dispersion. Speci 
| men, containing 0.18 
wm pct S and 0.10 pct 


Mn, wos heated at 
950°C for 135 hr, 
then quenched 

Area reduced 
approximately 35 
pct for reproduction. 


Fig. 33—Micrograph 
shows angular du- 

f plex sulfide inclu- 
sions at iron grain 
boundaries. Speci 
men, containing 0.18 
pet S and 0.10 pct 
Mn, was heated at 
1300°C for 5 hr, 
then quenched 
X1000. Area reduced 
approximately 35 pct 
for reproduction 


Fig. 34—Micrograph 
shows angular sulfide 
inclusions. Specimen, 
; containing 0.44 pct 
ns S and 0.54 pct Mn, 
was heated at 
1300°C for 5 hr, 
then quenched. X250 
Area reduced ap 
proximately 35 pct 
tor reproduction 


Fig. 35—Micrograph 
+ shows discontinuous 
* film of duplex sul 
tide at iron grain 
boundaries. Speci 
men, containing 0.44 
4 pct S and 0.54 pct 
Mn, was heated at 
1400°C for 3 hr, 
. then quenched. X250 
Area reduced ap 
proximately 35 pct 
for reproduction 


Effect of Alloy Additions upon the Sulfur Distri- 
bution in Iron—Silicon Additions: Silicon additions 
up to 1.0 pet into the Fe-S alloys caused no major 
changes in the sulfide distribution, Figs. 28 to 30 
A few minor changes could be observed as a direct 
result of the silicon upon the ferrite-austenite trans- 
formation temperature 

Aluminum Additions: The main observed effect 
with aluminum additions may be seen in Fig. 31 
The sulfide did not form a continuous film at the 
boundaries at 1300°C as did the aluminum-free 
alloy. Compare Figs. 17 and 31. Instead, a chain- 
type structure was formed with individual sulfide 
particles having dihedral angles between the iron 
grains of between 20° and 30 This change was 
apparently the result of the alteration of the com- 


position liquid sulfide phase rather than from a 


formation of a separate aluminum sulfide phase 
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Manganese Additions: The effect of manganese 
additions upon the structure and distribution of 
sulfide inclusions in iron depended considerably 
upon the relative amounts of manganese and sulfur 

In alloys of low manganese to sulfur ratios, 0.10 
pet Mn and 0.18 pet S, both the as-cast and heat 
treated structures had inclusions of duplex phases, 
FeS and (Mn,Fe)S. After annealing at 950°C and 
below, the inclusions, as shown in Fig. 32, were 
globular and generally within the former austenite 
grains. As the temperature was increased further, 
a greater number of sulfide inclusions were observed 
to assume triangular and lenticular shapes, Fig. 33, 
indicating that they were present as a liquid within 
grain boundaries. At 1300°C, the dihedral angle was 
noticeably larger than in the manganese-free speci- 
mens at the same temperature 

Higher manganese to sulfur 
effect of manganese upon the solubility of sulfur in 
solid iron by furnishing a larger number of inclu- 
sions for the same sulfur content and heat treat- 
ments than in the manganese-free samples. A major 
difference was observed at the higher temperatures 
where the sulfide phase still seemed to be solid, 
Fig. 34. The inclusions had high dihedral angles 
between the adjacent iron grains and tended to exist 
as globular-like inclusions in the grain boundaries 
At 1400°C, however, they had started to melt, form- 
ing a boundary network, Fig. 35 

Oxygen Additions: The addition of small amounts 
of oxygen to the Fe-S alloy produced an oxide- 
sulfide eutectic along with the sulfide phase, Fig. 36 
The distribution of inclusions in the as-cast speci- 
mens was essentially intergranular. The effect of 
heat treatment in changing the sulfide distribution 
was very similar to the oxygen-free cases. There 
was no noticeable change in the dihedral angles of 
the sulfide phase in iron because of the presence of 
the small amount of oxygen at temperatures up to 
about 1100°C. At 1300°C, the sulfide inclusions in 
an oxygen-free specimen had an average dihedral 
angle of practically zero. With oxygen, the dihedral 
angles were finite, as shown in Fig. 37. Therefore, 
oxygen tends to modify the liquid-iron interfacial 
energy slightly. While this modification was not 
noticeable at lower temperatures where the dihedral 
in the micro- 


ratios showed the 


angle was finite, it 
structure as the relative energy between the liquid/ 
iron and iron/iron interfaces came close to the value 
of one half at 1300°C 


Was Conspicuous 


Manganese and Oxygen Additions: When both 
manganese and oxygen were added to the Fe-S 
alloys, the segregation of the sulfide and oxide 


phases persisted in subsequent heat treatments, Fig 
38, up to 1300°C. At higher temperatures, Fig. 39, 
a one phase grain boundary film formed 

Discussion of Microstructural Changes—The 
changes observed in the microstructure of the sul- 
fide inclusions are all in accord with the general 
concept of interfacial energy. The microstructure ap- 
proaches geometric equilibrium as the total energies 
of the Fe-Fe and iron sulfide interfaces are reduced 
This energy reduction may be achieved through 
various steps or different means. The pertinent facts 
previously mentioned will be discussed further 

Given time, the sulfide inclusions are found at the 
grain boundaries and grain corners. The grain cor- 
ners are favored because they offer the greatest 
reduction in area of the higher energy Fe-Fe inter- 
face by the minimum amount of the lower energy 
iron sulfide interfacial area. This tendency for in- 
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clusion formation at the corners may be observed 
repeatedly in the foregoing micrographs. Within the 
grains, the isotropic sulfide inclusions will sphe- 
roidize initially into a form of minimum surface 
area. With time, they tend to diffuse by solution 
and redeposition toward the lower energy positions 
at the grain boundaries or in the larger spheroids 
This effect becomes apparent by the appearance of 
fewer but larger inclusions after annealing, Figs 
10 and 11 

If the pre-existing intergranular film is subjected 
to conditions favoring larger dihedral angles, the 
film will break up into a chain structure of numer- 
ous smaller inclusions, Fig. 24, each in a lenticular 
shape with the appropriate dihedral angle 

Among the alloying elements investigated, man- 
ganese addition gave the most pronounced modifica- 
tion upon the microstructures. It serves as an energy 
modifier of the iron sulfide-liquid interface. A larger 
addition of manganese makes the sulfide a solid 
phase immediately below steelmaking temperature, 
and produces equiaxed inclusions 

When more than one component the 
sulfide phase, it would be natural to expect that the 
rate of attaining geometric equilibrium would be 
additions showed 


exists in 


altered. Manganese and oxygen 

evidences of retarding the rate. Presumably this 

results from the change in sulfide stability 
Practical Considerations—In steelmaking prac- 

tice, certain phenomena of hot shortness may be 


explained in terms of the microstructural changes 
hitherto observed 

A steel such as the enameling sheet grade with 
very low manganese to sulfur ratio can be safely 
rolled at a temperature just below the hot-shortness 
range. This is due to the fact that the iron sulfide 
liquid formed during cooling through the hot-short- 
ness range tends to break down from the network 
film into a harmless form of separated particles by 
virtue of the finite dihedral angle between the iron 
grains at this lower temperature 

In many other steels, with the presence of con- 
siderable manganese in the liquid sulfide, the fore- 
accentuated and can be noticed at 
higher temperatures. Furthermore, manganese addi- 
tions give a more refractory sulfide, and a large 
dihedral angle of the solid is available at steel roll- 


going action Is 


ing temperatures 


Summary 


Experimental melts of iron and iron sulfide were 
made. Their structures were studied, with special 
emphasis paid to effect of heat treatment 

A variety of sulfide distributions were found in 
the structures, depending upon the sulfur 
content and cooling rate 

Heat treatments modified the distribution of sulfide 
inclusions according to the interfacial energy con- 
cept of microstructure 

Silicon, aluminum, manganese, and oxygen addi- 
tions to the Fe-S alloys made certain modifications 
upon the microstructures, particularly after heat 
treatments. Among them, manganese had the most 
pronounced effect 

Certain phenomena of hot shortness may be ex- 
plained in terms of the microstructure 


as-cast 
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Fig. 36—Micrograph 
shows intergranular 
sulfide structure 
with oxide-bearing 
eutectic. Specimen 
contained 0.5 pct S$ 

and 0.2 pct O, as- ° 


cast. X1000. Area 
reduced approxi- 
mately 35 pct for 
reproduction 


Fig. 37—Micrograph 
shows discontinuous 
oxy-sulfide films at 

iron grain bound- 


and 0.2 pct O, was 


heated at 1300°C 

for 3 hr, then 

quenched. X250 

Area reduced ap Pa 

proximately 35 pct 
for reproduction 

Fig. 38—Micrograph 

shows angular and 

globular eutectic 

structures of sulfides 

and oxides. Speci 
men, containing 0.19 
pct 5, 0.25 pet Mn, 
and 0.1 pct O, was 
heated at 1300°C 
for 5 hr, then 
quenched. X1000 
Area reduced ap 
proximately 35 pct 
for reproduction. 


Fig. 39—Micrograph 
shows grain bound 
ary films of oxy- 
sulfide inclusions 

Specimen, contain 
ing 0.19 pct 0.25 
pct Mn, and 0.1 pet 
O, was heated at 
1400°C for 3 hr, 
then quenched. X250 
Area reduced ap 
proximately 35 pct 
for reproduction 
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Technical Note 


Recrystallization of Zone-Melted Aluminum 


by A. W. Demmler, Jr 


ECENTLY, Chaudron,’ Montariol,” and their co- 
workers published the results of their studies 
on zone-refined aluminum. They found their mate- 
rial to be capable of recrystallization at —50°C, but 
gave no data as to the percentage reduction or time 
required, Their material was found to be practically 
non-work hardening at room temperature, but after 
96 pet cold work at a low temperature and storage 
in liquid nitrogen it was found to recrystallize to 
coarse grains in less than 3 hr at 20°C. 

Recently, a study was made of the room tempera- 
ture recrystallization characteristics of zone-melted 
aluminum. An ingot 14 in. in length, with a %x%4 
in. cross section, was made in an extremely high 
purity graphite boat under an atmosphere of dried 
commercial argon, It was made by first passing the 
molten zone along the ingot of 99.994 pct Al 15 
times. At this point, the most impure 3 in. (the end 
toward which the eutectic forming impurities mi- 
grated) were replaced with more of the original 
starting material, and 15 more traverses were made 
Each traverse of the zone along the ingot required 
approximately 3 hr. 

Three ingots were prepared in this identical 
fashion and the chemical analyses were made spec- 
trographically on two of these ingots, rather than 
on the one used in this investigation. The analyses 
were made at 1 in. intervals along the ingot, in 
duplicate. Over the purest 5 in. of the ingot, which 
were most important in this investigation, there 
was found an average composition of <0.00004 pct 
Cu, — 0.0003 pet Fe, <0.0001 pet Si, and <0.0001 pet 
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Fig. |—Position of various sections in the original ingot. 


Mz. In addition, the following elements were not 
detected spectrographically even in the more im- 
pure end of the bar: manganese, zinc, nickel, chro- 
mium, titanium, vanadium, lead, tin, boron, beryl- 
lium, bismuth, gallium, zirconium, cadmium, anti- 
mony, cobalt, and molybdenum. 

The original ingot was given several cold reduc- 
tions, with intermediate anneals in order to refine 
the grains. Owing to the extreme length resulting 
and the ease of deforming the material plastically, 
it was cut into eight equal lengths and identified as 
shown in Fig. 1, with the highest numbered section 
at the purer end (that enriched with peritectic 
formers). Section 6 was used in the exploratory 
work and was found to be of exceptionally high 
purity, giving more rapid rates of room temperature 
recrystallization than any previous aluminum studied 
at the Alcoa Research Laboratories. 

This fact suggested that the entire midsection of 
the ingot might be of very high purity. Accordingly, 
section 4 was chosen for the next study. A portion 
of it was rolled to cold reductions of 10, 25, 40, 60, 
75, and 90 pet at room temperature, and the re- 
crystallization of each specimen was followed by 
X-ray pinhole transmission photographs. The other 
portion received the same treatment, except that 
both the specimens and the rolls were maintained 
at 160°F in the process of rolling. The latter portion 
was retarded in its recrystallization as compared to 
the former, probably due to the stress relief effect 
of the warm rolling. Both of these portions of the 
fourth section were found to recrystallize at a con- 
siderably slower rate than did the sixth section. 


TRANSACTIONS AIME 


Eutectics Peritectics 


It was thus to be expected that testing of the fifth 
section would merely yield results intermediate be- 
tween those of the already mentioned sections. The 
seventh section was, therefore, the next to be studied 
and it was found to recrystallize at rates in excess 
of those of the sixth section. Portions of the eighth 
and last section were studied in order to determine 
whether sufficient peritectic forming impurities were 
present to decrease the room temperature recrystal- 
lization rate at the extreme end of the ingot. Inves- 
tigations of these portions showed no significant dif- 
ferences among themselves or between them and 
the seventh section. 

Data of this type are difficult to present, since 
they are of an essentially qualitative nature and in 
the form of photographs. Because of this fact, the 
results will be summarized rather than given in 
detail. Both the recrystallization characteristics and 
the chemical analyses showed a considerable grad- 
ient along the bar (whose purity ranged roughly 
from 99.992 to 99.9995 pct). After 90 pet cold roll- 
ing, recrystallization was found to go to completion 
in as little as 14% hr at room temperature. Following 
75 pet reduction, as little as 3 hr sufficed. Specimens 
rolled 10 pet have in some cases showed signs of 


the start of recrystallization after a few months, 
and several that were rolled 25 pet have shown 
definite progress, as determined by X-ray techniques, 
in a few hours 

The average grain size attained in the specimens 
discussed was rather coarse, being of the order of 
ly to 1 mm diam, although there were occasional 
small regions in which the grain size was about a 
tenth of this. No evidence was found of recrystal- 
lization taking place at the temperature of dry ice 
Current, though uncompleted, experiments using 
radioactivation techniques have shown the presence 
of small amounts of zirconium in the purer end of 
the ingot 
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Beta Phase Parameters in the System Ti-V-Mo 


As expected from similar crystal structures and favorable atomic size factors, tita- 
nium, vanadium, and molybdenum are completely soluble in one another above the trans. 
formation temperature of titanium. The /; phase parameters of the continuous solid 


solution are shown graphically. 
determined. 


Limiting compositions for retained /; phase have been 


by Jack L. Taylor 


ANADIUM and molybdenum both have body- 

centered-cubic structures at all temperatures 
and, from the atomic diameter comparison factor, 
3.9 pet, would be expected to form a complete series 
of solid solutions. The existence of complete solu- 
bility has been confirmed by work’ at the Jet Pro- 
pulsion Laboratory. Furthermore, vanadium and 
molybdenum have favorable atomic size factors to 
form complete binary solid solutions with the £ 
phase, high temperature form of titanium, which 
also has body-centered-cubic structure. Pietro- 
kowsky and Duwez’ and Hansen et al.” have estab- 
lished the existence of the complete series of solu- 
tions in these binary systems. It would be logical, 
therefore, to expect that f-titanium, vanadium, and 
molybdenum would be completely soluble in one 
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Fig. 1—Compositions of experimental specimens are given 
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Ti 
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\ 


MOLYBDENUM %) 


Fig. 2—Experimental results are plotted. 


another above 885°C (1625°F), which is the a-to-f 
transformation temperature of titanium. The present 
investigation confirms the existence of a single body- 
centered-cubic phase across the entire ternary dia- 
gram at a temperature of 1800°F. The 8 phase para- 
meters were determined in all portions except the 
titanium-rich corner, where the # phase cannot be 
retained by quenching. Metallographic examination 
determined limiting compositions of retained £. 


Experimental Procedure 


lodide titanium from the New Jersey Zinc Co., 
molybdenum powder from the Westinghouse Elec- 
tric Corp., and vanadium from both the Westing- 
house Electric Corp. and General Electric Co. were 
used in this investigation. Small bars were pre- 
pared from the molybdenum powder by pressing, 
then sintering in dry hydrogen for 4 hr at 2400°F. 

About 70 samples were arc-melted in a helium 
are furnace which has been described.’ The three 
metals were melted together from small pieces to 
form samples weighing 3 to 5 g. Their compositions 
are shown in Fig. 1. Homogeneous samples were 
difficult to obtain, and some compositions had to be 
remelted many times. After the samples were 
melted, they were sectioned and examined under 


Ti 


? 
= 


* 20 


/ \ 
V 304 .70 Mo 


Fig. 3—Limiting compositions for retention of the 6 phase 
are shown. 
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Fig. 4—Microstructure is typical of «a phase characterized 
by martensite-like needles of rapidly transformed (s-titanium 
X250. Area reduced approximately 5 pct for reproduction. 


the microscope for unalloyed areas. When none was 
found, the samples received a homogenizing heat 
treatment which consisted of 4 hr at 2500°F in a 
resistance-wound molybdenum furnace set up in an 
18 in. commercial vacuum-coating unit. Nominal 
compositions were accepted when weight losses after 
melting were less than 1 pet. After the homogeniz- 
ing treatment all samples were sealed in quartz 
tubes under vacuum at 10‘ mm Hg or lower, heated 
24 hr at 1800°F, and then water quenched, the tube 
being broken. Samples for X-ray diffraction were 
filed from quenched pieces and sealed in quartz 
vials for quenching in liquid argon from 1800°F 

Diffraction patterns of the filings were taken on a 
14.32 cm camera using copper Ka radiation as filtered 
through nickel foil. Measurements were taken from 
the film mounted asymmetrically in the camera, a 
method of mounting which automatically compen- 
sates for film shrinkage. 

For metallographic examination, the samples were 
mounted in Lucite and polished on successively finer 
papers. The final polishing was accomplished with 
24 diamond paste on a mirror-cloth lap. Two etch- 
ing solutions were used, one being 30 pct potassium 
ferricyanide with 10 pet sodium hydroxide and the 
other consisting of 1 part nitric acid, 1 part hydro- 
fluoric acid, and 2 parts glycerin. In most cases, 
microscopic studies were made at 250 diam. 


Beta Phase Parameter at the 1800°F Isothermal 

The 8 phase parameter for each alloy was calcu- 
lated from the average of the last three readable 
lines in the pattern. These were usually (310), 
(311), and (222) reflections. There were, however, 
some patterns in which the (400) spacing was a 
sharp doubiet. 
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Fig. 5—Microstruc- 
ture of retained # 
phase, with a 
needles showing the 
beginning of trans- 
formation. X150 
Area reduced ap- 
proximately 20 pct 
for reproduction. 


Based on alloys of nominal composition, the £ 
parameters were averaged by plotting along ternary 
composition lines in three directions. For the Ti-V 
system, the binary £8 phase parameter was taken 
from ref. 3. The 8 phase parameters for the V-Mo 
system came from experimental work’ at the Jet 
Propulsion Laboratory. As determined in the present 
study, the 8 phase parameters for the binary sys- 
tem Ti-Mo were ii csscntial agreement with those 
found by Hansen et al. The overall accuracy in the 
location of the parametric lines may be considered 
within +2 wt pet. Principal sources of error are the 
nominal alloy compositions and the difficulty of 
measuring those patterns which are diffuse 

The results are presented in Fig. 2. The 3.24 (kX 
units) parametric iine does not extend to the binary 
Ti-V line because of the limiting compositions for 
which the martensitic transformation occurs 


Microscopy 

With reference to Fig. 3, the limiting compositions 
for the retention of the #8 phase are shown. These 
limiting compositions were determined from alloy 
Nos. 46 through 68 by metallographic examination. 
The microstructure of the alloys in this titanium- 
rich ternary region is shown in Figs. 4, 5, and 6 
Fig. 4 has the typical microstructure of the a’ phase 
characterized by the martensite-like needles of 
rapidly transformed f-titanium. Fig. 5 has the re- 
tained 8 phase microstructure, a needles showing 
the beginning of transformation. Fig. 6 has the com- 
pletely retained § phase structure 


Fig. 6—Microstruc 
ture shows com 
pletely retained 
phase structure 
X100. Area reduced 
approximately 20 pct 
tor reproduction 


Conclusions 

Titanium, vanadium, and molybdenum are com- 
pletely soluble in one another above the transforma- 
tion temperature of titanium. The # phase para- 
meters have been measured and plotted for alloys 
quenched from 1800°F. A ternary composition line 
joining 15 pet V on the Ti-V binary side and 11.5 pet 
Mo on the Ti-Mo binary side represents the limiting 
compositions for the retained £ phase. All the alloys 
on the titanium-rich side of this line transform to a’ 
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I’ is now well established that quenched and tem- 
pered titanium alloys have much better ductility 
when the quenching is from a two phase a-f struc- 
ture, rather than from an all £# structure.’ The 
corresponding microstructural differences, however, 
have not been shown in previous publications. Ac- 
cordingly, specimens were cut from a % in. rod of 
commercial RC-130A, containing 7.9 pet Mn and 
0.12 pet C, which had been previously hot rolled, 
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Technical Note Microstructural Differences in Tempered Titanium Alloys 
by L. D. Jaffe 


(The same 


heated 1 hr at 1100 F, and air cooled 
heat has been studied by other ') Samples about 
‘4 in. cube were heated in helium % hr at 1450° or 
1700 °F, quenched in brine, tempered in helium 1 hi 
up to 1250°F, and quenched 
ectioned and metallo- 


at various temperature 
in brine. They were then 
graphically examined, using an etchant of HF-HNO, 
in glycerine 

As quenched from 1700°F, the microstructure ob- 
served was clear f. (Probably also present was o, 
as the hardne was 400 Vhn, but w» is not yet re- 
liably revealed by any metallographic technique.) 
When the 8 quenched alloy was tempered at a high 
temperature, a precipitated as a grain boundary film 
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Fig. |—RC.130A specimen, 340 Vha, 
quenched from 1700°F, tempered at 
1250°F, then etched in HF-HNO,. 
glycerine. X2000. Area reduced ap- 


proximately 35 pct for reproduction. production. 


and in the form of crystallographically oriented 
platelets, Fig. 1. 

As quenched from 1450°F, the structure consisted 
of spheroidal a particles in a 8 matrix, Fig. 2. The 
change of structure on tempering this material was 
less marked, Fig. 3. Since some a was already out 
of solution, less additional a would precipitate from 
the # in attaining equilibrium concentration at the 
tempering temperature. It is probable that part of 
this additional @ precipitated onto the pre-existing 
« particles. A small amount seems to have precipi- 
tated as very fine particles, probably platelike, 
within the areas 

In addition to the differences in a-f distribution, 
the tempered structures probably also differed in 8 
grain size. Attempts to reveal f grain size in mate- 
rial quenched from the two phase region were un- 
successful. The stain-etching technique of Ence and 
Margolin’ showed that very few carbide particles 
were present 
It seems likely that the inferior mechanical prop- 


Fig. 2—RC-130A specimen, 370 Vhn, 
as-quenched from 1450°F, then etched 


in HF-HNO,-glycerine 
reduced approximately 35 pct for re- 


Fig. 3—RC-130A specimen, 350 Vhn, 
quenched from 1450°F, tempered at 
1250°F, then etched in HF-HNO, 
glycerine. X2000. Area reduced ap- 
proximately 35 pct for reproduction. 


X2000. Area 


erties, after tempering, of titanium alloys quenched 
from the § range are associated with precipitation 
of coarse a plates and grain boundary a films during 
tempering. The better properties of material 
quenched from the a-f8 range are probably asso- 
ciated with precipitation of a, during tempering, 
onto existing spheroidal a particles and perhaps also 
as very fine particles. 
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Preferred Orientations and Magnetic Properties 


of Rolled and Annealed Permanent Magnet Alloys 


Pole figures, torque curves, and coercive force have been determined for the follow- 
ing rolled and annealed permanent magnet alloys: Cunife, Cunico, Silmanal, Vicalloy |, 


Vicalloy II, and Heusler’s Alloy. 


N the general category of precipitation-type per- 
manent magnet alloys there is a group of ductile 
alloys, including Cunife, Cunico, Silmanal, Heusler’s 
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by W. R. Hibbard, Jr. 


Alloy and Vicalloy, which can be extensively rolled 
and annealed to develop a preferred orientation in 
the crystals of the matrix material. The rolling and 
annealing textures of Cunife’ and Vicalloy’ have 
been previously investigated qualitatively, but no 
pole figures are available in the literature. In addi- 
tion, the role of precipitation in these permanent 
magnet alloys is still somewhat controversial. It 
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\\ 

Fig. 1—Cunife was cold rolled 94.3 pct. (111) pole figure Fig. 4—Cunico was cold rolled 98 pet. (111) pole figure. 

Open triangles represent (112) [111]; closed triangles, (110) Closed triangle represents (110) {112}. 


[112]; and open circles, near (123) [121]. 


Fig. 2—Cunife was cold rolled 94.3 pct and aged | hr at Fig. 5—Cunico was cold rolled 98 pct, annealed 7'2 hr at 
625°C. (111) pole figure. Open triangles represent (112) 1085°C, water quenched, and aged 12 hr at 625°C. (111) 


[111]; closed triangles, (110) [112]; and open circles, near pole figure. 
(123) (121). 


4% 90 36 


45 90 135 (80 225 270 35 360 ANGLE WITH ROLLING 


ANGLE WITH ROLLING DIRECTION, DEGREES 
Fig. 6—Cunico, 0.002x1 in. diam, was cold rolled 98 pct, 
Fig. 3—Cunife, 0.0015x1 in. diam (3 strips), was cold rolled annealed 7'2 hr at 1085°C, water quenched, and aged 12 hr 
94.3 pct and aged | hr at 625°C. Torque curve. at 625°C. Torque curve 
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Fig. 7—Silmanal was cold rolled 90 pct. (111) pole figure. 
Closed triangles represent (110) [112]. 


would be significant to know whether or not the 
development of anisotropic magnetic properties in a 
material like Cunife is associated with a) the prop- 
erties of the precipitate as related to size, shape, 
orientation, or coherency stresses, and b) the crys- 
tallography of precipitation as related to the pre- 
ferred orientation in the matrix 

It was proposed’ that the role of the precipitate 
particle is associated with a critical dispersion of 
magnetically heterogeneous aggregates, with the 
maximum coercive force occurring when the pre- 
cipitate particle is of a single domain size separated 
by a less strongly magnetized matrix. Based on 
single domain theory,’ ° high coercive force depends 
on small particles with shape anisotropy, high mag- 
netocrystalline anisotropy, or directed stresses and 
high magnetostriction. In the precipitation process 
there is shape anisotropy of the particles, which 
assume the form of disks, oriented along certain 
planes of the matrix.” The precipitate can occur in 
the critical single domain size, and the coherency 
stresses are formed in a directed manner, which 
strains the precipitate to affect magnetocrystalline 
anisotropy by changing lattice symmetry and stresses 
the system to utilize magnetostriction effects 

Previous work on Cunife by Neumann, Biichner 
and Reinboth' reports a duplex rolling texture con- 
sisting of (110) [112] and (110) [111], similar to 
the standard copper base alloy type orientations 
This same texture persisted in recrystallizing up to 
1000°C. The interesting results of their work sug- 
gest that increasing the texture by cold rolling re- 
duced the coercive force if the material were not 


Fig. 8—Silmanal was cold rolled 90 pct and aged 48 hr at 
250°C. (111) pole figure. Closed triangles represent (110) 


{112}. 


subsequently aged, but that on subsequent aging 
increasing the texture by cold work increased the 
coercive force. These results indicate that the tex- 
ture in the matrix helps primarily to align the 
precipitate particles, which in turn produced the 
anisotropic properties. 

Studies of the texture in Vicalloy have been pre- 
viously made by Nesbitt.” He reported that X-ray 
measurements showed that texture increased with 
increasing cold work, which persisted during aging 
with but small directional effect on the coercive 
force. He reports that the anisotropy of the texture 
increases the residual induction and the maximum 
energy product in the direction of elongation. 

The investigation under discussion here was under- 
taken to document the rolling and annealing tex- 
tures of five ductile permanent magnet alloys, of 
which two are known to be magnetically anisotropic 
and two are magnetically isotropic. It was hoped to 
develop the maximum preferred orientation in these 
materials from the principles known to the metal- 
lurgist. Furthermore the relation of the preferred 
orientations to the properties of the material and 
the crystallography of precipitation might deter- 
mine to what extent the properties are associated 
with the matrix or with the precipitate. 


Experimental Procedure 
The compositions of the alloys investigated are 


shown in Table I. The Cunife, Cunico and Silmanal 
were commercial materials obtained in a semi- 
processed condition. The Vicalloys were arc melted 
in argon, homogenized 10 hr at 1000°C and hot 
rolled to 20 mils in thickness. Heusler’s Alloy was 


Table |. Composition of Alloy, Wt Pct 


Alley ce 


Balance 16.7 
Balance 


Cunife 

Cunico 
Silmanal 
Vicalloy I 
Viecalloy ll 
Heusler's Alloy 


Balance 
Balance 
Balance 


A‘ 
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Annealed 


Alley 


Cunife t Hr, 1050°C, Water Quenched 
Cunico tHr, 1100°C, Water Quenched 
Silmanal Hr, 765°C, Water Quenched 
Vicalloy I 1 Hr, 1100°C, Furnace Cooled 
Vicalloy 'y Hr, 1200°C, Oil Quenched 
Heusler's Alloy Hr, 600°C 


Table II. Treatment of Alloys 


Pet Cold 
Rolling to 
0.002 In. 


“5 
98.0 
90.0 
90.0 


90.0 
80.0 


Aged 


Annealed 


1 Hr at 625° 
12 Hr at 625° 
48 Hr at 250 
8 Hr at 600 
2 Hr at 600 
6 Hr at 210 


7's Hr, 1085°C, Water Quenched 


FFA 


1 Hr, 600°C, Water Quenched 


induction melted in air, homogenized 2 hr at 900°C, 
and hot rolled to 20 mils in thickness. The subse- 
quent processing of these alloys is shown in Table II. 

Specimens for pole figure determination, torque 
tests, metallographic examination, and coercive force 
measurement were taken after the final cold rolling 
and after the final aging treatments. The pole figures 
were determined on a recording X-ray spectrometer, 
using techniques developed by Geisler.’ The torque 
tests’ were run on l-in. disks rotated in a field of 
1000 oersteds, the torque being determined from a 
search coil which measures the component I per- 
pendicular to the field and puts it on an x-y re- 
corder as a function of angle. This test measures 
the magnetic anisotropy of the sheet, indicating easy 
directions of magnetization which frequently can 
be related to the texture in the sheet. The coercive 
force was determined from de hysteresis loop 
using a recording hysterisograph” with specimens 
consisting of 25 thicknesses measuring %&x1x0.002 
Intrinsic coercive force, hci, is the field strength 


a 


in 
when B H O. For low values of hci, it is similar 
to the usual coercive force, hc, which is the field 


strength when B O. The results are listed in Table 
III, and shown in Figs. 1 to 12. 


Discussion of Results 

Cunife—The rolling texture shown in Fig. 1 cor- 
responds to three principle orientations: (112) [111], 
(110) [112] and (123) [121]. The pole figure is 
very similar to that reported for copper” but differs 
from the results of Neumann et al.’ in that their 
(110) [111] component is probably not present and 
they did not report the (112) [111] or (123) [121] 
components. The torque curve, Table III, indicated 
that a preferred magnetic direction is in the rolling 
direction. The coercive force is low, probably be- 
cause of the low nickel content—17 4 pet. The texture 
as annealed (Fig. 2) is similar to the rolling texture 
except that it is predominantly (110) [112] with 
some (112) [111] present. This pole figure is similar 
to that of low-zinc brass. The torque curve (Fig. 3) 
again indicates a preferred magnetic direction in the 
The coercive force is low, prob- 
ably due to the low nickel content.’ The rolling 
direction in this texture does not contain a {100}- 
type plane which is the plane along which the disk- 
shaped precipitate particles form.” 

Nesbitt, Williams and Bozorth” have pointed out 
that for low fields like H 1000, shape anisotropy 
is primarily responsible for the anisotropy of the 
torque curve and that in a (110) plane of Alnico 
precipitate, particles along three mutually perpen- 
dicular (100) planes will produce an easy direction 
in the <111> direction. By this reasoning, the (110) 
[112] texture in Cunife would produce two easy 
directions about 20° from the rolling direction, which 
might be resolved into a single easy direction in the 


rolling direction 
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rolling direction. Fig. 3 is not unlike Nesbitt’'s Fig. 
8” rotated 55° to align <111> with the rolling direc- 
tion. However, for shape anisotropy, the maximum 
torque should decrease with increasing field strength. 
In the case of Cunife, the maximum torque in- 
creased with increasing field strength, suggesting a 
significant role of magnetocrystalline anisotropy. 


Cunico—The rolling texture in Fig. 4 corresponds 
to a flat (110) [112] texture similar in type to that 
found in brass.” The torque curve indicates that the 
preferred magnetic direction is the rolling direction, 
as confirmed by the coercive force measurements in 
Table III. As annealed, the texture changes essen- 
tially to a [111] fiber, as shown in Fig. 5, and the 
torque curve in Fig. 6 suggests nearly isotropic 
properties, although the coercive force measurements 
in Table III suggest slightly better properties in the 
rolling direction. This coercive force is somewhat 
less than the 660 oersteds obtainable in this alloy,” 
possibly because the homogenizing time was shorter 
(3 vs 10 hr) and the aging temperature was lower 
(625° vs 650°C). In this alloy precipitation occurs 
along {100} planes of the matrix and precipitate.” 
On the basis of Nesbitt, Williams and Bozorth’s 
analysis” for shape anisotropy of particles on three 
{100} planes, the easy directions should be in the 

111> direction which corresponds to the rolling 
direction and is supported by the experimental ob- 
However, again the effect of increasing 

it increased the maximum 
important role of magneto- 


servation 
field strength was that 
torque, suggesting an 
crystalline anisotropy 


Silmanal——As rolled, the texture shown in Fig. 7 
is essentially the (110) [112] type, the torque curve 
is isotropic, and the coercive force is zero. As aged, 
the texture is the same, but more diffuse (Fig. 8); 
the torque curve is still isotropic (Fig. 9); and the 
intrinsic coercive force, Table HUI, is 6500 oersteds 
in both the rolling and transverse directions. This 
alloy is of the precipitation type,” occurring on the 
(100) planes of the matrix. The precipitate is prob- 
ably an ordered body-centered-cubic structure. The 
isotropy of the properties, in spite of the preferred 
orientation of the matrix, might be related to spheri- 


45 90 


ANGLE WiThH 


Fig. 9—Silmanal, 0.002«! in. diam, was cold rolled 90 pet 
and aged 48 hr at 250°C. Torque curve 
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5 DIRECTION, DEGREES 
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Texture, Rolling 


Alley Cendition Plane, and Direction 


Cuntfe Rolled (112) (111), (110) (112), 
(123) (121) 

Annealed (210) (212), (112) (111) 
Cunteo Rolled (110) (112) 


Annealed (111) Fiber 


(110) (112) 
(110) (112) 


Rolled 
Annealed 


Silmanal 


(100) (011) to 
112) (110) 
(111) (112) to 


(111) (110) 
Same 


Vicalloy I Rolled 


Annealed 


Nearly random, but sim- 
ilar to Vicalloy I in type 


Viealloy Ul Rolled 


Saine as rolled 


Annealed 


Random 
Random 


Rolled 
Annealed 


Heusler's Alloy 


Table Ill. Structure and Properties of Alloys 


Pig. Direction 


Angle te 
Rolling 
Direction 


Terque Anisotropy, 
Angle to Rolling 


1 0°, 168°, 345° 76.5 


0°, 164°, 345° 3 150.0 o 
4 9°, 191° 


5 Isotropic 6 


7 Isotropic 0 
8 Isotropic 


84°, 265° a 
45 30° 
39 60° 
45 90° 


Nearly isotropic, 46 
6°, 175° 


Nearly isotropic 


0 


*, 180° 


Isotropic 
Isotropic 


cal precipitation or lack of shape anisotropy. This 
would be consistent with the high magnetizing fields 
required, Geisler” reports a fine precipitate in 
Silmanal in which the shape anisotropy seems small. 

Vicalloy I-—-As rolled, the texture (Fig. 10) is 
typical of iron alloys consisting of the following 
components: (100) [O11] to (112) [110]; (111) 
[i112] to (111) [110]. The torque curve, Table III, 
indicates preferred magnetic directions near 90° and 
270°, although the coercive force has a small peak 
near 30°. 


Fig. 10-—Vicalloy | was cold rolled 90 pct. (100) pole figure. 
Closed squares represent (112) [110]; open squares, (100) 
[O11]; open diamonds, (111) [112]; and closed diamonds, 
(111) (110) 


966—JOURNAL OF METALS, AUGUST 1956 


As annealed, the texture remains the same, Fig. 
11, and the torque curve is nearly isotropic as shown 
in Fig. 12. The coercive force, Table III, is around 
200 oersteds with a slight preference for the rolling 
direction. (The low coercive force may be associated 
with the tungsten contamination from arc melting.) 
During aging, this alloy develops an ordered ferrite 
body-centered-cubic structure accompanied by pre- 
cipitation of the face-centered-cubic y." The y prob- 
ably precipitates along {110}-type planes;" the 
ordering, if it is like Co-Fe, probably occurs 
along {100}-type planes.” The change in the opti- 
mum magnetic direction from 90° to 0° from the 
rolling direction without a change in texture type 
and the nearly isotropic coercive force data suggest 
that the role of the texture is secondary. The pre- 
cipitation of y along the {110} planes in the rolling 
direction may have some effect. Geisler” has pointed 
out that since y is nonmagnetic, its effect is probably 
small and thus suggests there is an effect from cold 
working on the enhanced properties in the rolling 
direction.’ It is possible that optimum properties are 
associated with the ordering or straining of the 
ferrite resulting from the coherent precipitation of 
the austenite. 

Vicalloy Il—The textures and properties of this 
alloy are similar tto Vicalloy I except that the coer- 
cive force is larger and more isotropic and the tex- 
ture is flatter, Table HI. The preferred magnetic 
direction is the rolling direction, probably both as 
rolled and annealed. The torque curves are very 
flat, suggesting nearly isotropic behavior. The dis- 
cussion of Vicalloy I also applies to this alloy 

Heusler’s Alloy—The following results are in- 
cluded only for the record, since this composition, 
chosen for its ductility, developed poor magnetic 
properties. The texture as rolled and as annealed 
was nearly random. After aging, the torque curve 
was flat, and the coercive force was about 20, con- 
sistent with the short aging time.“ This alloy pre- 
cipitates an ordered, body-centered-cubic inter- 
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224.0 30° 
199.0 60° 
467.0 0° 
450.0 30° 
437.0 60" 
416.0 90 
_ 
11 180 12 206 0° 
30° 
194 60" 
90° 
4 60" 
306 30° 
306 60" 
306 90" 
20 
4 90" 
| RD 
| je 
\ 
4 = 


Fig. 11—Vicalloy | was cold rolled 90 pct and annealed 8 hr 
at 600°C. (100) pole figure. Closed squares represent (112) 


[110]; open squares, (100) [011]; open diamonds, (111) 
[112]; and closed diamonds, (111) [110]. 


5 
= 


TORQUE ERGS/cM® x 
% 


45 90 135 225 270 
ANGLE WITH ROLLING DIRECTION DEGREES 

Fig. 12—Vicalloy |, 0.002x1 in. diam, was cold rolled 90 pct 

and aged 8 hr at 600°C. Torque curve. 


metallic compound from a face-centered-cubic mat- 
rix. Magnetic properties derive from the distance 
between manganese atoms in the precipitate 
Torque vs Field—Torque curves were determined 
on fully heat treated disks of all alloys at fields 
ranging from 200 to 9000 oersteds. The position of 
the maximum torque relative to the rolling direc- 
tion changed little as a function of field. Unlike 
the results of Nesbitt and Williams” for Alnico V, 
the torque increased with increasing field. This re- 


sult suggests that in this range of field strengths 
magnetocrystalline anisotropy still plays a significant 
role in these alloys 
Summary 

In Cunife and Vicalloy I, distinct textures are 
associated with magnetic anisotropy as measured by 
coercive force or torque curves. In Cunico, Silmanal 
and Vicalloy II, distinct textures are associated with 
isotropic torque curves, and nearly random textures 
with nearly random properties in Heusler’s Alloy. 

No clear-cut conclusions could be reached regard- 
ing the role of shape anisotropy, magnetocrystalline 
anisotropy, or strain anisotropy of the precipitate as 
related to the single domain theory of this type of 
permanent magnet alloy. The data on Cunife, Cunico, 
and Silmanal are consistent with the concept of 
torque anisotropy at low fields being associated with 
the shape anisotropy of the precipitate particles, as 
suggested by Nesbitt et al.” However, the effect of 
field strength on maximum torque suggests that 
magnetocrystalline anisotropy plays a_ significant 
role in these alloys. 
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Effect of the Annealing Temperature on the 


Formation of the Cube Texture 


by Alfonso Merlini 


IFFERENT explanations have been given by the 
two current theories of the annealing textures 
for the variation of annealing texture with the an- 
nealing temperature observed in rolled polycrystal- 
and brass, and in rolled 
The theory 


line aluminum,’ copper,‘ 
single crystals of copper* and silicon iron 
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of oriented nucleation assumes that the observed 
effect of annealing temperature on the resulting 
texture is determined by the orientation of nuclei 
of recrystallized grains. Nuclei which are active at 
low annealing temperatures may have orientations 
different from those of nuclei active at high anneal- 
ing temperatures.” For instance, the relative induc- 
tion periods or, more specifically, the relative rates 
of polygonization of crystalline fragments having 
different orientations could vary with the annealing 
temperature It has been claimed’ that changes in 
the annealing texture with varying annealing tem- 
perature cannot be reconciled with the oriented 
growth theory. On the other hand, from the point 
of view of the theory of oriented growth, a texture 
which forms either by annealing at high tempera- 
ture or by prolonged annealing at low temperature 
is the result of preferential growth of new grains at 
the expense of the deformed matrix, and of varying 
amounts of subsequent grain growth at the expense 
of the fully annealed matrix. In a matrix with 
multiple preferred orientations, grains having the 
orientational relationship most favorable for growth 
with respect to the matrix as a whole will grow in 
preference to grains in other orientations.” 

In an experiment by Wilson and Brick,* a sample 
of highly rolled 70-30 brass was annealed for 24 hr 
at 250°C, producing an annealing texture typical of 
a low annealing temperature. The specimen was 
then reannealed at 700°C for 1 hr. It showed the 
ame annealing texture obtained by annealing di- 
rectly at 600° to 700°C.* The authors concluded that 

* In these experiments the rate of heating to the annealing tem 
perature wae low As the authors point out, it might be desirable to 
confirm the above results with specimens rapidly heated 
the high temperature texture results from grain 
growth, Le, the additional growth of recrystallized 
grains present in the matrix after the low tempera- 
ture annealing. It appears that the textural changes 
which occur at high temperature in 70-30 brass do 
not contradict the principles of oriented growth" ™ 
if textural changes resulting from grain growth are 
taken into consideration 

Baldwin’ found that the percentage of grains in 
cube orientation formed on annealing of a cold 
rolled copper sheet increases with increasing an- 
nealing temperature. On the basis of the theory of 
oriented nucleation, this would mean that the num- 
ber of nuclei in cube orientation increases at high 
temperatures. On the other hand, the explanation 
offered for this phenomenon by the theory of oriented 
growth is that the amount of cube texture increases 
with increasing annealing temperature because of 
preferential growth of the grains with cube orien- 
tation at the expense of other grains in the fully 
annealed matrix.” The present investigation was 
carried out in order to test experimentally the rela- 
tive merits of the two competing explanations of the 
increase of the fraction of cube texture with in- 
creasing annealing temperature 


Experimental Procedure 


For the present work a 0.130 in. thick hot rolled 
OFHC copper plate was used. A 14 in. wide strip, 
cut from the plate, was annealed for 1%q hr at 760°C 
in order to produce a relatively large grain size. The 
strip was then cold rolled to a final thickness of 
0.015 in. by reversing the strip end to end after each 
pass. The total reduction in thickness by cold roll- 
ing was 88.5 pet. The temperature of the anneal 
before the cold rolling and the amount of the cold 
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rolling reduction were selected as given in order to 
obtain a low temperature annealing texture con- 
sisting of a mixture of a cube texture component 
with large amounts of other components. 

The minimum temperature necessary for com- 
piete softening in 10 min has been determined by 
annealing specimens of the cold rolled strip in salt 
bath at varying temperatures. The results of the 
hardness measurements are given in Fig. 1. The 
specimen used for the determination of the low tem- 
perature annealing texture was annealed at 315°C 
for 10 min. A second specimen, previously annealed 
at 315°C for 10 min, the first specimen, and a third 
specimen in the cold rolled condition, were then 
annealed together for 20 min at 825°C. The anneal- 
ing at high temperature was carried out in a vertical 
tube furnace in an atmosphere of helium and 8 pct 
H. After having introduced the two specimens in 
the upper part of the furnace, the furnace was 
flushed for 2 to 3 min with the helium and hydrogen 
mixture. The two samples were then rapidly low- 
ered to the hot zone of the furnace. It was found 
that keeping a cold rolled specimen in the upper 
part of the furnace did not cause it to recrystallize 
at low temperature, since the hardness of a cold 
rolled specimen left for about 5 min in the upper 
part of the furnace and then removed was the same 
as that of the cold rolled strip. 

The preparation of the X-ray specimens and the 
method of procedure for texture determination were 
the same as described in earlier publications.” 


Experimental Results and Discussion 

Fig. 2 shows the (111) pole figure, and Fig. 3 the 
(200) pole figure for the specimen annealed 10 min 
at 315°C. 

As seen in Fig. 4, a large increase of the grain 
size occurs on annealing at high temperature. Fig. 5 
shows the (111) pole figure of the specimen an- 
nealed for 10 min at 315°C and subsequently for 20 
min at 825°C. The comparison of this pole figure 
with the corresponding one for the first specimen, 
Fig. 2, shows that the additional anneal at high 
temperature increases the sharpness of the maxima 
and decreases the intensity of the orientation 


spreads. A few areas of the (200) pole figure for 


140 


120 


Hardress ——» 


As rolled 200 220 %0 20 280 300 320 30 360 
Annealing Temperature 


Fig. |—Hardness vs annealing temperature is plotted for 88.5 
pet straight rolled OFHC copper. Specimen was annealed for 
10 min in a salt bath. 
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Fig. 2—(111) pole figure for 88.5 pct rolled OFHC copper, 
after annealing in salt bath for 10 min at 315°C. Intensities 
are in arbitrary units. Open triangles give (111) poles of one 
of the four A-type annealing texture components, correspond 
ing approximately to (358) [634]. Half-filled triangles de 
note (111) poles of the cube texture component 


the second specimen had been investigated, par- 
ticularly the maximum in the center of the pole 
figure and the high intensity area at about 30° from 
the center toward the rolling direction. This high 
intensity area is not resolved into four different 
maxima, as is the corresponding one in the (200) 
pole figure for the first specimen, Fig. 3. 


Table |. Coordinates of the Maxima Used as Basis to Determine 
the Ideal Orientations of the Annealing Texture Components for 
Specimens of 88.5 Pct Rolled OFHC Copper 


Coordinates of the 
Maxima 


Type of 


Component Pole Figure 


a 
First Specimen 


22 5 
28 


(111), Fig. 2 
(200), Fig. 3 
Second Specimen 

(111), Pig. 
(200) 


orientation (111), Fig. ! 


For the third specimen, annealed for 20 min at 
825°C, only the central part of the (111) pole figure, 


up to 60° from the center, has been determined. In 
addition, the distribution of intensity for the maxi- 
mum in the center and for the high intensity area 
at about 30° from the center toward the rolling 
direction in the (200) pole figure has also been 
measured. As far as it is possible to conclude from 
these determinations the texture of this specimen is 
the same as that of the second one 

In spite of the large spreads of the pole figure for 
the specimen annealed 10 min at 315°C, it was pos- 
sible to interpret uniquely the ideal orientations 
corresponding to the various maxima. The main 
components are of two types, designated with the 
letters A and C. In the pole figures, one ideal orien- 
tation of each type is indicated by the location of 
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Fig. 3—(200) pole figure for 88.5 pet rolled OFHC copper, 
after annealing in salt bath for 10 min at 315°C. Intensities 
are in arbitrary units. Specimen is same as in Fig. 2. Dashed 
lines correspond to zones which have not been investigated 
Open squares give (200) poles of one of the four A-type an 
nealing texture components, corresponding approximately to 
(358) [634]. Half-filled squares denote (200) poles of the 
cube texture component 


the corresponding poles. In addition to the above 
components, in the case of the specimen annealed 
10 min at 315°C, then for 20 min at 825°C, another 
orientation, designated T, may be used to explain 
all the maxima of the (111) pole figure. 


Four other components, approximately of the (439) (845) type 
might be intreduced to account for some high intensity areas of the 
pole figures for the three specimens Since the (lll) and +200) 


pole of the 439) (845) ortentation either correspond to intensity 
maxima common to poles of other components or fall inside high 
intensity areas where no maximum is present, with the only excep 


tion of the four 200; maxima nearest to the center in Fig. 3, the 


components of the 4aa9 #45!) type were not considered uniquely 
determined and were not included with the other components in 
scribing the annealing texture The presence of components of the 


#45! type would have an interesting connotation. Their ori 

on is near that of components in the annealing texture of a 

These last components change over continuousl with in 

creasing zine content, into the four main annealing texture com 
ponents of 70-30 brass 


Table I gives the tilting angle 4 and the azimuthal 
angle a for the maxima used as the basis for deter 
mining the ideal orientations of the annealing tex- 
ture components. The indices of the ideal orienta- 
tions are given in Table II 

The A orientation has a multiplicity of four and, 
correspondingly, four orientations of this type ap- 
pear in the annealing texture. C designates the cube 
texture, which has a multiplicity of one. T, which 
denotes the twin of the cube orientation, gives rise 
to four maxima near the transverse direction of the 
(111) pole figure for the second specimen 
ponding to these maxima there are fairly high in 
tensities, but no definite maxima, in the (111) pole 
figure of the first specimen 

Cook and Richards showed that by suitable choice 
of the penultimate grain size and of the amount of 
the rolling reduction, an annealing texture may be 
obtained for cold rolled copper which contains com- 
ponents similar to those in the deformation texture 
In the present investigation, the orientation of the 
A components for the first specimen does not coin- 


Corres- 
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Fig. 4X -ray transmission patterns, taken with copper radia- 
tion, show: A, the first specimen, annealed in salt bath for 
10 min at 315°C, and B, the second specimen, annealed in 
salt bath for 10 min at 315°C, then in helium and hydrogen 
atmosphere for 20 min at 825°C. Rings correspond to reflec. 


tions from (111) and (200) planes. The plane of both speci- 
mens was tilted 25° from the plane normal to the incident 
X-ray beam around an axis parallel to the rolling direction. 
The corresponding pattern for the specimen annealed directly 
at 825°C for 20 min was identical to pattern B. The patterns 
clearly show that a large increase in the grain size is asso- 
ciated with the annealing at high temperature. 


cide exactly with the orientation of the main rolling 
texture components of 96 pct straight rolled copper, 
previously determined by Hu, Sperry, and Beck.” 
It may be assumed that the orientation of the main 
rolling texture components does not vary appre- 
ciably with the grain size and the amount of defor- 
mation, so that it was probably the same in the 
present work. Consequently, the A components do 
not seem to be components retained from the defor- 
mation texture.” Each A component has a (111) pole 
near the normal direction, and a peripheral (111) 
pole, which coincides approximately with the two 
corresponding (111) poles of the deformation tex- 
Accordingly, the A components may be con- 
sidered derived from the deformation texture by 
rotations of 35° to 40° around either one or both of 
the above (111) poles, On the basis of the oriented 
growth theory, a grain in the A orientation is favor- 
ably oriented for growth by having nearly maximum 
boundary mobility with respect to two components 
of the deformation texture. The same process of 
local reorientation which is at least partially re- 
sponsible for the retainment of the rolling texture 
in aluminum" may account for the formation of the 
A components in copper 

The orientation of the A components for the first 
specimen does not coincide exactly with that of the 
A components for the second, since the location of 
the (111) maxima near the transverse direction is 
somewhat different. The A components appearing 
in the annealing texture of the second specimen are 
related to the cube orientation by a rotation of 
approximately 40° around a [111] axis; the com- 
ponents of the coarsening texture of copper have a 
similar orientational relationship.” It might be ex- 
pected that the orientation of the A components 
gradually shifts with progressive grain growth to- 
ward the orientation of the coarsening texture 

An ideal cube texture would require that the 
(200) maxima in the rolling transverse and normal 
directions all have the same intensity and shape 
This is not the case for the first specimen. The (200) 
pole figure, Fig. 3, shows that the maximum in the 
rolling direction is much more intense than the 
the center and transverse direction. 


ture 


maximum in 


970-—JOURNAL OF METALS, AUGUST 1956 


The radial section of the (200) pole figure from the 
center toward the rolling direction, Fig. 6, shows 
clearly that the peak in the rolling direction is three 
times as intense as the peak in the normal direction. 
This anomaly of the cube texture component might 
be interpreted in terms of a spread corresponding 
to a rotation around the [100] axis in the rolling 
direction. 

An approximate evaluation of the relative amount 
of the cube texture may be obtained by comparing 
the intensity of the maximum in the center of the 
(200) pole figure with the intensities of the (111) 
and (200) maxima at about 23° and 30°, respec- 
tively, from the center toward the rolling direction. 
With increasing annealing temperature, there is a 
large relative increase of the intensity for the (200) 
maximum in the center of the pole figure in contrast 
with the (200) maximum at about 30° from the 
center toward the rolling direction, Fig. 6. The same 
may be observed if the maximum in the center of 
the (200) pole figure is compared with the (111) 
maximum at about 30° from the center of the pole 
figure toward the rolling direction. In agreement 
with Baldwin,’ the specimen annealed directly at 
high temperature contains a larger amount of cube 
texture than the specimen annealed at low tem- 
perature. In addition, Fig. 6 shows that the two 
specimens annealed at high temperature contain 
approximately the same amount of cube texture.t 


t Actually, the ratios between the maximum intensity in the cen- 
ter of the (200) pole figure and the highest intensities of the (111) 
and (200) maxima at about 23° and 30°, respectively, from the cen- 
ter toward the rolling direction, are slightly higher for the third 
specimen, annealed directiy at high temperature, than for the sec- 
ond specimen, annealed at low temperature and subsequently at 
high temperature. In view of the lateral spreads of the maxima it 
is difficult to decide whether the small difference in the above ratios 
does correspond to a real difference in the amount of the cube 
texture 


This fact disagrees with the prediction of the theory 
of oriented nucleation, according to which the speci- 


Table tl. Indices of the Idea! Orientations for Each Type of Anneal- 
ing Texture Component for the Three Specimens of 88.5 Pct Rolled 


OFHC Copper 
Second 

First Specimen, Third 
Specimen, Annealed Specimen, 
Type of Annealed 10 Min at 315°C Annealed 
Com- 10 Min at and 20 Min at 

ponent sisec 20 Min at 825°C 
A (358) (634) (347) (835) As in the 

¢ (001) (100) (001) (100) second 
T (122) (212) specimen 


men previously annealed at low temperature would 
contain a much lower amount of cube texture than 
the specimen directly annealed at high temperature. 
On the basis of the oriented growth theory the high 
temperature annealing texture is determined by 
preferential grain growth at the expense of the fully 
annealed matrix. That additional grain growth 
actually does take place is shown by the increase 
in the grain size during the high temperature an- 
neal, Fig. 4. Grains in cube orientation are oriented 
for high boundary mobility with respect to the four 
A components of the low temperature annealing 
texture because the A components have orientations 
near those of the main deformation texture com- 
ponents." “ The increase of the amount of the cube 
texture component on grain growth is, therefore, in 
good agreement with the principles of the oriented 
growth theory. The approximately equal amount 
of the cube texture component in the two specimens 
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annealed at high temperature may be readily inter- 
preted as a result of grain growth to approximately 
the same extent, regardless of whether the high 
temperature anneal was preceded by recrystalliza- 
tion at low temperature or not. 

Similar considerations may be applied to explain 
the results obtained by Wilson and Brick.’ In 70-30 
brass, annealing at high temperature produces a 
reversal of the low temperature annealing texture 
into the original (011) [211] rolling texture. Since 
the low temperature annealing texture has orig- 
inated from a matrix with (011) [211] ideal orien- 
tations, on the basis of the oriented growth theory 
grains in the (011) [211] orientation would be ex- 
pected to have high boundary mobility with respect 
to the matrix of the low temperature annealing 
texture. On the other hand, the fact that the forma- 
tion of the high temperature annealing texture is 
not influenced by a previous anneal at low tem- 
perature contradicts the prediction of the oriented 
nucleation theory. 

It might be significant that a high temperature 
textural change, similar to the one observed in 
70-30 brass, also occurs in silver, where it is asso- 
ciated with discontinuous grain growth.” From the 
point of view of the theory of oriented growth, the 
formation of coarsening textures and the variation 
of a texture with the annealing temperature due to 
grain growth are similar phenomena. Presumably, 
the marked difference in the final grain size asso- 
ciated with the two phenomena is due to the number 
of grains having the orientational relationship favor- 
able for growth at the expense of the low tempera- 
ture annealed matrix. 


Fig. 5—(111) pole figure for 88.5 pct rolled and annealed 
OFHC copper. Intensities are in arbitrary units. The speci- 
men, similar to and from the same sheet as Fig. |, was an 
nealed in salt bath for 10 min at 315°C, then in helium and 
hydrogen atmosphere for 20 min at 825°C. The lines are 
dashed or interrupted in areas of the pole figure which have 
not been investigated. Open triangles give (111) poles of one 
of the four A-type annealing texture components, correspond. 
ing approximately to (347) [835|. Half-filled triangles de 
note (111) poles of the cube texture component. Half-filled 
triangles with bars locate (111) poles of one of the four twins 


of the cube orientation corresponding to (122) [212) 
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hag Augie 
Fig. 6—X-ray intensity reflected by (200) planes parallel to 
the transverse direction, as a function of their tilting angle 
with respect to the rolling plane. The open circles refer to 
the specimen annealed in salt bath for 10 min at 315°C 
Half-filled circles refer to the specimen annealed in salt bath 
for 10 min at 315°C, then in helium and hydrogen atmos 
phere for 20 min at 825°C. Filled circles refer to the speci 
men annealed directly in helium and hydrogen atmosphere 
for 20 min at 825°C. The maxima at the normal direction 
and the rolling direction correspond to two poles of the cube 
orientation. 


Summary 


By a suitable choice of the penultimate grain size 
and the rolling reduction, an OFHC copper strip 
was produced which has a low temperature, 315 C, 
annealing texture containing, in addition to the 
cube texture component, four components similar 
to those of the deformation texture. After anneal- 
ing at high temperature, 825°C, the amount of cube 
texture is much larger than that obtained at low 
temperature. It is not appreciably influenced by 
a previous anneal of the specimen at low tempera- 
ture. This result contradicts the oriented nuclea- 
tion theory,” but is in excellent agreement with the 
principles of the oriented growth theory 
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Solidification of Aluminum-Zinc Alloys 


The solidification of Al-Zn alloys (2 to 70 pct Zn) was investigated at different rates 
of solidification. The resulting structures were studied; the amounts of nonequilibrium 
eutectic were measured and compared with the amounts calculated on the assumption of 
no diffusion in the solid. The compositions of the cored primary constituent were investi- 
gated by quantitative autoradiography after activation of the zinc by neutron irradiation. 
These compositions were also determined from microhardness values. 


by Donald Jaffe and Michael B. Bever 


N a recent investigation of the solidification of 

aluminum-rich Al-Cu alloys,’ the amounts of non- 
equilibrium eutectic were measured and compared 
with the amounts calculated on the assumption of no 
diffusion in the solid. The compositions of the cored 
primary constituent were investigated by quanti- 
tative autoradiography. The work reported here ex- 
tends the investigation of nonequilibrium solidifica- 
tion to the Al-Zn system in the range from 2 to 70 
pet Zn. In addition to autoradiography, microhard- 
ness values were used to determine compositions on 
a microscale 


Solidification Experiments 

The alloys contained approximately 2, 6, 12, 20, 
30, 50, and 70 wt pet Zn and the balance aluminum. 
According to published diagrams the eutectic re- 
action occurs at 382°C between the eutectic liquid 
(95 pet Zn), @ (82.8 pet Zn), and 8 (98.9 pet Zn) 
Solid-state reactions at lower temperatures (due to 
the miscibility gap between 350° and 275°C, the 
eutectoid at 275 C, and the precipitation from super- 
saturated a) did not affect this investigation. Even 
if they occurred to any appreciable extent, they did 
not alter the evidence pertaining to the solidification 
structures 
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BEVER, Member AIME, is Associate Professor, Dept. of Metallurgy, 
Massachusetts Institute of Technology, Cambridge, Mass 

TP 4189E. Manuscript, Apr. 28, 1955. New York Meeting, Feb 
ruary 1956 


972—JOURNAL OF METALS, AUGUST 1956 


The alloys had to be of high purity to avoid radio- 
active contamination during activation. The alumi- 
num analyzed 0.015 pet Si, 0.009 pct Fe, less than 
0.004 pet Cu, and less than 0.006 pet Mg with traces 
of sodium and titanium; the zinc was reported to 
be at least 99.99 pet pure with traces of iron and 
magnesium 

The alloys were prepared under argon in an in- 
duction-heated, bottom-pouring furnace, and poured 
into a coated steel mold, which could be preheated 
to temperatures up to 700°C in order to control 
the rate of solidification. The pouring temperatures 
ranged from about 40° above the liquidus for 2 pct 
Zn alloys to about 130°C above the liquidus for 70 
pet Zn alloys. As soon as the melt entered the mold, 
the readings of a thermocouple placed ‘% in. above 
the bottom of the mold were recorded by a record- 
ing potentiometer. Cooling at the rate induced by 
the initial temperature of the mold was continued 
to a temperature 100°C below the liquidus; the mold 
with its contents was then quenched in icy brine 

Quenching from a fixed interval below the 
liquidus was used to provide a standardized proced- 
ure, since the solidus and liquidus temperatures and 
the interval between them vary greatly over the 
composition range investigated. The temperatures 
from which the samples were quenched were below 
the equilibrium solidus, but under nonequilibrium 
conditions some liquid was still present. This resi- 
dual liquid solidified during the quench. 

The samples measured % in. diam and 1'% in 
height. Drillings for chemical analysis were taken 
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Table |. Concentrations in Primary Al-Zn Solid Solution 


From Autoradiographic Measurements trom Mocrohardness Measurements 


Maximum Zine Minimum Zine Maximum Zine Minimum Zine 

Concentration of Concentration Concentration of Concentration 
Overall Interdendritic of Dendrite Microsegregation, Interdendritic of Dendrite Microsegregation, 
Analysis, Material, Wt Arms, Wt ( Material, Wt Arms, Wt 


an ( Cmas 
Wt Pet Za Pet, C mas Pet, Wt Pet Zn Pet, C mas Pet, Cy Wt Pet Za 


2.70 
6.60 
10.43 


adjacent to the sections used for metallography, 
lineal analysis, autoradiography, and microhardness 
determinations. The analyses of some samples dif- 
fered appreciably from the nominal compositions, 
probably owing to macrosegregation 

Cooling curves drawn from the potentiometer 
records are shown in Fig. 1. The horizontal dashed 
lines indicate the equilibrium liquidus** and the 
eutectic temperature; the vertical dashed lines rep- 
resent the quench, A solidification parameter is de- 
fined as the 100°C interval of controlled cooling 
divided by the time elapsed between the first change 
in slope of the cooling curve and the beginning of 
the quench 

Fig. 1 shows that undercooling tended to increase 
with increasing cooling rate. A maximum undercool- 
ing of about 11 C was observed in the fastest cooled 
sample containing 1.75 pet Zn. Although only a 
change in slope of the cooling curve would be ex- 
pected at the liquidus, a hold appeared in many in- 
stances and was especially pronounced in slowly 
cooled alloys of low zine content. A similar observa- 
tion was made with Al-Cu alloys.’ 


Metallographic Investigation 

Metallographic specimens were prepared from the 
samples made in the solidification experiments, The 
plane of polish was located slightly above the ther- 
mocouple bead 

Morphology —The outstanding feature of the mic- 
rostructures of most samples was the presence of 
eutectic in addition to the primary constituent of 
cored « solid solution. For a given composition 
the total amount of eutectic increased, but the size 
of individual areas of eutectic decreased with in- 
creasing cooling rate 

The eutectic, which in every case had solidified 
during the quench, differed in fineness and degree of 


Fig. 2—Volume per 
centage eutectic vs 
solidification 
parameter for Al. Zn 
alloys of various 
nominal compositions 


Fig. |\—Cooling curves of alloys with nominal compositions of 
2, 6, 12, 20, 30, 50, and 70 pct Zn. TOP: Nominal solidifica 
tion parameter of 10°C per min. CENTER: Nominal solidifi 
cation parameter of 22°C per min. BOTTOM: Nominal 
solidification parameter of 220°C per min 
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a) Sample 41, 2.70 pct Zn. Solidifica 
tion parameter of 11.6°C per min 


b) Sample 40, 6.60 pct Zn. Solidifica- 
tion parameter of 11.8°C per min. 


c) Sample 39, 10.43 pct Zn. Solidifi- 
cation parameter of 11.4°C per min. 


Fig. 3—Photographic enlargements of autoradiographs of cast Al-Zn alloys. X6. Reduced approximately 15 pct for reproduction. 


divorcement only slightly owing to minor differences 
in heat extraction, since the mold was preheated to 
different temperatures in order to induce different 
rates of solidification of the primary a. The shape 
and distribution of the eutectic regions, however, 
changed appreciably with the solidification para- 
meter because the overall configuration of the eutec- 
tic was governed by the pre-existing primary grains. 

A dark etching sheath surrounding the eutectic 
was observed at high magnifications in many speci- 
mens. Gaylor and Sutherland‘ noted a similar sheath, 
which disappeared after prolonged annealing below 
the eutectic temperature. They concluded that it was 
not part of the eutectic and attributed it to severe 
coring during cooling from about 450° to 435°C, 
since the solidus extends from approximately 59 to 
74 pet Zn over this small temperature interval. The 
sheath was not counted as eutectic in the lineal an- 
alysis 

Lineal Analysis—-The eutectic was measured by 
lineal analysis with a Hurlbut counter at X1400. At 
least four traverses were made on each sample and 
counting was continued until the standard error of 
the mean was less than 3 pet. Since samples con- 
taining less than 20 pet Zn did not contain enough 
eutectic for accurate measurement, only alloys in 
the range of 20 to 70 pet Zn were analyzed 

Fig. 2 shows the volume percentage of eutectic 
plotted vs the solidification parameter for alloys 
containing nominally 20, 30, 50, and 70 pet Zn. The 
dashed horizontal line above each curve indicates 
the theoretical maximum amount of eutectic calcu- 
lated on the assumption that no diffusion occurs in 
the solid and the composition of the liquid conforms 
to the equilibrium liquidus.’ The calculations were 
based on published phase diagrams.” No meas- 
ured value is included in Fig. 2 for the 70 pet Zn 
alloy with a nominal solidification parameter of 
10°C per min because the sample deviated too much 
from the nominal zine content 

The amount of eutectic shows the expected in- 
crease with increasing solidification rate for all 
compositions. For a given solidification rate the 
ratio of the observed to the theoretical amount of 
eutectic increases with the zine content 


Autoradiographic Investigation 
When AI-Zn alloys of high purity are irradiated 
with thermal neutrons, after a short period only 
Zn” retains appreciable activity. The decay of this 
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isotope yields f radiation suitable for autoradio- 
graphy. Autoradiographs made in this way show 
microsegregation qualitatively and in favorable 
cases can also supply quantitative information. 

The requirements of autoradiography with metals 
and specific procedures for Al-Cu alloys have been 
described.’ * The following account emphasizes dif- 
ferences between Al-Cu and Al-Zn alloys. From an 
estimate of the desired activity (7.5x10° disintegra- 
tions per sq cm) for the photographic exposure, ap- 
proximate irradiation times were calculated and 
improved upon by trial and error; the irradiation 
times found successful ranged from 2 to 24 min. 
After a preliminary decay period of 1 hr, photo- 
graphic exposures were made for 15 to 30 min. A 
standardized processing procedure was adopted for 
all plates intended for quantitative work. With a 
given activity, the NTB-2 emulsion produced ap- 
proximately twice as dense autoradiographs as the 
NTB emulsion. 

For quantitative determination of the concentra- 
tion gradients the density was measured across 
prominent dendrites in the autoradiographs with a 
recording microdensitometer having effective slit 
dimensions of 3x70 yw. The areas were so chosen as to 
minimize interference from the eutectic, The densi- 
ties were converted to wt pct Zn by a calibration 
curve based on standards having nominal composi- 
tions of 5 to 15 pet Zn. 

Measurements could be made only on the slowest- 
cooled samples containing 2.70, 6.60, and 10.43 pct 
Zn. The dendrites of the faster-cooled alloys were 
too small to be resolved. The autoradiographs of the 
alloys of higher zinc content showed a general black- 
ening, which could not be interpreted in terms of 
either macro or microsegregation 

Representative autoradiographs are shown in Fig. 
3. The dark areas indicate low and the light areas 
high concentrations of zinc; this relation reversed 
the shading in the original autoradiographs. The 
prominent dendrite systems shown in this figure 
were evaluated by densitometry. 

The zine contents found from autoradiographs are 
listed in Table I. In the conversion it was assumed 
that the density of the autoradiographs of the stand- 
ard samples was directly proportional to composi- 
tion. This assumption is strictly true only if 1) the 
density of the alloy does not change with zinc con- 
tent, and 2) the emulsion has a linear response over 
the range of densities covered in the calibration 


TRANSACTIONS AIME 


curve. Neither of these conditions was fulfilled, but 
the deviations were in opposite directions: the den- 
sity of the alloy, and hence the amount of £ radia- 
tion, increased disproportionately at higher zinc 
contents, while the sensitivity of the emulsion de- 
creased disproportionately in the same range. Since 
the resulting compensation can be only partial, the 
quantitative results based on autoradiography are 
considered less accurate in the present work than in 
the investigation of Al-Cu alloys, which covered 
a much smaller composition range.’ 

The microsegregation, expressed as the difference 
between maximum and minimum zinc concentra- 
tions in interdendritic regions and dendrite arms, 
increased with overall zinc content. In sample 39, 
analyzing 10.43 pet Zn a maximum zinc concentra- 
tion of 32 pet was found. This high local concentra- 
tion illustrates the severity of coring in the primary 
constituent. 


Microhardness Investigation 

Microhardness measurements can be used to de- 
termine concentrations on a microscale. Brenner and 
Kostron’ showed this in an investigation of a cast 
aluminum alloy containing 4 pect Cu. They assumed 
that any aging was approximately equal in the as- 
cast samples and in the standards. This assumption 
seemed to introduce little error for the Al-Cu alloy, 
but an attempt to apply the technique to a com- 
mercial Al-Cu-Mg alloy failed because of aging. 

In the present work, microhardness gradients 
across prominent dendrites were converted to wt 
pet Zn by a calibration based on samples of known 
zinc content. These were prepared by annealing sec- 
tions cut from the bottom of ingots made in the 
solidification experiments. When samples contain- 
ing over 20 pct Zn were annealed, voids appeared in 
regions previously occupied by eutectic and even 
after prolonged annealing, etching indicated per- 
sistent concentration differences. The calibration 
curve was carried to 21.5 pet Zn. With a load of 50 g, 
the microhardness increased from 23 Knoop num- 
bers for pure aluminum to about 145 for a homo- 
genized alloy containing 21.5 pct Zn 

Only the slowest-cooled samples of alloys con- 
taining 2.70, 6.60, and 10.43 pet Zn had dendrites of 
sufficient size for microhardness measurements. 
These were the same samples which were suitable 
for quantitative autoradiography. In samples cooled 
at a faster rate, the dendrites were smaller than the 
indentations made by the Knoop indenter. 

The zine concentrations determined from micro- 
hardness values are shown in Table I. Some of the 
values are in fairly good agreement with those ob- 
tained by autoradiography. The discrepancies, es- 
pecially for the 10.43 pct Zn specimen (sample 39), 


are probably owing to difficulties with the micro- 
hardness method rather than with autoradiography 
In comparing the results of autoradiography and mi- 
crohardness measurements, it should also be kept in 
mind that the two techniques were not applied to 
identical parts of a sample. 


Summary and Conclusions 

The nonequilibrium solidification of Al-Zn alloys 
(2 to 70 pet Zn) was investigated at several rates of 
solidification. The results of thermal analysis, metal- 
lographic examination, lineal analysis, quantitative 
autoradiography, and microhardness measurements 
may be summarized as follows: 1) Undercooling in- 
creased with the rate of solidification. 2) All samples 
contained nonequilibrium eutectic, in addition to the 
cored primary a solid solution. 3) The amounts of 
nonequilibrium eutectic increased with the rate of 
solidification. For a given rate, the calculated maxi- 
mum was approached more rapidly with increasing 
zine content. 4) Autoradiographs made after activa- 
tion of the zinc by thermal neutrons revealed the 
dendritic structure of the cored primary a solid 
solution. 5) Zine concentrations on a microscale in 
alloys cooled at slow rates and containing up to 10 
pet Zn were determined by densitometry of auto- 
radiographs. 6) Zine concentrations on a microscale 
were found from microhardness values for the same 
alloys as those suitable for quantitative autoradio- 
graphy. The concentrations found from microhard- 
ness values were only in fair agreement with those 
obtained by autoradiography; the latter are con- 
sidered more reliable 
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N recent work, Bloom and Grant’ and Stein and 
Grant’ have indicated that a high temperature 
chromium phase exists. In the 68 pet Cr-Ni binary 
they found a eutectoid reaction, 8 chromium trans 
forming to a chromium plus y nickel at 1215°C. Un 
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Fig. |—Back reflection X-ray patterns of a ¢ chromium crystal. Left to right: a) 100 plane, b) 110 plane, and c) 111 plane. 


Fig. 2—X-ray pattern of 65 pet Cr-35 pct Ni alloy quenched from 1360°C into dry ice chilled silicone oil. Copper radiation, 
nickel filter 


130° 120 0 


Fig. 3—X-ray pattern of 70 pct Cr-30 pet Ni alloy quenched from 1360°C into dry ice chilled silicone oil, showing metastable 
states. Copper radiation, nickel filter 
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fortunately the X-ray evidence had never been too 
clear because of the difficulty of preserving the 8 
chromium phase at room temperature, and because 
of the very coarse grain size of the quenched 
samples. In the light of this information, the authors 
have investigated more carefully the structure of 8 
chromium with both X-ray back reflection cameras 
and spectrometers 

In addition to a coarse grained 70 pet Cr-30 pet Ni 
alloy made by induction melting in a stabilized 
zirconia crucible by D. S. Bloom,’ additional alloys 
were made in a water cooled copper crucible, inert 
atmosphere, tungsten are furnace. These latter al- 
loys contained 65 to 72 pet Cr to cover the composi- 
tion, and were all fine grained. The chromium for 
these alloys contained <0.01 pet O and < 0.002 pet N, 
and the nickel contained 0.04 pct Fe 

Heat treatment was carried out in a vertical tube 
globar furnace at 1360°C in air for 1 hr. The speci- 
mens were quenched in Woods metal at 85°C or in 
dry ice chilled silicone oil. The treated specimens 
were then electropolished to remove the nitrided 
layer for X-ray analysis 

The coarse grained specimens were studied by the 
back reflection method, while both large and small 
grained specimens were investigated with spectro- 
meters using both chromium and copper radiation 

The results of Bloom and Grant were checked 
with coarse grained are melted alloys. Back reflec- 
tion patterns, Figs. la, b, and c, show this structure 
to be definitely cubic 

The spectrometer data, Fig. 2, on both large and 
small grained samples showed the structures to be 
face-centered-cubic. It was noted that it is very 
difficult to retain pure 8 chromium in small grained 
specimens. If, on quenching, 8 was not completely 
retained, two structures were noted, classified as 
face-centered-cubic y, and body-centered-cubic a’, 
Fig. 3. The prime phases differ from a@ and y both 
with respect to lattice size and line intensity. It was 


noted that the 8, in transforming to a and y, trans- 
forms to an @ smaller than a and to a y larger than 
y, both having the same structure as the equilibrium 
states. The identification of y would help to explain 
several of the extra lines previously unexplained, 
though the weakness of the (111) line is not too 
heartening 

It was observed that the lines of the a’ 
structure are, in many instances, extremely close to 
those of the stable a and y. This has caused con- 
siderable worry and is the reason that both copper 
and chromium radiation have been used. Unfor- 
tunately the comparative sizes of the peaks do not 
give the relative amounts of the phases present, 
since the specimens were necessarily solid and not 
equiaxed grained. In noting the relative intensities 
of the stable phases, however, it seems very plaus- 
ible that those at high angles may have come from 
more than one reflection 

The structure of 8 chromium is thus identified to 
be face-centered-cubic with a lattice parameter of 
3.68A. It is also noted that there is a possibility of 
two intermediate states appearing if quenching 1s 
not fast enough to retain a’, a body-centered-cubic 
structure, with a lattice parameter of about 2.72A 
(against 2.88A for a); and y, a face-centered-cubic 
structure, with a lattice parameter of about 3.98A 
(against 3.52A for y). 


and y 
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Infiltration of TiC Skeletons 


Infiltrability of a porous TiC compact, produced by powder metallurgy technique, depends on the 
capillarity of the compact and the surface condition and nature of the individual particles. Capillary 


forces raise the liquid metal infiltrant into the interconnected pores of the compact and the com- 
plete filling of these pores is a function of their geometry as well as the wettability of the TiC par- 
ticles. The paper deals especially with the improvement of this wettability through surface condi- 


tioning of the TiC particles. 
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by Herman Blumenthal and Ronald Silverman 


spaces of a porou 


been used for the manufacture of titanium carbide- 


base cermets 


NFILTRATION, a technique for preparing dense 


parts by filling the void 
with a liquid metal, has 


powder metallurgy 


body 
Although the infiltration process was 
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Fig. |—X-ray diffraction patterns of 80 pct TiC-20 pct TiO: 
TOP: ball-milled; BOTTOM: hot-pressed 


described many years ago, the factors influencing it 
are not too well known.'* This is due to the complex 
condition of the porous skeleton, such as pore size 
or capillarity and the presence of films, as well as 
the nature of the skeleton and infiltrant 

From classical theory for a given set of conditions, 
i.e., temperature and pressure, the height of rise of 
a liquid in a capillary is directly proportional to 
surface tension and contact angle and inversely pro- 
portional to the radius of the capillary. To simplify 
the matter, a combination of surface tension and 
contact angle is called here wettability. In a porous 
skeleton, the average radius of the capillaries can 
be effectively altered by changing the particle size 
and distribution and by controlling the compact 
density. A finer particle-size material compacted to 
a relatively high density will result in finer 
capillaries 

It is hoped that from the results of the following 
series of experiments a clearer picture will be ob- 
tained as to what controllable variables influence 
the infiltration of titanium carbide. Specific refer- 
ence will be made to the influence of films, carbide 
composition, particle size of powder, and density 
of skeleton 


Experiments 
Titanium carbide powder compacts 1%x%qx% in 
were hot pressed from ball-milled powders to 
densities varying from 50 to 90 pct of the theoretical 
density. These porous bars were placed in small 
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graphite crucibles which contained the infiltrant in 
the form of a powder. Up to ten small crucibles were 
inserted in a larger insulated graphite crucible. The 
temperature of this assembly was rapidly raised by 
high frequency induction heating to 1550°C and 
held for 1 hr. A gas stream of dry hydrogen, wet 
hydrogen, or argon was passed through the assembly 
during the entire experiment 

Titanium carbide powders from five different 
manufacturers, produced from TiO, plus carbon by 
three different processes, were used in these investi- 
gations, Table I. Ball milling was done dry or wet 
in a steel or a WC mill. Cobalt or nickel was used 
as the infiltrant 

By making these changes the influence of the 
following factors on infiltration was investigated: 
1) production procedure of the titanium carbide; 
2) furnace atmosphere and ball-milling medium; 
3) presence of free carbon; 4) capillarity of the 
compacts; and 5) composition of the TiC powder 
particles. 

The criterion used to determine the effects of these 
factors was the depth of infiltration, which was 
measured after grinding down the infiltrated com- 
pacts parallel to the direction of infiltration to half 
their initial thickness. 


Results 
Production Procedure of the Titanium Carbide 
The production procedure of the investigated TiC 
powders seemed to influence their infiltration. Table 
II shows infiltration results of three of the investi- 
gated materials which were ball-milled in a steel 
mill to approximately the same average particle 
size, hot-pressed to various densities, and infiltrated 
in an atmosphere of dry hydrogen. Material A 
could be infiltrated over a fairly wide density range. 


Table |. Investigated Materials 


Material and Supplier 


Metro Titanium Nerten 


A Metallwerk 
Cutanit Alley Ce.’ 


Kennametal Plansee 


Selid State Reaction 


Preduction Menstruum Protective 


Procedure Process Atm Are Melting 


Vacuum 


79.7 79.1 78.0 
194 19.1 16.8 
021 0.20 0.45 
0.10 0.57 1.93 
0.15 0.45 0.86 
0.06 0.22 154 

99 62 99 64 99 58 


19.6 § 17.7 


* Technical grade material, flotation purified 
Determined by vacuum fusion 
Determined by Kjieldah! method 


For material B this range was narrower and mate- 
rial C could not be infiltrated at all under these con- 
ditions. The results for materials D and E lay be- 
tween B and C. 

Influence of Furnace Atmosphere and Ball-Milling 
Medium—When the furnace atmosphere’ was 
changed from dry to wet hydrogen, material C, 
which did not infiltrate in dry hydrogen, could now 
be partially infiltrated. The same result was obtained 
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Table Ii. Influence of Production Procedure 


Particle 
Material Size, 


Length of Bar 


Density, Pet Infiltrated 


Almost complete 
Complete 
Complete 


Complete 


0 
0 
0 


Table Ill. Influence of Furnace Atmosphere and Ball Milling 
Medium on Material C 


Ball - Length of 
Milling Density, Bar Infil- 
Medium Pet trated 


As 
received 0.16 


Air 0.20 Dry 
hydrogen 


0.20 Wet 1/3 Case 
hydrogen 2.3 Almost 
complete 
Almost 
complete 


Water (or Dry 
alcohol) hydrogen 


Water ‘or 
alcohol) 
Complete 


Table IV. Influence of Oxygen Content 


Length of 
Density. Har In 
fillrated 


Particle Oxyeen, 
Material A Size, u Pet Pet 


As received 

Ball milled in Almost 
complete 
Complete 


Complete 


Leached with HCI 0 
0 
0 


TiO, added after HC! 1.90 Almost 
leach complete 
Almost 

complete 

Almost 

omplete 


Table V. Influence of Graphite 


Length of Bar 
Infiltrated 


Density, 
Material A Pet 


Almost complete 
Complete 


Ball milled in air 


Complete 


Ball milled in air 1/2 
0.25 pet Complete 


Ball milled in air 0 
100 pet C Complete 
1/3 
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Table Vi. Influence of Particle Size 


Length of 
Har In- 
filtrated 


Particle Density, 


Material Size, 


204 1/6 
Complete 
v0 
141 Almost 
complete 
Complete 
Complete 


Table Vil. Loss of Oxygen During Infiltration 


Oxygen, Pet 
Cobalt, 
Material A Pet feund Theery Less 


20 pet TiO hot pressed 
20 pet TiO hot press Dry hy 
ind infiltrated drogen 3 2 68 


2 pet TiO, hot pressed 0.80 
2 pet TiO, hot pressed 
and infiltrated 0.30 0.60 


Table Vill. Influence of Tungsten Carbide 


Length of 
Particle Density, Har Infil- 
Material A Size, u Pet trated 


Bail milled I pet We ; 19.2 0 
HC} leached 75.3 ‘omplete 
5,6 


Ball milled i pet We 2. 792 2/3 
HC! leached 75.9 ‘omplete 
61.0 omplete 


Ball milled 10 pet We 24 60.0 omplete 
HC} leached omplete 
58 omplete 


when this powder was ball-milled in water or alco- 
hol and infiltration then carried out in dry hydrogen 
In an argon atmosphere, the wet ball-milled mate- 
rial C could even be completely infiltrated, Table III 

Ball-milling, especially in a liquid, caused the 
TiC to pick up a considerable amount of oxygen. A 
hydrochloric acid leach of the ball-milled powders 
removed this oxygen again together with a small 
amount of titanium. Numerous analyses showed 
that the amounts of titanium and oxygen lost during 
leaching were in the same ratio as in TiO,. After 
leaching with hydrochloric acid, all investigated 
materials failed to infiltrate. When the TiO, lost 
during leaching was replaced by ball-mill mixing 
titanium carbide with 2 pet TiO,, the ability to infil- 
trate was restored, Table IV. A large part of the 
oxygen in the TiO, was lost again during infiltration 

Influence of Graphite--Powders which originally 
infiltrated in a dry hydrogen atmosphere showed a 
gradual decrease of depth of infiltration after they 
were mixed by ball milling with increasing amount: 
of graphite, Table V The presence of a mall 
amount of free carbon (up to 1 pet) narrowed the 
density range of infiltration for the investigated 
materials Larger amounts prevented infiltration 
completely. A wet hydrogen atmosphere during in- 
filtration or ball milling of the graphite containing 
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Pet 
82.3 
A 2.05 76.0 A 
644 
79.5 A 
60.5 
75.8 
Cc 2.30 70.3 
63.1 
4.25 
75.8 0 SSS 
70.3 0 
63.1 0 
75.9 1/6 
68.2 56 
82.3 
760 
640 


5 


Fig. 2—Titanium carbide bars infiltrated under various con 
ditions 


TiC in water counterbalanced the detrimental effect 
of free carbon and restored infiltrability 

Capillarity of the Compact—Size and size distri- 
bution of the powder particles and density of the 
hot-pressed piece determine the capillarity of the 
porous compact. Table VI shows that the density 
range in which complete infiltration occurs widened 
with a decrease in particle size. The powders used 
for these experiments were ball-milled in argon in 
order to avoid oxidation during ball milling. Ball- 
milling of the investigated materials to a smaller 
particle size could overcome also the detrimental 
effect of a hydrochloric acid leach, The influence of 
particle size distribution was not investigated. As 
far as density is concerned all tables show that there 
was a density range for which complete infiltration 
of the investigated materials could be obtained 
Depending upon other conditions, this range varied 
somewhat. It was generally between 60 and 85 pct 
of the theoretical density, and if surface and other 
conditions for optimum infiltration were properly 
attained bars covering this whole density range 
could be infiltrated, giving a wide variation of 
carbide-to-binder ratio for the final product 

Composition of the TiC Particles—-Hot pressing 
of ball-milled mixtures of TiO, TiN, or WC with TiC 
caused these additions to go into solid solution with 
TiC. Fig. 1 shows X-ray diffraction patterns of a 
80 pet TiC-20 pet TiO mixture after ball milling and 
after hot pressing. The disappearance of the TiO 
lines after hot pressing indicates that this compound 
has formed a solid solution with TiC. That TiO has 
not been carburized and is still present after infil- 
tration is shown in Table VII. Only 13 pet of the 
oxygen of the TiO was lost during infiltration in a 
reducing atmosphere of dry hydrogen, considering 
the change of composition caused by the infiltrant 
On the other hand, 50 pct of the oxygen of the TiO 
was lost during infiltration in a neutral argon atmos- 
phere. X-ray diffraction studies of the other two 
mixtures also showed the formation of solid solu- 
tions during hot pressing 

The presence of up to 20 pet TiO or 10 pet TiN in 
solid solution did not affect the infiltration of the 
investigated materials. In contrast with these find- 
ings the presence of WC did affect infiltration con- 
siderably. Table VIII shows the influence of increas- 
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ing amounts of WC on the infiltration of material A. 
The other materials were similarly affected. To 
exclude the influence of the presence of an oxide 
film, the mixtures were leached with HCl. The use 
of a WC ball mill caused a pickup of WC from the 
mill which had the same effect on infiltration as the 
addition of this compound to TiC and _ ball-mill 
mixing in a steel mill 

Infiltration results obtained with the five investi- 
gated materials were identical for both infiltrants, 
cobalt and nickel. The presence of a small amount 
of iron, which was picked up from the steel mill, 
did not influence infiltration 


Discussion 

A network of interconnected pores is necessary in 
order to obtain complete infiltration. For this rea- 
son, the expression capillarity is used instead of 
porosity. The higher the density of a porous skele- 
ton the greater is the danger of the existence of 
isolated pores which cannot be infiltrated. On the 
other hand, if densities are too low, the radii of the 


Table IX. Analyses of an infiltrated Bar and the Original Powder 


Infiltrated, 


As Ball- Milled, 
Pet Pet 


As Received, 
Pet 


Material A 


100.44 


19.4 


capillaries might be so large that the capillary 
forces would be too weak to raise the liquid suffi- 
ciently for complete infiltration. This explains the 
existence of a density range for complete infiltration. 

Wettability of the carbide skeleton is a function 
of the surface condition of the individual particles. 
The foregoing experiments and their results have 
shown that a slight surface oxidation of the carbide 
particles to TiO, is essential for complete infiltration 
The carbon which the infiltrant dissolves from the 
crucible probably reacts with the TiO, surface film 
and this interfacial reaction enhances wetting of the 
compact.” If this oxide film is removed, by leach- 
ing the ball-milled powder with hydrochloric acid 
or by the use of a dry hydrogen atmosphere, infiltra- 
tion is inhibited. 


Fig. 3—Completely 
infiltrated bar cut 
perpendicular to the 
direction of 
infiltration. 
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ate 
a f 
ae. 
a 
* 
? 
A 
2 
4 
Ti 79.7 78.0 61.3 
Crow 194 18.5 14.8 
Cr 021 0.85 1.3 
be 0.06 0.94 0.732 
0.10 1.74 0.01 
N 0.15 0.40 
Co 22.3 
Total 99 62 100.33 
19.6 19.2 
7 a a 
— 


& 


the bar is seen to the left, the outer zone to the right 
X250 


Ball milling to a very fine particle size can over- 
come the detrimental effect of the hydrochloric acid 
leach. The possible reasons for this are the forma- 
tion of finer capillaries during hot pressing and an 
unavoidable partial reoxidation of the very fine 
particles. One particular powder, for instance, was 
ball-milled to 2.3 » and leached with hydrochloric 
acid. It had an oxygen analysis of 0.07 pet. When 
the same powder was ball-milled to 1.5 yw and 
leached, its oxygen content was 0.46 pct 

The detrimental effect of free carbon can be ex- 
plained by the presence of a tenacious coating of 
graphite around the carbide particles. This coating 
when heated could react either with the hydrogen 
atmosphere or with the oxide film present. In eithe 
case, it would leave an oxide-free surface of low 
wettability. It was stated in the beginning that the 
production procedure of the titanium carbide had 
an influence on its ability to infiltrate. The foregoing 
considerations make it probable that this influence 
is secondary and that the surface condition of the 
powder particles is the prime influential factor. 

The findings of this investigation concerning the 
influence of the presence of oxygen on the infiltra- 
tion of titanium carbide skeletons are at variance 
with those of G. E. Meerson and co-workers,’ who 
believe that the presence of a certain amount of 
oxygen prevents infiltration. As the form in which 
the oxygen is present is of utmost importance, the 
oxygen analysis of titanium carbide alone does not 
provide a criterion for infiltrability 

Fig. 2 shows five infiltrated bars which were ma- 
chined down parallel to the direction of infiltration 
to half their original width. Bar 1 is typical for 
infiltration in a dry hydrogen atmosphere. Bar 2 is 
typical for infiltration in a slightly oxidizing at- 
mosphere. Bar 3, observed especially in an argon 
atmosphere, indicates how infiltration proceeds un- 
der favorable conditions. The liquid infiltrant does 
not rise in all the capillaries of a porous bar to the 
same height simultaneously. The infiltration pro- 
ceeds fastest at the outer parts of the bar and at the 
innermost part, while the in-between zone lags be- 
hind. Bar 4 shows the typical pattern of a bar in- 
filtrated in a water-saturated hydrogen atmosphere. 
Bar 5 is a picture of a completely infiltrated bar 
The three zones formed during infiltration can be 
clearly distinguished in a cut perpendicular to the 
direction of infiltration, Fig. 3, and in the micro- 
graph, Fig. 4. The outermost zone is rich in infiltrant 
with very fine Ti-C grains embedded in it. Adjacent 
to it. the second zone shows slightly coarser, but 


TRANSACTIONS AIME 


Fig. 5—Inner zone of a completely infiltrated bar. 
x1000 


still fine carbide particles. Both these zones are rel- 
atively small; the innermost third zone has large 
carbide particles completely surrounded by the 
binder phase, Fig. 5. Such a structure, if properly 
developed, should show interesting physical prop- 
erties 

Table IX gives the analyses of a powder as re- 
ceived, as ball-milled in a steel mill to 1.28 », and 
of the center part of a corresponding infiltrated bar. 
It shows the relatively high oxygen pickup during 
ball-milling which was completely lost during in- 
filtration in this case, and the relatively low cobalt 
content of the center. The X-ray diffraction pattern 
of the infiltrated piece showed only cobalt and ti- 
tanium carbide lines with a TiC lattice parameter 
of a 4.325A. This value indicates that no cobalt 
was taken into the TiC lattice 


Conclusions 


Infiltration of porous bars hot-pressed from the 
five investigated titanium carbide powders was 
beneficially affected by the following factors: the 
presence of an oxide film around the individual TiC 
particles; a decrease in particle size; and the pres- 
ence of WC in solid solution with TiC, The presence 
of free carbon was detrimental to infiltration, and 
the presence of TiO or TiN in solid solution had no 
effect. An analysis of the four infiltration patterns, 
found in incompletely infiltrated bars, should be of 
interest for practical applications. Appearance of 
one of these patterns gives an indication of prevail- 
ing conditions in a particular run and changes can 
be made accordingly 
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Observations on the Brittle Fracture Of 
Cemented Titanium Carbide 


The brittle fracture of a TiC-Inconel cermet at room temperature is shown to 
occur primarily as a result of the cracking of the larger carbide particles (at a tensile 
strain of approximately 0.3 pct), followed by cracking of adjacent, smaller carbides 
and, finally, by the rupture of the Inconel matrix between cracked carbides (at a strain 
of~1.2 pct). No evidence was found for separation at the interface between carbide 
and matrix at any point in the fracture process. 


by J. R. Low, Jr. 


ATERIAL used in this study was a TiC-Inconel 
cermet prepared by infiltration (50 pet TiC, 
50 pet Inconel: designated as TC66-1). A thin sec- 
tion of this material was brazed to a piece of low 
carbon steel and then mounted in lucite for metal- 
lographic preparation.” After grinding, polishing, 


Zimmermatr Materials Laboratory Evendale Works, 
General Electric Co suggested this method of preparation and 
supplied the metallographically prepared specimens used 
and etching, the final thickness of the cemented car- 
bide was 0.4 mm 
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Deformation and fracture of the specimen was 
accomplished by bending the specimen as a simply 
supported, centrally loaded beam, in a bending fix- 
ture which could be placed in the stage of a micro- 
scope, with the tension side of the bend specimen 
under the microscope objective.t This method of 

Gurland and Bardzil describe a similar, but less detailed, study 
of the fracture process in WC-Co. They report an association be 
tween residual grinding and polishing scratches and the initial 
stages of fracture which was not observed in this work 
deformation and observation has the advantage that 
the surface under examination is the most severely 
deformed portion of the specimen. The procedure 
followed was to deform the specimen a_ small 
amount, scan the surface at X1000 for any evidence 
of deformation or cracking, deform another small 
increment, scan the surface again, and so on until a 


Fig. |—Examples of 
cracked carbides ob 
served at 0.3 pct strain 
Note that only the larger 
carbides are cracked 
X1500. Area reduced 
approximately 20 pct for 
reproduction. 
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change in appearance was detected. The amount of 
deformation was estimated by measuring the curva- 
ture of the surface, using the mechanical stage and 
the fine focus adjustment of the microscope. From 
the curvature and the known thickness of the speci- 
men the average strain in the outer surface could 
then be estimated. In preliminary attempts to bend 
the specimen with the bend fixture supports in the 
backing material, the cemented carbide layer broke 
away from the backing plate. Since, for the results 
here described, the cemented carbide layer was not 
attached to the backing plate, the thickness used for 
strain computations is that of the cemented carbide 
layer only. In general, the strains reported are the 
average, over a distance of approximately 1.5 mm 

Up to about 0.2 pct extension no change in the 
specimen could be detected, but at 0.3 pct extension 
a large number of cracked carbide particles were 
found in a small wedge-shaped area located near 
mid-span of the bent specimen and extending in from 
one edge a distance of about 3 mm. (Typical ex- 
amples of these cracked carbides are shown in Fig 
1 at a magnification of X1500.) Careful examination 
at this point failed to reveal any evidence of rupture 
of the matrix material. In general, all of the cracks 
were oriented approximately perpendicular to the 
direction of the tensile stress (*20°). In the most 
severely deformed portion of the specimen (that 
in which the measured strain was 0.3 pet), about 0.5 
pet of all carbides were cracked 

The most striking feature of these cracks was that 
they occurred much more frequently in the larger 
carbide particles. This is apparent qualitatively in 
the micrographs of Fig. 1. Very rarely was a crack 
found in a small carbide particle, and then only 
when the small carbide particle was adjacent to a 
larger particle which had also cracked. This tend- 
ency of the larger carbide particles to crack first is 
demonstrated in the size distribution curves of Fig 
2, where the number of particles in a given size 
range is plotted against the mean of the range, first 
for 250 particles selected at random and then for 
an equal number of cracked particles. [t will be ap- 
parent from Fig. 2 that, for a given deformation of 
the aggregate, there is a much greater probability 
of the larger particles cracking. This suggests the 
possibility that a reduction in size of the carbide 
particles should improve the ductility of the 
aggregate 

Upon increasing the local strain to 0.8 pet, com- 
plete fracture of the aggregate still did not occur 
The principal changes observed were: a) an in- 
crease in the number of cracked carbides per unit 
ize of the region in 
(from a 


of area, b) an increase in the 
which cracked were 
length of 3to5mm),andc) a tendency for the cracked 
carbide to occur in groups of two or three, as though 
the failure of one carbide particle had placed an 
extra load on its neighbors 


carbide observed 


Fig. 2—Comparison 
of particle size dis 
tribution curves for 
uncracked and 
cracked carbides 
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Fig. 3—Comparison of fraction of carbides cracked for 0.3 
and 0.8 pct strain. 


Fig. 4—Widened 
crack in carbide at 
0.8 pct strain. Note 
that matrix is not 
ruptured. X2530 
Area reduced ap 
proximately 20 pct 
for reproduction 


Fig. 5—End of propagating crack in TiC-Inconel cermet 
produced approximately original size 
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Fig. 6—Crack in carbide beginning to penetrate into matrix 
X1890. Area increased approximately 50 pct for reproduction 


The increase in number of cracked carbides with 
increasing strain is shown in Fig. 3, where the frac- 
tion of the carbides cracked is plotted against dis- 
tance across the specimen, measured from the most 
severely deformed edge. At this point in the defor- 
mation, cracks in a few carbides had opened up so 
that considerable deformation must have occurred 
in the adjacent matrix material, but even so, no 
tearing of the matrix was visible at the highest 
magnification available for examination. See Fig. 4 
for two such cracks and the surrounding matrix 

Further deformation to about 1.2 pet caused the 
formation of a large crack, continuous through the 
carbides and the matrix, but extending only about 
three-fourths of the way across the specimen. This 
latter fortunate circumstance made it possible to 
observe the leading edge of a crack and to determine 
the mode of propagation. The end of this large crack 
is shown in Fig. 5 


Just at the end of the crack and 


for a short distance in advance of the separation of 
the aggregate as a whole, it will be noted that the 
carbide particles have cracked along a line in the 
direction of crack propagation. Thus, it seems clear 
that the fracture of the aggregate is propagated by 
the cracking of the individual carbides, which is 
followed by a tearing of the matrix material between 
the cracked carbides. This process is shown in Fig. 
6, where a wide crack in a carbide can be seen to 
have extended a short distance into the matrix 

Careful examination along the crack failed to 
reveal more than one or two isolated carbides which 
might possibly have separated at the matrix-carbide - 
interface, and no evidence of this kind was observed 
early in the fracture process before complete rup- 
ture of the aggregate had occurred. Therefore it is 
clear that the fracture does not originate nor propa- 
gate by failure at the carbide-matrix interface 

Some estimate of the amount of deformation ac- 
companying the crack propagation may be made 
from observations on the distance from the crack 
surface over which cracked carbides were observed. 
In general, cracked carbides were found only in a 
very narrow band on either side of the main crack, 
the width of this region being about 0.1 mim or less 
on either side of the crack. 


Summary 

1) The brittle fracture of a 50 pet TiC-50 pet 
Inconel cermet has been shown to originate by 
cracking of the carbide particles at a very low (0.3 
pet) strain of the aggregate 

2) Fracture occurs most frequently in the larger 
carbides, suggesting that a reduction in carbide size 
should improve the ductility 

3) Complete separation of the aggregate with 
increasing strain occurs from an increase in the 
number of cracked carbides, followed by an increase 
in the width of the carbide cracks and, finally, from 
a tearing of the matrix material between the cracked 
carbides to produce a continuous fracture. 
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Further Work on the Boron-Hardenability Mechanism 


It was found that a critical boron content exists which yields the maximum boron- 


hardenability effect in hypoeutectoid steels, as was predicted from the mechanism pro- 
posed in a previous paper. The hardenability of boron steels with boron contents between 
0.00005 and 0.0017 pct was dependent on the boron content, austenitizing temperature, 
quenching temperature, and austenite grain size. The effects of these variables on hard- 
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enability can be explained by the mechanism previously proposed for the boron effect. 


by C. R. Simcoe, A. R. Elsea, and G. K. Manning 


MECHANISM has been proposed to explain the 

effect of boron on the hardenability of steel 
The proposed mechanism assumes that transforma- 
tion particles nucleate at concentrations of lattice 
imperfections where the energy level is high, and 


TRANSACTIONS AIME 


£ 
é 
sha 


that boron, because of its atomic diameter, also con- 
centrates at lattice imperfections, lowering their en- 
ergy level. In this manner, boron lowers the energy 
level of potential nuclei and thus lowers the prob- 
ability for nucleation. From this mechanism, it 
would be expected that the nucleation rate would 
decrease when the boron content was increased, 
until all the favorably sized sites (lattice imperfec- 
tions) were occupied. At this point, the nucleation 
rate should be a minimum. Further increases in the 
boron content then might increase the nucleation 
rate because of the increase in strain energy that 
would result from the lack of suitable sites for the 
boron atoms. 

This proposed mechanism suggests that a critical 
amount of boron is required in the steel to obtain the 
maximum hardenability effect. However, since it is 
believed that both the boron atoms and lattice im- 
perfections tend to concentrate at the austenite grain 
boundaries, this critical amount of boron for a steel 
should be dependent upon its austenite grain size 
Data in a previous publication’ showed that the 
critical boron content is probably below 0.0005 pct 
It was believed that proof of a critical boron content 
that is dependent upon the austenite grain size 
would lend considerable support to the proposed 
boron-hardenability mechanism. Therefore, the fol- 
lowing experimental work was performed to deter- 
mine whether a critical boron content exists, and to 


Table |. Grain-Size Data trom Hardenability Bars of Heat B-1257 


ASTM Grain Size After Austenitizing 

Boren at Indicated Temperature 
Added 


0000 
0. 0001 
0.0004 
0009 
00017 


discover the effects of grain size and carbon content 
on the critical boron content. 


Experimental Work 
The steels used for this investigation were 500-Ib 
laboratory heats with a base composition similar to 
the SAE 8600 series steels. Each heat was deoxidized 
with 0.125 pet Al and was cast into five ingots. Boron 
additions, in the form of an Fe-0.86 pct B alloy, 
were made to the metal prior to casting each ingot 


In all cases, the boron reported is that which was 
added to the metal; it would be extremely difficult 
to analyze for the boron retained in steel from addi- 
tions of as little as 0.00005 pct B. Two heats of 0.35 
pet C steel were made with additions of 0.0000, 
0.0001, 0.0004, 0.0009, and 0.0017 pet B to the first 
heat (heat B-1257), and additions of 0.00000, 0.00005, 
0.0003, 0.0006, and 0.0015 pet B to the second heat 
(heat B-1443). These ingots were forged to 1%4-in 
diameter rounds from which hardenability bars were 
machined. End quench hardenability tests were per- 
formed on these steels, with austenitizing tempera- 
tures which ranged from 1500° to 2200°F. The flats 
for taking the hardness traverses were ground to a 
depth of 0.040 in. for the specimens austenitized be- 
low 2000°F and 0.100 in. for those austenitized above 
2000°F. The depth was increased for specimens 
austenitized at the higher temperatures to insure the 
removal of any deboronized material 
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Fig. |—Hardenability as a function of austenitizing tempera 
ture for five steels from heat B-1257 with various boron 
contents 


Hardenability curves were plotted for these speci- 
mens, and the distance from the quenched end to 
the Rc 40 position was used as a measure of harden- 
ability. This hardness value corresponds approxi- 
mately to the 50 pet martensite structure for these 
0.35 pet C steels. The hardenability data obtained 
from heat B-1257 are shown in Fig. 1. Table I con- 
tains grain-size data for these same hardenability 
bars. The data in Fig. 1 show that there was an in- 
crease in the hardenability of the boron-free steel 
over the austenitizing temperature range from 1800 
to 2000°F. In addition, the data show that grain 
coarsening occurred over this same temperature 
range. It could be concluded, therefore, that the in- 
crease in the hardenability of the boron-free steel 
resulted from austenite grain growth 

In general, with increasing austenitizing tempera- 
ture, the boron steels increased in hardenability to a 
maximum and then decreased with further increases 
in austenitizing temperature. However, there were 
differences among the boron steels in the magnitude 
of the peak hardenability and in the austenitizing 
temperature at which this peak occurred 

The hardenability increased with increasing boron 
content to a maximum at 0.0004 pet B. The maxi- 
mum hardenability obtained under these conditions 

at 2000F 


Orstonce From Quenches End to 40 
se > 


1760 800 900 
Quench Tempereture, 


Fig. 2—Hardenability as a function of quenching tempera 
ture for five steels from heat B-!257 after austenitizing at 
2000°F to establish a coarse austenitic grain structure 
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Fig. 3--Hardenability as a function of austenitizing tempera 
ture for tive steels trom heat 6.1443 with various boron 
contents 


was considerably greater than that obtained when 
the boron content was 0.001 to 0.003 pet in previou 
experimental heats of this investigation.’ After 
reaching @ maximum at 0.0004 pet B, the harden- 
ability then decreased with further increase in boron 
content. Exceptions to this behavior occurred at the 
higher austenitizing temperatures where the 0.0001 
pet B steel and the boron-free steel exhibited the 
maximum hardenability 

The variation in hardenability in the boron steel 
with variations in austenitizing temperature could 
have resulted either from increasing grain-boundary 
concentration of boron with increasing grain size, o1 
from temperature effects that are independent of 
grain size. Consequently, to separate these two vari- 
ables, a study was made of the variation in harden- 
ability with variations in austenitizing temperature 
at a constant grain size. This study was conducted a 
follow Hardenability specimens were austenitized 
at 2000°F to establish a coarse grain structure. They 
then were transferred to a second furnace operating 
at a lower temperature in the range of 1500” to 
2000°F. The hardenability specimens were held at 
the lower temperature for 20 min and then were 
quenched in the usual manner. The data obtained in 
this study are shown in Fig. 2. These data show that 
the hardenability of the boron-free steel was not in- 
fluenced by the quenching temperature when the 
grain size was constant. The effect of variations in 
quenching temperature on the hardenability of the 
boron steels was dependent upon the boron content 
The effect was fairly small for the 0.0001 and 0.0004 
pet B steel However, the hardenability of the 
0.0009 and 0.0017 pet B steels was considerably 
higher when they were quenched from temperature: 
of 1500° to 1600°F than when quenched from 2000 F 
Also, all the boron steels showed much greater hard- 
enability when quenched from 1500° and 1600 F 
after first establishing a coarse grain structure at 
2000 F. than they did when both austenitized and 
quenched from these lower temperatures. This be- 
havior indicates that there is an austenitizing-tem- 
perature effect which is independent of grain size, 
and that this temperature effect increases with in- 
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creasing boron content. However, the temperature 
effect appears to be too small to account for the 
variation in hardenability noted in Fig. 1. These 
variations in hardenability of boron steels with 
variations in austenitizing temperature apparently 
were caused largely by increases in the concentra- 
tion of boron at the grain boundaries with decreas- 
ing grain-boundary area (increased grain size) 

The ingots poured from the second heat of 0.35 
pet C steel (heat B-1443) received boron additions 
of 0.00000, 0.00005, 0.0003, 0.0006, and 0.0015 pct 
These steels were made to determine the critical 
boron content more precisely and to determine the 
reproducibility of the hardenability trends ob- 
served for the previous heat of steel. The results of 
the hardenability tests on these steels, as a function 
of austenitizing temperature, are plotted in Fig. 3, 
and the grain-size data are shown in Table II. The 
data in Fig. 3 show that an appreciable boron effect 
was produced in a steel to which only 0.00005 pet B 
had been added. However, considerable grain coars- 
ening occurred before the effect was obtained. The 
boron addition of 0.0003 pet produced the greatest 
hardenability in this series of boron steels. The gen- 
eral trends in hardenability effect shown in Fig. 3 
are the same as those observed for the previous heat, 
Fig. 1. However, there were two notable exceptions 
in the behavior of these two different heats of steel 
The peak hardenability at each boron level oc- 
curred at a lower austenitizing temperature in this 
second heat of steel. Also, the grain size was larget 
at 1600 F, and rapid grain coarsening occurred at a 
lower temperature in the second heat of steel 

The hardenabilities of the 0.0003 and 0.0004 pet B 
teels were plotted as a function of grain size in 
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Fig. 4—Variation in: 
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Fig. 4 to determine if the larger grain size could ac- 
count for maximum hardenability occurring at dif- 
ferent austenitizing temperatures. It should be noted 
that, in this figure, the hardenability was plotted as 
a percentage increase over the hardenability for the 
boron-free steel for each heat. This method was used 
to eliminate the difference in basic hardenability 
between the two steels because of slight differences 
in alloy composition. The data in Fig. 4 show that 
the two steels exhibited nearly identical harden- 
ability behaviors at a given grain size. Likewise, it 
can be shown that the pairs of steels which received 
additions of 0.0006 and 0.0009 pct B and 0.0015 and 
0.0017 pet B behaved similarly. The behavior of the 
0.00005 and 0.00010 pet B steels was somewhat dif- 
ferent, as is shown in Fig.5. These steels exhibited 
two separate curves, possibly because their boron 
contents were in the range where the hardenability 
varied considerably with the amount of 
added, as well as with the grain size 

Since it has been shown frequently that the mag- 
nitude of the boron effect is dependent on the car- 
bon content of the steel,” * it might be expected that 
the critical boron content also would be dependent 
on the carbon content. Two additional heats of steel 


boron 


Table II 


Grain-Size Data from Hardenability Bars of Heat 8.1443 


ASTM Grain Size After Austenitizing 


Boron at Indicated Temperature 
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0 00000 7 ) tto4 to 4 
00005 7to8 7 to4 
0 0009 7 tto4 to4 
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which contained 0.25 and 0.50 pet C were made 
determine if there is a relationship between the car- 
bon content and the critical boron addition. The base 
compositions and the melting practices for these two 
steels were identical with the two 0.35 pet C steel: 
The boron additions were 0.0000, 0.0001, 0.0003, 
0.0006, and 0.0010 pet in each heat 

The results of the end quench hardenability test 
for the 0.25 pet C steels (heat B-1475) are shown a 
a function of the austenitizing temperature in Fig. 6 
The curves in this figure show the same general be- 
haviors as do those for the 0.35 pet C steels of Fig. 1 
That is, the hardenability at each boron level in- 
creased with increasing austenitizing temperature to 
a maximum and then decreased with a further in- 
crease in temperature. It appears that the 0.000% pet 
B addition furnished approximately the critical 
amount of boron for this 0.25 pet C steel. Grain-size 
data for both heats are given in Table III 

The hardenability data obtained for the 0.50 pet C 
steels (heat B-1476) are plotted in Fig. 7 a 
tion of austenitizing temperature. In general, the 
hardenability behavior wa imilar to that of the 
previous steels. However, there were two notable 
exceptions: 1) The magnitude of the boron effect 
was small in the 0.0010 pet B steel and fairly large 
for the 0.0001 pct B steel. In fact, at austenitizing 
temperatures of 1700° to 2000 F, the 0.0001 pct B 
steel exhibited the largest boron effect. 2) The rate 
at which the hardenability changed with increasing 
austenitizing temperature was very rapid, and the 


a func- 


temperature range over which the maximum hard- 
enability occurred for the 0.0003 and 0.0006 pct B 
steels was very narrow. However, the 0.0003 pct B 
steel developed the highest hardenability 


TRANSACTIONS AIME 


+ 

@ 0,000! % boron added 

_ O Q0003% boron odded 
G,0006 % boron added 

x QOO0!I0 % boron added 


~ 


Distonce From Quenched End to R, 35, i6™® inch 


7 

6 

5 

4 
600 1600 1700 #00 1900 2000 


Austenifizing Temperoture, F 


Fig. 6—Hardenability as a function of austenitizing tempera 
ture for five ingots of the same heat of SAE 8625 steel with 
various boron contents 


The maximum increase in hardenability obtained 
at each boron level in all four steels studied in this 
investigation is shown in Fig. 8. In each steel, the 
maximum hardenability obtained increased with in- 
creasing boron content to 0.0003 or 0.0004 pet and 
the boron content was further in- 
that critical boron content 


then decreased a 
creased, Thus, it appears 
is not dependent on carbon content of steel 


Discussion 

of thi 
considerable support to the proposed mechanism fot 
the boron hardenability effect. It follows from the 


The experimental result investigation lend 


proposed mechanism that an optimum boron con- 
tent exists which can produce the maximum effect 
on hardenability and, also, that austenite grain size 
and grain growth are important variables in deter- 
mining the magnitude of the boron effect. Grain 
the hardenability of all 
decreasing the nucleation rate 


growth, of course, increase 
teels, mainly by 
When the grain-boundary area per unit volume of 
boron steels is decreased by grain growth, the con- 
centration of boron at the grain boundaries is in- 
creased, Thus, boron steels can either increase or de- 
crease in hardenability with grain growth depend- 
ing on the amount of boron present at the grain 
before growth start 

A discrepancy noted was that those steel 
thi tudy which had the higher 
howed a low boron effect for austenitizing temper 
atures of 1500° to 1700 °F, 


of boron at the grain boundarie 


boundarie 
used in 
boron content: 


when the concentration 
hould have been 
Also, it 
was observed that when the austenitizing tempera- 
which had the 
in each heat, the boron effect 


more than enough for the full boron effect 
ture was increased for those steel 
higher boron content 
increased. The only explanation that can be offered 
for this anomalous behavior is that the boron con 
centration was considerably greater than the solu 
bility at the 
Therefore, either local areas rich in boron or sub- 


lower austenitizing temperature 


microscopic particles of a boron-rich phase may 


have been present. In either case, the density of 


AUGUST 1956, JOURNAL OF METALS—987 


| | 
0003 Y% boron 
| 
aoe % bor a 
y/ | 


1700 

Fig. 7—Hardenability as a function of austenitizing tempera. 

ture for five ingots of the same heat of SAE 8650 steel with 

various boron contents 
lattice imperfections could be high so that the 
nucleation rate could be high 

The solubility of boron in iron increases rapidly 
with increasing austenitizing temperature above 
1600 FF’ Thus, a temperature is reached where 
these boron-rich areas are taken into solution. Al- 
though there is still an excess of boron, that is, the 
maximum hardenability developed in these steels of 
high boron content is less than that developed at 
0.0003 pet B, the hardenability increases at higher 
austenitizing temperatures because the number of 
lattice imperfections associated with the boron-rich 
However, when rapid grain 
rapidly de- 


particles is decreased 
coarsening occurs, the hardenability 


Fig. 8—Maximum hardenability as a function of boron addi 
tion for SAE 8625, 8635, and 8650 steels 
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Grain-Size Data from Hardenability Bars of Heats 
B.1475 and B-1476 


Table 


ASTM Grain Size After Austenitizing 
Keren at Indicated Temperature 
Added, 


Meat et 


0 0000 to2 
6 0003 
0 0000 
0.0001 
9.0003 9to 10 
0 0006 


B-1475, 0.25 pet € 


1 
2 
9to 10 4 
4 


H-1476, 0 50 pet 


creases because of further concentration of boron 
at the grain boundaries. 

It was assumed throughout this investigation that 
the boron is concentrated at the grain boundaries. 
This assumption appears valid for several reasons. 
First, the reactions that are affected by boron are 
grain-boundary reactions. Second, the boron pre- 
cipitate, which can be produced with special heat 
treatments, forms at the grain boundaries.’ Third, 
the relationship between hardenability and grain 
ize in the low-boron steels suggests grain-boundary 
concentration of boron. 


Conclusions 

It can be concluded from the results of this in- 
vestigation on boron steels with boron additions 
that ranged from 0.00005 to 0.0017 pet that 

1) There is a critical boron content which pro- 
duces a maximum hardenability effect. 

2) This critical boron content produces maxi- 
mum hardenability only in a limited range of grain 
SIZCS 

3) The variation of hardenability with changes 
in grain size in boron steels may be largely the re- 
sult of increasing concentration of boron in the grain 
boundaries with decreasing grain-boundary area 
(increasing grain size). 

4) There is an effect of austenitizing tempera- 
ture on hardenability which is independent of grain 
size and which becomes increasingly larger at boron 
contents higher than the critical boron content. 

5) The critical boron content does not vary 
appreciably with variations in carbon content 

6) The hardenability appears to be reproducible 
in low boron steels when their boron contents and 
grain sizes are the same. 
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ming stepwise over the whole temperature range. 


a previous publication’ an X-ray spectrometer 
was described with which the X-ray diffraction 
from a specimen could be observed continuously 
controlled temperature and tensile stress 


unde! 


the austenite-bainite transformation in a Ni-C1 
steel for both isothermal and continuous cooling 
conditions, with and without stress. Certain char- 
acteristics of the transformation lead to a method of 
predicting the amount of transformation to be ex- 
pected at a given temperature for any type of cool- 
ing curve 


Material and Specimen Preparation 

The steel chosen for the investigation was a Ni-Cr 
steel having the composition in the following per- 
centages: 0.30 C, 0.27 Mn, 0.019 P and S, 3.50 Ni, 
and 1.25 Cr 

In order to fabricate specimens suitable for the 
X-ray spectrometer, a 4 in. plate was ground down 
to 0.060 in. and then cold rolled to about 0.035 in 
Next it was heat treated by quenching in oil from 
1650°F and tempering at 1200°F for 1 hr. Then it 
was etched in dilute nitric acid to reduce its thick- 
ness to 0.014 in. and cut into blanks in the shape of 
flat tensile specimens 3% in. long, 7/16 in. wide, 
with a notch % in. long and 7/32 in. wide: see 
Fig. 1 


X-Ray Technique 
Since the X-ray spectrometer has been described 
in detail elsewhere, only a brief outline of the 
A focusing, pow- 


principles will be repeated here 


L. S. BIRKS is associated with Optics Div, Naval Research Lab 
oratory, Washington, D. C 
TP 4287E. Manuscript, May 26, 1955. New York Meeting, Feb 


ruory 1956 


TRANSACTIONS AIME 


Characteristics of the Bainite Transformation 


in a Ni-Cr Steel 


The bainite transformation in a 3.5 pct Ni-1.25 pct Cr steel was studied under various conditions 
of cooling and stress. Several characteristics may be specified: 1) transformation in the bainite re- 
gion (925° to 575°F) is very little affected by the manner of cooling from the austenitizing tempera- 
ture at 1600°F to the upper limit of bainite transformation at 925°F; 2) starting time for the bainite 
transformation is the same order of magnitude for either isothermal transformation or continuous 
cooling, but the rate of transformation is somewhat greater for isothermal transformation; 3) ten- 
sile stress accelerates both isothermal and continuous cooling transformation, and 32,000 psi stress 
changes the form of the isothermal transformation diagram to correspond in appearance to the con- 
tinuous cooling diagram; 4) transformation for nonlinear, continuous cooling may not be determined 
directly from the linear, continuous cooling transformation diagram, but may be predicted by assum- 
ing first that the fractional amount of austenite transformed in a given small temperature interval 
depends on the approximate linear cooling rate during that temperature interval and then by sum- 


by L. S. Birks 


This instrument has now been applied to a study of 


Fig. 1—Schematic of 
focusing, Geiger 
counter spectrometer 
arrangement for dit 
fraction from flat 
specimen; A—verti 
cal line source of 
X-rays; B—flat 
electrical connectors; } 
F.F.—tensile grips 


shown 
pecimen Was 


der-diffraction arrangement’ was used, as 
schematically in Fig. 1, and the 
mounted vertically in a vacuum furnace (not shown 
in the figure). The X-rays, moving in a horizontal 
plane, enter and leave the furnace through beryl- 
lium window As shown in the figure, X-rays di- 
verging from the line source A are diffracted by the 
pecimen B and converge at the detector slit C. The 
detector D and the slit C may be set at the proper 
angle in the horizontal plane to receive X-rays dif- 
fracted by either the face-centered phase (austen- 
ite) or the body-centered form (ferrite, bainite, 
martensite). The specimen is heated by electrical 
conduction between connectors E, and E,, and a 
Pt—-Pt-10 pet Rh thermocouple spot-welded to the 
center of the notched region on the side away from 
the X-ray beam indicates the temperature con- 
tinuously on a Brown recorder. Temperature con- 
trol is exercised manually with a variable trans- 
former on the input to E,-E, Any desired time- 
temperature relationship is easily obtained by first 
drawing the desired curve on the temperature re- 
corder chart and then adjusting the variable trans- 
former during the run so that the thermocouple 
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Fig. 2--Composition vs time for isothermal transformation at 
various temperatures 


19.000 


57,000 


Fig 3—Isothermal transformation diagrams ot various stress 

values 
output follows the drawn curve. The specimen is 
tressed by applying a tensile load between the 
grips F, and F 

With D in Fig. 1 set at the peak of the (110) bain- 
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TO 925°F 
100 SEC 
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600 SEC 


Fig. 4—Composition 
vs time for linear, 
continuous cooling 
at 1.14° per sec 
between 925° and 
575°F (various cool 
ing times from 
1600° to 925°F). 
The break at about 
300 sec is the begin 
ning of martensite 
formation 


, 4 


ite diffraction line, its recorded output is a measure 
of the amount of bainite present in the specimen 
The diffraction line position shifts with tempera- 
ture, but the detector is shifted in order to stay at 
the peak position. The detector output is calibrated 
for 100 pet bainite by converting the specimen com- 
pletely to bainite and noting the level of output 
from the detector. It is then assumed that any in- 
termediate output is linearly related to the percent- 
age of bainite present. Checks for preferred orienta- 
tion were made by measuring the a phase (200) 
line at 85° 20 


Results 

For the particular steel chosen, the bainite trans- 
formation was found from X-ray measurements to 
occur between 925° and 575°F; metallographic ex- 
amination confirmed these temperatures within 
25°F. Both isothermal and continuous cooling trans- 
formations were studied over a range of tensile 
tress from zero to 32,000 psi. In all cases the speci- 
men was austenitized at 1600°F prior to the trans- 
formation 

Isothermal Transformations—-In making the iso- 
thermal transformations, the specimen was first 
austenitized at 1600°F, and then the power was cut 
off and the specimen allowed to cool to the desired 
temperature. As this temperature was reached, 
power was reapplied so that the temperature did 
not undershoot but was held within 5°F of the de- 
ired value. Fig. 2 shows typical composition vs 
time curves taken from the continuous recordings 
of Geiger counter detector output. Although the 
absolute amount of transformation is probably not 
accurate to better than +5 pct, the relative values 
along any one curve were found to be reproducible 
with less error than this. The reason for beginning 
the time scale in Fig. 2 when the specimen reached 
925°F is for better correlation with the continuous 
cooling transformations, as is explained in that sec- 
tion. Actually, it took about 10 sec to reach 925 
from 1600°F and took up to 20 see more to reach 
the lowest transformation temperature, 600°F, Dur- 
ing the course of the investigation it was found that 
the isothermal transformation at a given tempera- 
ture was insensitive to the manner of cooling from 
1600° to 925°F, provided, of course, that the speci- 
men was not held above 925 F long enough to reach 
the beginning of ferrite transformation. For ex- 
ample, when a specimen was cooled linearly from 
1600 to 925 F in 100 sec and then quenched to 
700 F and transformed isothermally, the composi- 
tion vs time curve was indistinguishable from the 
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Fig. 5—Composition vs time for a range of linear, continu 
ous cooling rates between 925° and 575°F: A—2.33°F per 


sec; B—1.14°F per sec; C—O.76°F per sec; D—O.57°F per 
sec; E—0.33°F per sec 
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Fig. 6—Continuous cooling, transformation diagrams at vari 
ous stress values. Three cooling curves are shown; 2.85, 0.76, 
and 0.19°F per sec 


curve labeled 700 in Fig. 2 where the specimen wa 
quenched to 700°F directly from 1600°F. Similar 
results were obtained for numerous nonlinear cool- 
ing curves of exponential and other types for vari- 
ous lengths of time between 1600 and 925 F 


Each curve in Fig. 2 was found to be expressibl 
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Fig. 7—Composition 
vs temperature for 
some data as shown 
in Fig. 5 


TEMPERATURE 


analytically as a cumulative distribution™* 


* The cumulative » distribution is expressed as 


where a@ determine the kewness of the distribution and ff deter 
mines the breadth of the distribution. In general distributions are 
‘ uitabl than me il distribution for expressing transforma 


tion because the have zero slue at zero time and the skewness 
be adjusted to fit each type of transformation 


te 


the constants dependent on temperature. Unfor 
tunately, it was not feasible to integrate the general 
expression over variable temperature to obtain cal- 
culated cooling curve transformations 

Isothermal diagrams prepared from data such as 
that in Fig. 2 are shown in Fig. 3. The top diagram 
represent the transformation without applied 
tress, while the middle and lower diagrams repre- 
sent 19,000 and 32,000 psi, respectively In the 
transformations under stress, the specimen wa 
austenitized at 1600°F a 
desired temperature before applying the stre: As 
used to apply the 
left on during the 


place, 


usual and cooled to the 


discussed in ref. 1, a deadload 1 
tensile stress, and this load wa 
Some plastic yielding take 
but the amount of strain could not be determined 
accurately. It is seen that stre 
thermal bainite transformation in this steel simi 
larly to results reported for other compositions," 
Another noticeable effect with 32,000 psi stress wa 
the disappearance of the bay at about 675 F for the 
unstressed specimens, and for those stressed, at 
19,000 psi, as shown in Fig. 3. No explanation is 
known for this, but it appears that the mechanism 


transformation 


accelerates the iso- 


causing this bay is overcome by the more severe 
plastic deformation occurring with 32,000 psi stre 
The 32,000 psi stre 
lightly higher temperature 

It should be noted on Fig. 3 that the M, value is 


pecimen only. No at- 


also raises the bainite nose to 


hown for the unstressed 
made to determine M, for the stressed 
although it would be expected that M 
omewhat by the tensile stre 

In prepar- 


tempt wa 
pecimen 
would be raised 

Continuous Cooling Transformations 
ing continuous cooling transformation diagrams, the 
method of plotting the data must be considered, It 
has been suggested by Grange and Kiefer that cool- 
ing curve hould be plotted beginning at Ae, tem 
perature for transformation to proeutectoid ferrite 
and at Ae, for transformation to pearlite or bainite 
For the bainite transformation in steel uch as the 
one investigated here, it was found more suitable to 
plot the cooling curves by beginning at the upper 
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Fig 8—Nonlinear 
continuous cooling 
curves used in test 
, | ‘ ing prediction of 
bainite transforma 
tion. Cooling curves 


B, C, and D reter to 
7s the linear cooling 
| tates used in Figs. 5 


temperature limit for the bainite transformation, 
925°F, although cooling was actually begun at 
1600°F. Justification for such plotting is illustrated 
in Fig. 4 where bainite composition vs time for a 
given cooling rate is shown to be independent of the 
time of cooling from 1600° to 925°F. Data for the 
continuous cooling transformation diagrams were 
taken at linear cooling rates of 2.85, 2.30, 1.55, 1.14, 
0.76, 0.57, 0.42, 0.33, and 0.19°F per sec in the bain- 
ite region, Composition vs time curves are shown 
for some of these cooling rates in Fig. 5. It is inter- 
esting that the composition vs time for all of the 
faster cooling rates is almost independent of the 
cooling rate until the M, point is reached. The M, 
point is shown by the break upward on each of the 
curves. These data and those from the other cooling 
rates were used to prepare the continuous cooling 
transformation diagrams of Fig. 6, which should be 
compared with the isothermal diagrams of Fig. 3. In 
Fig. 6 time-temperature curves are shown for the 
fastest, the slowest, and for one which is intermedi- 
ate. It was necessary to extrapolate the low per- 
centage curves at the short times beyond the fastest 
cooling-rate curve, but it is felt that the extrapola- 
tion is well justified since all the higher percentage 
lines showed similar shape. Isopercentage lines at 
intervals of every 10 pet were used in preparing 
Fig. 6, but the 20, 40, 60, and 80 pct lines were re- 
moved in order to make the figure more legible 

For the transformations under stress, the speci- 
men was austenitized at 1600°F as usual and cooled 
to 950°F before the load was applied. The load was 
left on during the transformation. As with the iso- 
thermal diagrams, the amount of strain could not 
be determined accurately in these experiments. At 
first glance Fig. 6 appears quite similar to Fig. 3, 
but two differences should be noted. First, there ts 
no bay at 675°F in any of the isopercentage lines as 
there was for the isothermal transformations. This 
is not too surprising since the bay occurred over a 
small temperature range, and the continuous cool- 
ing curves represent a range of temperature from 
925° to 575° F. Second, and perhaps more important, 
is the rate at which transformation proceeds as il- 
lustrated by the 30, 50, and 70 pet transformation 
lines, For instance, for unstressed specimens 50 pet 
transformation along the 750°F temperature line 
was reached after about 210 sec on the isothermal 
diagram but not until 750 sec on the continuous 
cooling diagram, although the 5 pct transformation 
level was reached after 60 sec for both isothermal 
and continuous cooling. The same trend is observed 
for the stressed specimens. In addition to the differ- 
ences, one similarity in Figs. 3 and 6 should be 
noted. For 32,000 psi stress the shapes of the curves 
for isothermal and continuous cooling transforma- 


tions are very similar. This would seem to indicate 


992—JOURNAL OF METALS, AUGUST 1956 


80 PRE OICTED 
BSE RVEL 


Fig. 9—Comparison 
of predicted and ob- 
served composition 
vs temperature for 
the nonlinear cooling 
curves shown in 

Fig. 8 
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that at 32,000 psi stress, rather than time, controls 
the start of the transformation 


Prediction of Transformation During 
Nonlinear Continuous Cooling 


In the preceding section transformation diagrams 
were prepared for isothermal and linear cooling 
conditions. However, practical heat treatment ts 
usually not represented either by isothermal trans- 
by linear continuous cooling for a 
3 and 


formations or 
number of reasons. Thus, the diagrams of Figs 
6 cannot be applied directly to ordinary heat treat- 
ment 

In the past, some success has been claimed in pre- 
dicting the time for the beginning of transforma- 
tion, using Scheil’s technique,” and it has been ex- 
tended to predict the rate at which transformation 
proceeds after being initiated. A number of differ- 
ent methods for predicting the transformation dur- 
ing nonlinear, continuous cooling were tried during 
the course of this investigation, but only the most 
successful one will be reported here. In it, the cal- 
culation of bainite content at any time during the 
cooling is based on two assumptions. First, it is as- 
sumed that a nonlinear cooling curve may be ap- 
proximated by a series of sections of linear cooling 
curves. Second, it is assumed that when the steel 
is cooled linearly at a particular rate between tem- 
peratures T, and T, a certain fraction of the austen- 
ite present at T, will decompose, the fraction being in- 
dependent of the absolute amount of austenite pres- 
ent at the upper temperature T,. It is realized that 
some objection may be raised to this second as- 
sumption because it is not based on previously es- 
tablished principles. No attempt will be made here 
to justify it on a theoretical basis, but let it be said 
that it does yield satisfactory agreement between 
predictions and observations 

The procedure outlined 
easier by replotting the data of Fig. 5 so that com- 
position vs temperature is shown rather than com- 
position vs time as shown in Fig. 7. Now, conside: 
the time-temperature curve P, in Fig. 8, which ap- 
proximates the inflection obtained in practical cool- 
ing. Since P, is the same as curve B in Fig. 7, down 
to 800°F, the same amount of transformation (5 
pet) would be expected at that temperature. From 


subsequently is made 


800° to 700°F, P, has the same cooling rate as curve 
Along curve D the austenite decreased 
and 700°F, respec- 


D in Fig. 7 
from 87 to 65 pct between 800 
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tively; that is, it decreased by 25 pct of the amount 
present. If it is assumed that the same fraction of 
austenite will decompose on P, between 800° and 


700°F, that is, 25x95 = 24 pet, the percentage of bain- 
ite on P, at 700° F would be predicted to be 5 + 24 or 
29 pet. Next, P, has the same cooling rate as curve 
C in Fig. 7 between 700° and 600°F. On curve C, 
22 pet of the amount of austenite present trans- 
forms between 700° and 600°F, giving a calculation 
on P, of 22x71 or 16 pet. The total bainite predicted 
on P, at 600°F would thus be 29 + 16 or 45 pet. A 
similar procedure was followed for curve P, in Fig 
8. Although P, does not represent a practical curve, 
it does serve as a test of the prediction method 

Curves P, and P, were followed with the X-ray 
spectrometer and the transformation observed. Fig 
9 shows both the predicted and observed composi- 
tion vs temperature curves for P, and P,. From Fig 
9 it can be said that prediction of nonlinear cooling 
transformations is feasible if the proper precau- 
tions are observed. It should not be concluded that 
diagrams such as Fig. 6 are not useful, since they 
are prepared for conditions of linear cooling which 
may not be approximated for various thicknesses of 
material during practical cooling 


Summary 

Isothermal and continuous cooling transformation 
diagrams in the bainite region have been given fot 
stressed and unstressed specimens of a Ni-Cr steel 


Transformations of this particular steel were found 
to be insensitive to the rate of cooling from the 
austenitizing temperature, 1600°F, to the upper 
temperature for bainite formation, 925°F. By plot- 
ting the diagrams with zero time representing the 
time at which the specimens reached 925°F, the 
continuous cooling diagrams represent every ap- 
proximately linear cooling rate for the bainite re- 
gion. For nonlinear cooling the transformation may 
be satisfactorily predicted by assuming the non- 
linear curve to be expressible as a series of sections 
of linear curves and by further assuming that the 
fraction of austenite decomposing in a given tem- 
perature interval is dependent on the cooling rate 
but not on the absolute amount of austenite present 
at the upper temperature 
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Internal Friction Studies on Silver and Certain 
Silver-Base Solid Solutions 


Internal friction studies on annealed and cold-worked pure silver and alloys of silver with 4.5 
atomic pct each of Cd, Sn, and Sb are reported. Small amounts of cold work, introduced by stretching 


pure silver, decrease the internal friction; large amounts of cold work, by wire drawing, cause this 
decreased internal friction to rise. Results of several annealing histories on the room-temperature in- 
ternal friction indicate a rather complex recovery and recrystallization behavior. A rather system- 
atic alloy effect is observed for the elements of Period V-B in silver in both the annealed and cold- 


worked states. 


URING recent years internal friction measure- 
ments at very small! stress levels have been in- 
terpreted in terms of structural models and mech- 
anisms occurring within the metal or alloy These 
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measurements have been made over wide ranges of 
frequency of vibration and of temperature. While 
the effects of impurities, alloying, and plastic defor- 
mation have been studied by numerous investigators, 
no investigations of the effect of a series of solutes 
related by their position in the Periodic Table on a 
given solvent seem to have been reported. The 
present paper reports internal friction measurements 
on silver and on certain silver-base solid solutions 
to determine the values of room-temperature inter- 
nal friction associated with varying amounts of 
plastic deformation and after different annealing 
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Fig. |—Effect of time at room temperature on internal fric 
tion of cold worked pure silver 


conditions. During the course of the investigation, 
some measurements were made at elevated tempera- 
tures and in different atmospheres, the results of 
which are reported 


Experimental 

A modified Ke apparatus was used.’ The free 
decay of oscillations of a period of the order of 1 sec 
was observed visually. Specimens were annealed in 
a controlled atmosphere and leakage of air into the 
ystem was prevented by the use of a removable, 
gas-tight tubular glass extension clamped on the 
bottom of the furnace to enclose the specimen exten- 
sion rod, Both the top and the bottom of the fur- 
nace were closed by means of gas-tight joints dur- 
ing each annealing process. A gas purification sys- 
tem connected to the furnace produced purified hy- 
drogen and purified nitrogen as required in the 
annealing processes, 

The specimens were 0.032-in. diameter wires 
which were cold-worked by drawing through Car- 
boloy dies. Annealed wires were elongated in place 
by means of a vice which could be rigidly clamped 
to the specimen extension rod. By lowering this vice 
small incremental amounts, the desired elongation 
by stretching was obtained 

Most of the damping experiments were carried 
out in air after transverse motion was eliminated by 
oil damping. The remainder of the experiments were 
accomplished with the tip of the specimen extension 
rod immersed about ‘& in. in oil to damp out any re- 
maining transverse motion. During these latter ex- 
periments, consistent use was made of a factor es- 
tablished as 0.00026 for the damping of the oil 

The range of reduction of wire specimens cold- 
drawn through Carboloy dies was from 25.2 to 98.7 
pet reduction in area, These cold-drawn wires were 
straightened variously, by stretching or carefully 
by hand. It was noticed that the amount of such 
straightening had effects on the internal friction, 
from which, however, the wires recovered within 
from a few hours to a day. Such procedures were 
prohibitive for annealed wires and hence the pro- 
cedure of annealing them in place. Otherwise, it was 
impossible to place annealed wires in the apparatus 
without lowering the measured internal friction of 
some of them as much as several times. The range of 
elongation of wire specimens stretched in place in 
the apparatus was from 1 to 14 pct elongation. The 
amount of elongation of each specimen was read 
directly from a calibrated scale placed beside the 
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specimen extension rod and was checked against 
the overall elongation of each specimen taken from 
the apparatus after the completion of a series of 
elongations. 

The definition of internal] friction used in the 
present research, 1/Q, is In(A,/A,)/mn where A, is 
the initial amplitude and A, is the amplitude after 
n cycles. 


Preparation of Specimens 

The silver used was Handy and Harman fine 
silver, with a spectrographic analysis at the experi- 
mental stage of Cu, 0.00015; Fe, less than 0.00005; 
Ca, Mg, Ni, Pb, and Si, traces; and Al, Be, Co, Mn, 
Mo, Sn, Ti, and Zn not detected. Each of the solid- 
solution alloying elements—-Cd, Sn, Sb, and Al—was 
99.8+ pct pure 

In the melting of alloys, the charges consisted of 
silver and amounts of the alloying elements corres- 
ponding to 4.5 atomic pct of contained alloy. Each 
alloy was made and cast in a small, closed, graphite 
crucible which was cooled from the bottom by a 
gentle current of air to prevent shrinkage cavities. 
Analyses were based on weighings before and after 
casting and before and after a homogenization an- 
neal in a purified nitrogen atmosphere at 625 °C for 
34 hr. Radiographic and metallographic investiga- 
tions of the ingots revealed completely sound cast- 
ings with no pronounced segregation. The ingots 
were swaged to 0.100 in. in diameter and annealed 
in argon for 1 hr at 650°C. This material was 
then drawn to various diameters such that an addi- 
tional anneal and a final draw to 0.032 in. would give 
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COLD WORK 

Fig. 2—Effect of cold work on room-temperature internal 

friction of pure silver and alloys with cadmium, tin, anti 

mony, and aluminum. Deformations to 15 pct by stretching; 

from 25 to 98 pct by wire drawing 
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the desired range of deformations. The wires were 
straightened by slight stretching or by hand. 


Experimental Results 


Preliminary measurements of the internal friction 
of silver that was cold-worked various amounts in- 
dicated that measurable recovery was occurring at 
room temperature and over relatively long periods 
of time, as has been observed by others.’ The mag- 
nitude of the recovery for pure silver cold drawn 
90.3 pet reduction in area is shown in Fig. 1. It is 
evident that some recovery is still occurring after 3 
mo although the rate is rather small after 2 mo. As 
a consequence of this tendency to recover, it was 
necessary to establish a relative time for measure- 
ment of all specimens which would permit analysis 
of the data on a comparative basis. Due to the 
rapidity with which the internal friction frequently 
changed during the first day following working, it 
was expedient to permit all specimens to recover 
until the rate of recovery was small. Accordingly, 
all room-temperature measurements reported in 
this paper have been made on specimens recovered 
of the order of 3 mo unless otherwise noted. The 
effect of cold working en the ambient-temperature 
internal friction of pure silver and its alloys is shown 
in Fig. 2. As previously indicated, deformations of 
approximately 25 pct reduction in area or greater 
were obtained by wire drawing. It is evident that in 
this range of deformation, the internal friction 
curve is relatively flat up to about 60 pct reduction, 
after which it rises rather sharply with no apparent 
tendency to level off 

It is evident that the 4.5 atomic pct additions of 
Cd, Sn, and Sb decrease the internal friction relative 


Table |. Change in Lattice Parameter for Silver Alloys Investigated 


Change in a 


Alley 
4.5 atomic pet Cd 86 
4.5 atomic pet Sn 180 
4.5 atomic pet Sb 265 
2.0 atomic pet Al 25 


to that of pure silver for all degrees of cold work 
Furthermore, the magnitude of the decrease in in- 
ternal friction increases in the order Cd, Sn, and Sb, 
i.e., in the order of position of these elements in 
Period V-B in the Periodic Table. The position of 
the 2 atomic pct Al alloy is to be noted, since it is the 
only alloy addition outside Period V-B. For interme- 
diate amounts of deformation, the internal friction 
values are actually greater than for pure silver; for 
greater amounts of deformation, the internal friction 
is less than that of pure silver and is comparable to 
the 4.5 atomic pet Cd 

The internal friction values of the annealed mate- 
rials indicated along the ordinate in Fig. 2 and cor- 
responding to 0 pet reduction were obtained by an- 
nealing wires in place in the apparatus. The pure 
silver was annealed 1 hr at 900°C; the aluminum 
and cadmium-bearing alloys, at 700°C; the anti- 
mony alloy, at 750°C; and the tin alloy, at 800°C 
Characteristic curves showing the temperature de- 
pendence of the room-temperature internal friction 
are shown in Fig. 3, where it is evident that the 
alloys are relatively insensitive to the annealing 
temperature above 650 °C 
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Fig. 3—Effect of annealing temperature on room-temperature 
internal friction of pure silver and alloys with aluminum, 
cadmium, tin, and antimony 


The annealed wires were then elongated progres- 
sive amounts by stretching while suspended in the 
apparatus. Permanent deformation after release of 
the load was used as a measure of the elongation. 
Internal friction measurements were made on such 
elongated wires immediately following deformation 
and, hence, differ from the greater deformations in 
that the data refer to specimens in the unrecovered 
condition, It is evident that extremely small amounts 
(0 to 10 pet) of deformation rapidly decrease the in- 
ternal friction of previously annealed pure silver 
and that with additional deformation the curve is 
practically continuous with that for pure silver re- 
duced by wire drawing. With reference to the 
marked decrease in internal friction on stretching 
wires of 0 to 10 pet reduction, similar stretching 
causes an increase in internal friction for wires pre- 
viously deformed 60 pet or greater, thus indicating 
that in this range of deformation stretching has a, 
similar effect to drawing 

Contrary to the behavior of pure silver, the in- 
ternal friction values of the previously annealed 
alloys increased with small amounts of stretching 
In general the values are seen to rise above those of 
the plateau between 25 pct and 60 pet reductions by 
drawing, although such might not be the case if the 
samples were recovered before making internal 
friction measurements 

The effect of annealing on the room-temperature 
internal friction of pure silver was further investi- 
gated by heating a wire with 98.7 pet reduction in 
area (RA) while in place to progressively higher 
temperatures for 1 hr and remeasuring at room tem- 
perature. Initial experiments were carried out by 
annealing at increments in purified N,. The results 
are shown in curve I, Fig. 4. The internal friction 
is observed to drop almost immediately to a mini- 
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Fig. 4—-Effect of annealing conditions on room temperature in 
ternal friction of pure silver reduced 98.7 pct by wire drawing 


mum value of 5 x 10° at 200°C, after which it rises 
to a maximum of 12 x 10° at 400°C. Higher anneal- 
ing temperatures reduced the internal friction with 
a second tendency to rise after 650°C 

Due to the tendency for high-purity silver to an- 
neal at low temperatures, it was thought that sig- 
nificant data were being overlooked by annealing at 
large temperature intervals; consequently, a second 
wire, cold-drawn 98.7 pet, was annealed at more fre- 
quent temperature intervals, the data being indi- 
cated in curve Il. It is noted that the intermediate 
maximum occurs at a slightly lower temperature 
(300°C) and has a much higher internal friction 
(20 x 10°). The data, although not conclusive, indi- 
cate a second peak at a slightly higher temperature. 
Suggestions for a similar peak are seen in curve I 

Because of the unusual trends in these curves, a 
series of experiments was carried out on a wire 
heated to successively higher temperatures but with 
data taken during cooling from each of these tem- 
peratures. Reliable data were restricted to anneal- 
ing temperatures of about 550°C because of the 
difficulty of preventing back-diffusion of air into the 
system and possible creep in the wires. The data are 
shown in Fig. 5 from which the room-temperature 
values may be obtained. The latter values are plotted 
as curve III on Fig. 4, where it is evident that the 
same trends occur but shift slightly in position and 
magnitude undoubtedly as a result of the different 
history of the specimen 

Similar studies on wires annealed in hydrogen 
yielded interesting trends relative to those made in 
nitrogen. As indicated in Fig. 4, the data taken fol- 
lowing the hydrogen anneals paralleled the nitrogen 
data to about 300°C. Beyond this, however, the data 
are significantly lower than any of the values ob- 
tained in nitrogen. 

Discussion 
The results of the present investigation indicate 


that the internal friction of pure annealed silver de- 
creases rapidly with small amounts of deformation; 
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it then remains essentially constant up to 60 pct 
reduction in area after which it rises rapidly. The 
latter rise in the internal friction is similar to that 
observed by Ke" * on aluminum and by others on 
various alloys, the general subject being reviewed 
by Zener.” A maximum in the internal friction cold- 
working curve of the type reported by several in- 
vestigators was not observed in the present in- 
vestigation. 

The rapid decrease in internal friction of pure 
silver when stretched small amounts is similar to 
that observed in iron and nickel by Osawa’ and un- 
doubtedly is related to the observations of Hasiguti 
and Hirai“ on single crystals of copper, of Lawson’ 
on polycrystalline copper, and of Weertmann and 
Koehler’ on copper single crystals. Working at small 
deformations, these investigators observe a maxi- 
mum in the internal friction at strains less than 1 
pet. Weertmann and Koehler argue that in the an- 
nealed material few dislocations exist, but with 
small increasing deformations, dislocations are 
formed which dissipate the vibrational energy. The 
subsequent decrease is then attributed to the lock- 
ing of dislocations or to a decrease in the number of 
free dislocations. The observations on pure silver in 
the present investigation are reasonably explained 
by similar mechanisms if it is assumed that the 
minute deformations required initially to increase 
the internal friction to the peak are introduced dur- 
ing the manipulation of the apparatus for readings 
on the annealed wire. 

The marked decrease in internal friction of an- 
nealed solid solution alloys of silver with Cd, Sn, 
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Fig. 5—Effect of temperature on internal friction of pure 
silver reduced 987 pct by wire drawing. Data taken on 
single specimen during cooling from progressively higher 
annealing temperatures 
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and Sb relative to the pure silver reflects the 
effectiveness of these solute elements to interfere 
with the movement of dislocations. With slight 
deformation, dislocations are freed and the internal 
friction is observed to rise. The order of the effec- 
tiveness of the solutes to decrease internal friction at 
all deformations is observed to be that of their posi- 
tions in the Periodic Table following silver. If the 
correlation is based on the change in lattice para- 
meter for the amount of solute present, Table I, 
the effect of aluminum as a solute is accounted for 
at least at the smal] deformations. 

The internal friction of all of the materials inves- 
tigated increased with increased amounts of cold 
working. Since models of atomic arrangements in 
such highly distorted material have not been devel- 
oped to the extent of annealed metals, only quite 
speculative arguments may be made. As a conse- 
quence, it appears necessary to conclude, in a very 
general way, that the internal friction behavior at 
large deformations is a consequence of energy dissi- 
pation by a complex array of dislocations and 
boundaries through viscous behavior similar to that 
extensively studied by Ke.’ Although the tempera- 
ture dependence of these curves was not investi- 
gated, one would expect that the data reflect a gen- 
eral rise in the internal friction background due to 
the lack of a unique process having a characteristic 
activation energy. 

An interpretation of the room-temperature inter- 
nal friction measurements on silver as a function of 
annealing temperature, Fig. 4, is not entirely evi- 
dent. The data of Fig. 5 show an initial decrease in 
the room-temperature internal friction on cooling 
from progressively higher temperatures. However, 
after annealing at 125°C and above there is a tend- 
ency for a relaxation peak to develop near 60°C, 
the peak moving to higher temperatures with in- 
creased annealing temperatures. The trends in the 
curves in Fig. 4 may be rationalized by the effects 
on the room-temperature internal friction as the 
peak moves to higher temperatures 

Some determinations of the changes in internal 
friction due to the annealing atmosphere have been 
made. The effects of making each successive anneal 
in hydrogen are shown in Fig. 4, where it is appar- 
ent that substantial decreases in internal friction 
have occurred at the higher temperatures. The 
trends in these data are similar to those reported by 
Marx and Koehler” for copper. Decreases have also 
been observed by Koster.” Annealing in air at these 
temperatures decreased the internal friction by a 
factor of two over the values in hydrogen, showing 
that the nitrogen atmospheres were substantially 
free of oxygen. Subsequent annealing (800°C) of 
the oxygen-contaminated material in a hydrogen 
atmosphere increased the internal friction to near 
the hydrogen-atmosphere values. These observa- 
tions indicate that the general trend in the internal 
friction of cold-worked silver vs annealing tem- 
perature is not a result of oxygen pickup from the 
annealing atmosphere 


Summary 
The effects of annealing and cold working on the 
room-temperature internal friction of 99.999 pct 
Ag have been investigated. The room-temperature 
internal friction of previously cold-worked silver is 
a rather complicated function of temperature, it 
being very dependent on the thermal history of the 


sample. In general the internal friction drops rapid- 
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ly from the cold-worked value, then goes through 
a peak on annealing between 200° and 400°C 

Small deformations (0 to 15 pet) by stretching of 
previously annealed silver rapidly lower the internal 
friction. Further deformation by wire drawing has 
little effect up to about 60 pet reduction in area, 
beyond which the internal friction rapidly rises 

Alloys of silver with 4.5 atomic pet Cd, Sn, and Sb 
have been investigated in a similar manner. In both 
the annealed and cold-worked states, a systematic 
effect of these elements following silver in the 
Periodic Table is evident. The internal friction of 
the annealed alloys is much lower than that of the 
pure silver, and cold working is not particularly 
effective in increasing thi: property until 60 pet 
reduction in area is reached. Beyond this the in- 
ternal friction rises, being greatest in the cadmium- 
bearing alloy and least with the antimony alloys 

The effects of annealing, cold working, and alloy- 
ing are not inconsistent with a dislocation model 
for the materials in their various states 


Appendix 

The authors’ attention has been called to investi- 
gations along similar lines by S. Pearson, Unfortu- 
nately the publication has not been available to the 
present authors (S. Pearson, Royal Aircraft Estab- 
lishment Report No. Met. 71, Jan. 1953) 

Several recent publications on internal friction 
studies are pertinent to the present investigation. 
Brook and Sully have studied the internal friction 
of polycrystalline aluminum during early stages of 
creep using about the same frequency range as the 
present work. They report observation of the rise 
in the internal friction with very small amounts of 
strain as the present authors suggest should be ob- 
served. Their subsequent decrease in internal fric- 
tion with additional deformation is similar to that 
observed in the present work." Nowick has consid- 
ered in some detail the recovery phenomena in a 
number of systems and reports observations on the 
recovery of internal friction of platinum; the gen- 
eral result is of the form shown in Fig. 1 in the 
present pape! 
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Etch Pits and Dislocations in Zinc Monocrystals 


A technique is described for producing etch pits at the sites of edge dislocations in 
zinc monocrystals. A survey was made of the etch pit patterns that appear in cast crys- 
tals as well as crystals that were deformed in various ways, including basal glide, twin- 


ning, kinking, pyramidal glide, and bending. 


by John J. Gilman 


oe 


+. 


OR many years it has been suspected that a cor- 

relation existed between pits produced by etch- 
ing and the density of dislocations in crystals. In 
1953, the interest in this correlation was greatly 
stimulated when Vogel et al' demonstrated a 1:1 
correlation between etch pits and dislocations in 
low angle grain boundaries of germanium. 

About two years ago, the author began attempts to 
produce etch pits at dislocation sites in zinc mono- 
crystals. These attempts met with success a year or 
so ago,” and since that time a survey has been made 
of the etch pit patterns that are associated with 
various modes of deformation in zinc monocrystals 
Unfortunately, the etching technique that will be 


J. J. GILMAN, Junior Member AIME, is associated with Research 
Laboratory, General Electric Co., Schenectady 

TP 4218E. Manuscript, Sept. 15, 1955. New York Meeting, Feb 
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Fig. |—Very low angle grain boundaries in cast zinc crystals. 
Boundaries are of the simple tilt dislocation type. Views are 
looking parallel to edge dislocation lines. LEFT: X250; 
ABOVE: X1000. LEFT reduced approximately 20 pct; 
ABOVE, 10 pct, for reproduction. 


described is too delicate for use as an accurate quan- 
titative tool. Nevertheless, it has been of consider- 
able assistance in clarifying the structure of plastic- 
ally deformed crystals. 


Technique 

Many attempts were made to produce etch pits in 
high purity zine crystals. It was found that several 
techniques would produce surface grooves at grain 
boundaries that had misorientation angles greater 
than about 1°, but no technique was successful for 
boundaries with smaller angles. Among the things 
that were tried were: electrolytic CrO, (both etch- 
ing and polishing concentrations), HNO, in various 
water and alcohol solutions, dilute HCl, many 
CrO,-Na,SO, solutions, CrO,-HC] solutions, picral, 
electrolytic Na,S.O,, and electrolytic NaOH and 
KOH. A few attempts to use cathodic sputtering and 
thermal etching were also made. 
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Fig. 2—Etch pits lying parallel to basal planes in a cast 
zinc crystal. Looking perpendicular to a [1120] direction 
and parallel to the basal (0601) planes. X250. Reduced ap- 
proximately 15 pct for reproduction 


Success in etching small angle boundaries was 
finally achieved by adding an impurity to zinc crys- 
tals. About 0.1 atomic pet Cd was used. 

In addition to the impurity, it was necessary to 
heat treat and age the crystals properly. The crys- 
tals were heated at 300° or 400°C, air-cooled to 
room temperature, and then aged at least one week 
at room temperature. The deformation treatments 
were performed immediately after the crystals had 
been cooled to room temperature, before appreci- 
able aging could occur. 

After they had been aged, the crystals were chem- 
ically polished and then etched. The polishing solu- 
tion consisted of 160 g CrO,, 20 g hydrated Na, SO,, 
and 500 ml water. Prior to the polishing operation 
the crystals were cleaned with 50 pet HCI acid. They 
were dipped into the polishing solution (with mild 
agitation) for about 20 sec, then washed in water, 
and redipped. This latter operation was repeated 
until the desired polish was obtained. The polishing 
reaction varied among various crystallographic faces 
and was especially poor for the (0001) faces. Vio- 
lent agitation was needed in order to polish the 
(0001) faces of crystals. 

The etching reagent was similar to the polishing 
solution, but the hydrated Na, SO, was increased to 
50 g. For etching, the crystals were immersed for 
about 60 sec in the etchant (with mild agitation) 
No fixed procedure can be stated because the qual- 
ity of the etch depends strongly on the etching time 
and the amount of agitation that is used. Usually, 
a yellow-brown chromate film remained on the sur- 
face of the crystals after they had been etched; this 
was removed by a dip in a solution of 160 g CrO, 
per 500 ml of water 

The etching that this method produces is actually 
a preferential polishing action, because material is 
removed from the whole surface of the specimen. 


Patterns and Interpretation 
As-Cast Crystals—Several more or less typical 
patterns of pits were observed in cast crystals. The 
most striking type is shown in Fig. 1. The plane of 
the photograph is perpendicular to the basal plane 
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Fig. 3—Complex collection of pits and boundaries in a cast 
crystal. X250. Reduced approximately 15 pct for reproduction. 


Fig. 4—Pair of dislocations in an otherwise uniform tilt 
boundary. LEFT: Etch pit array. X1600 RIGHT: Schematic 
arrangement of dislocations. 


Fig 5—Complex low angle boundary in cast zinc crystal 
The basal plane is horizontal and the view is parallel to a 


[1120| direction in the basal plane. X750. Reduced approxi 
mately 20 pct for reproduction 
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Fig. 6—A dead end 
tilt boundary with 
pits turning off onto 
the glide plane 
X1000. Reduced 
approximately 20 pct 
for reproduction 


and parallel to a close-packed direction of the crys- 
tal. The pattern consists of an array of very low 
angle grain boundaries of the simple tilt type (the 
basal plane lies approximately horizontal in these 
pictures). From the geometry of the boundaries and 
the way the pit densities change when two bound- 
aries join together, it is judged that the etch pits 
represent the positions of individual edge disloca- 
tions in these crystals. However, since some sort of 
segregation of cadmium is required to reveal the 
pits, there is no guarantee that all the dislocations 
that are present are represented by pits. In the 
boundaries where the pits do represent dislocations, 
the boundary angles range from 1x10°* to 4x10" 
radians. Since the crystal is not macroscopically 
bent, it is believed that the boundaries (spaced 
about 0.02 mm apart) are not all of the same sign. 

In addition to the vertical rows of pits in Fig. 1, 
some horizontal rows (parallel to the basal planes) 
will noted, Sometimes these horizontal arrays 
are quite prominent in cast crystals, as shown in 
Fig. 2, for example. Note also, in this picture, a 
meandering boundary running obliquely across the 
field. These are commonly observed running ap- 
proximately parallel to the growth direction of crys- 
tals and are probably associated with linage o1 
optical mosaic structures.” 

Very complex patterns of etch pits which seem to 
be associated with macroscopic defects (inclusions, 
gas holes, etc.) in a crystal appear in Fig. 3. 

There is, of course, a wealth of detail in etch pit 
patterns, making them fascinating to study with a 
microscope. Only a few of the details which par- 
ticularly caught the author's interest can be pre- 
sented here 

Fig. 4, left, shows a tilt boundary in which two 
of the dislocations of the wall are symmetrically 
placed on a glide plane. At first one wonders 
whether such an array (found by Oberly* in ger- 
manium also) is stable, and this may be determined 
by a straightforward theoretical calculation 

Consider the stresses on the dislocation at (2x, a/2) 
in Fig. 4, right. According to the expression that 
Burgers’ derived for the stresses due to an infinite 
wall of positive edge dislocations, the shear stress 


be 
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at (x, a/2) due to an infinite wall at x — 0 would be 


cosh (. — ) + 1 
a 


sinh’ (- - ) + 

a 
where D is an elastic constant, and b is the Burgers’ 
vector. In the present case the dislocations at (0,0) 
and at (0,a) are missing from the wall. Hence, two 
negative dislocations are placed at those positions to 
cancel the stress fields of the two positive disloca- 
tions. The two negative dislocations give a stress at 
(x, a/2) of 


Ib 
2a’ 


a’/4) 
+ a’/4) 


B(x 


2 Db 


In addition, there is a stress on the dislocation at 
(x, a/2) due to the one at (—x, a/2). This stress is 


Db 
2r 


” 


The total stress, r = r° + +r +7”, must be equal to 
zero at equilibrium. The equation has been solved 
graphically for a 1 and it was found that x must 
be about 0.59 to make a,, = 0. In the photograph of 
Fig. 4, left, the value of a is about 2.5 mm, so that 2x 
should be about 2.9 mm. The measured value of 2x 
is 3.4mm. Thus the agreement between the theory 
and experiment is reasonably good. A similar calcu- 
lation, for the case when one dislocation in a wall is 
symmetrically replaced by two, shows that equilib- 
rium is attained when x = 0.47 if a 1. If the num- 
ber of pairs at a wall increased beyond one, 
eventually the array will become unstable and two 
walls will result 

If the dislocation at (—2,a/2) climbs in the y- 
direction, then the stress at (2,a/2) decreases 
the two dislocations would tend to move closer to- 
gether. Thus, this array is unstable with respect to 
climb 

Grain boundaries are not always highly localized 
if the evidence of Fig. 5 is believable. As the diag- 
onal boundary passes through a certain orientation 
with respect to the crystal, it breaks up into a reg- 
ular but complex array of etch pits. These pits may 
or may not correspond to edge dislocations. Patterns 
like that of Fig. 5 are relatively uncommon, although 
many of them have been seen 

Another intriguing array which has been seen 
several times is that of Fig. 6 where a tilt boundary 
comes to an abrupt end by turning through 90° so 
that the pits lie along a basal plane 

Perhaps the most fascinating arrays, other than 
tilt boundaries, are the pile-ups of pits that have 
been observed lying parallel to the 
An exceptionally large one that con- 
This array 


Is 


sO 


occasionally 
basal planes 
sists of some 67 pits is shown in Fig. 7 
was observed on an as-cast crystal 


Fig. 7—Pile-up of pits ly 
ing parallel to the glide 
plane. Looking parallel to 
the edge dislocation lines 
X600. Reduced approxi- 
mately 20 pct for reproduc 
tion 
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Fig. 9—Polygonization boundaries in a crystal that was bent 
about an axis perpendicular to a [1120]! direction (bend 
axis normal to paper). Heated 10 min at 300°C. Radius of 
curvature glide planes 15 mm. X500. Reduced approxi 
motely 10 pct for reproduction 


Fig. 8—Comparison of simple theory and experimental data 
for the linear array of Fig. 7 


Since the conditions are unknown under which 
dislocations might have been arranged as in Fig. 7, 
the theory of linear arrays developed by Eshelby, 
Frank, and Nabarro® cannot be precisely applied 
However, under the simplest possible assumptions, 
an analysis of the array has been made. It is as- 
sumed that the array has resulted from blocked 
glide; that is, n dislocations have piled up against 
an obstacle under the action of some macroscopic 
stress and the array became stuck (perhaps upon a ve 
decrease of temperature). Then the theory predicts 
that for large i the position of the ith dislocation in the 
array should be given by x Bi, where x, is the 
distance from the ith to the 0th dislocation, and B is 
a constant equal to 


l6r(1l—wv)n 

bere 
where G shear modulus, b Burgers’ vector, r bet Le 


applic d stress, and Poisson’s ratio 10—Crystel deformed by bese! glide ot room tempore 
Fig. 8 shows the experimental positions of the Macroscopic shear strain 10 pet. View is parallel 

etch pits as well as a line that gives the best fit to to glide direction and perpendicular to basal planes. X250 

the data. This line is given by Reduced approximately 20 pct for reproduction 


(x. + 2.) + 


where x 3.4 * 10° cm, B = 3 © 10* cm, and i 
34, so that r should have been about 100 g per sq mm, 
a reasonable figure, and n i+i 101 dislocations 
Although the agreement is only approximate, the 
theory is at least partially confirmed 
Polygonization—The etch-pit patterns on bent 
crystals and on bent and annealed crystals have 
been examined. The observations confirm the re- 
sults of a previous investigation." They show that, in 
a homogeneously bent crystal, the dislocations lie 
in arrays parallel to the glide planes with occasional 
places where a few dislocations lie perpendicular to 
the glide planes. It is only upon heating that ex- 
tensive dislocation climb occurs and long range 
polygon boundaries are found. Analogous results 
have been found for Si-Fe crystals by Hibbard and 
Dunn 
Fig. 9 shows polygon boundaries in a bent zinc 
crystal where the plane of the photograph lies normal Fig. 11—Basal glide bands that were produced at 185°C 
to the edge dislocation lines. Note the places where View is parallel to glide direction. X100. Reduced approxi 
the polygon boundaries jog out of their normal ori- mately 25 pct for reproduction 


TRANSACTIONS AIME AUGUST 1956, JOURNAL OF METALS—1001 


4 
ay 
ty 
per 
4) 


Fig. 12—-Glide bands plus polygon boundaries in region 
where bend gliding occurred. X100. Reduced approximately 
25 pct for reproduction 


entation onto the glide planes and then turn back in 
the vertical orientation. This is a common occur- 
rence, but the reason for it is not clear. 

Glide Bands (Basal)—Changes in the etch pit 
patterns upon basal glide were examined for glide 
carried out at room temperature and at 185°C. The 
photographs were all taken normal to the edge dis- 
location lines. Fig. 10 shows a typical result for the 
case of room temperature glide. There is a general 
increase in pit density as a result of glide and some 
concentration of the pits along certain basal planes, 
but this pattern as well as others shows no strong 
form. When basal glide is produced at an elevated 
temperature, the inhomogeneity of glide strain is 
more pronounced, as Fig. 11 indicates. However, 
there is no distinctive structure inside or outside the 
bands. The complete randomness of the dislocation 
positions in the glide bands of crystals serves to em- 
phasize the difficulty of describing the glide process 
in any but a statistical way. Also, the stress that 
produced the bands of Fig. 11 was only about 150 g 
per sq mm, so that an operating Frank-Read source 
would be about 0.01 mm long. However, the struc- 
ture of the bands suggests that they consist of 
bundles of more or less straight dislocations ex- 
tending perpendicular to the glide direction and 
spaced on the average between 0.01 and 0.001 mm 
apart in the glide plane. Thus, it is not clear that a 
Frank-Read source has sufficient surface in which to 
operate. Perhaps some other multiplication mechan- 
ism is more important than the Frank-Read one. 

Fig. 12 shows what happens when bend gliding 
occurs. This photograph was taken at a place in a 
crystal where slight bending, in addition to simple 
shearing, occurred. Since the deformation was car- 
ried out at an elevated temperature, simultaneous 
polygonization was able to occur 

Kink Planes——-It was proposed some time ago by 
Hess and Barrett’ that a kinked crystal has a dis- 
location structure like that of Fig. 13a, top. Study 
of etch pits has born out their ideas and has shown 
qualitatively how such a structure is developed. The 
etch pit patterns suggest that, at the beginning of 
kinking, a wall of dislocations is nucleated at the 
bottom edge of the crystal where there is a dis- 
continuity of shear strain. This wall then grows, 
during the progress of kinking, by trapping indi- 
vidual dislocations at its upper end. Thus, immedi- 
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Fig. 13—Etch pits at kink planes. 
ABOVE: Schematic dislocation 
pattern at a kink plane. RIGHT: 
Etch pit pattern at kink plone. 
X1000. Reduced approximately 20 
pet for reproduction. 


ith 


ately after kinking, one can find low angle dis- 
location walls in a crystal. More than one wall 
usually forms. The walls are most intense at the 
inside angle of the kink and gradually die out as 
the outside angle is approached. Therefore, at the 
outside angle of a kink there is no strain discon- 
tinuity, but homogeneous bending occurs instead. 

Fig. 13b, right, shows some kink boundaries that 
were formed directly upon kinking at room temper- 
ature (without intermediate annealing). The field is 
in the region where the dislocation walls are dying 
out into a field of homogeneous bending 

When a kinked crystal is annealed, many addi- 
tional low angle boundaries appear because not all 
of the bending near the kink plane is accommodated 
by the original kink boundaries. Also, the original 
kink boundaries grow until they reach across the 
entire cross section. As the temperature of anneal- 
ing is increased, many of the boundaries coalesce to 
form somewhat higher angle boundaries 

It may be seen from the above discussion that the 
structure of a kink plane is not quite as simple as 
might be supposed. A kink that looks sharp on a 
macroscopic scale may actually consist of numbers 
of low angle boundaries. This means that studies of 
the motion of kink boundaries® and their effects on 
plastic deformation” must be interpreted with care. 

Nonbasal Glide—Two kinds of nonbasal glide 
have been investigated by means of the etch pit 
technique. The first of these is (1122) [1123], or 
pyramidal glide. In a previous paper this was called 
p-banding” and was interpreted as a kind of micro- 
kinking. The interpretation was based on the fact 
that the deformation mode operated only in com- 
pression parallel to the basal planes but not in ten- 
sion at the same stress. However, since that time Bell 
and Cahn” have found pyramidal glide that was 
produced by high tensile stresses parallel] to the 
basal planes of zinc. Therefore, the yu-bands were 
probably produced by pyramidal glide. This pyra- 
midal glide has the very interesting characteristic 
that the stress required to cause it to operate in one 
direction (tension) is much greater than in the op- 
posite direction (compression parallel to the basal 
planes) 

Etch pit patterns caused by pyramidal glide are 
shown in Fig. 14. The views in this figure are such 
that the plane of the paper is perpendicular to the 
basal and pyramidal planes and parallel to the 
pyramidal glide direction [1123]. Note that the pits 
lying in rows parallel to the traces of the pyramidal 
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Fig. 14—Etch pits at 
pyramidal glide 
planes. View is 
parallel to {1123} 
glide direction and 
perpendicular to 
(1122) plane 

X1000. Reduced 
approximately 20 
pct for reproduction. 


planes are oval in shape with their major axes paral- 
lel to the basal planes. Note also that the pits are 
fairly uniformly spaced, and their spacing (about 
1 «) is approximately the same in all bands. 

Again, judging from the applied stress and the 
spacing of the pits, it is difficult to see how a Frank- 
Read source could have produced the glide. 

The oval shape of the pits in the pyramidal bands 
is probably due to the chemical anisotropy of the 
crystal. An etch pit that starts at a point soon de- 
velops into an oval crater. 

The other kind of nonbasal glide that was investi- 
gated occurs on the prismatic planes (1010) in the 
close-packing direction [1210]. This glide can be 
observed if a zinc crystal is stressed parallel to the 
basal planes at elevated temperatures.” Fig. 15 shows 
the structure of a crystal that was bent about the 
c-axis so that the deformation occurred by prismatic 
glide on two sets of planes. In contrast to the case 
of bending by basal glide (Fig. 9) the subgrain 
structure does not consist of a series of straight 
boundaries, but rather an irregular network of small 
angle boundaries 

Twin Bands—A curious etching effect is found 
for twin bands. This effect was first found for poly- 
crystalline zinc, and some examples of it are shown 
in Fig. 16. The photographs lie perpendicular to 
the twinning planes (1012) and parallel to the 
twinning directions [1011]. It can be seen that the 
boundaries of the twin bands are asymmetric. One 


Fig. 16—Etch pits at twin bands 
in twinned polycrystalline zinc 
LEFT: Complex group of twins 
RIGHT: Single twin band. 
X1000. Reduced approximately 
35 pet for reproduction. 
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Fig. 15—Crystal etched on basal plane (parallel to plane of 
photograph) after it had been bent about the {0001} direc 
tion so that glide occurred on prism (1010) planes. After it 
was bent, the crystal was annealed 5 hr at 400°C. X150 
Reduced approximately 30 pct for reproduction. 


contains a series of pips,* while the other is clear 

*A pip differs from a pit in being a tiny protrusion at the sur 
face rather than a hole 
of pips. This is surprising because the boundaries of 
a twin band are the same, although inverted, if only 
simple lattice geometry is considered. If the atom 
movements that might occur during twinning are 
considered, then the boundaries might possess an 
asymmetry, but it is not clear how this could lead to 
relatively widely spaced etch pips 

Another fact that has been noted is that the twin 
boundary with the pips is always the boundary that 
does most of the moving during the twinning proc- 
ess. This suggests that the pips might be a result of 
some sort of accommodation deformation adjacent 
to the twin band. 
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Growth of Graphite in Cast lron 


The rates of growth of graphite nodules in cast irons are calculated for a model of a 
growing graphite sphere surrounded by a shell of austenite through which carbon and iron 


are diffusing. The carbon is supplied by a cementite-austenite mixture at the outer edge 
of the shell. The calculated rates from carbon diffusion agree fairly well with the measured 
values, but the rates based on iron self-diffusion are much too low. Because the iron must 


HERE has been an unfortunate tendency in the 
literature of growth and dissolution reactions 
to identify the slope of a plot of the logarithm of 
the growth or dissolution rate vs reciprocal of tem- 
perature with the activation energies determined 
by diffusion measurements in chemically similar 
ystems. If the solubility limits at the growing or 
dissolving phase interfaces change appreciably with 
temperature, such procedures may lead to serious 
errors in specifying the mechanisms controlling the 
rates of these processes. A reaction involving the 
simultaneous growth of graphite from and dissolu- 
tion of cementite in austenite will be discussed here 
to show that substantial oversimplifications have 
been made in earlier studies of this process 
From a dilatometric study of the overall y-range 
graphitization Bunin and Danil’chenko 
found an apparent activation energy of 90 kcal 
per g-atom. They concluded that, since this value 
was much nearer the approximately 68 kcal per 
g-atom observed for self-diffusion in pure iron than 
it was to 32 keal per g-atom for diffusion of carbon 
in iron, the rate-controlling process must be the 
diffusion of iron away from the growth interface to 
provide space for graphite to grow. Bunin and Salli 
bolstered this agreement with the observation that 
graphite forms preferentially at surfaces, cracks, 
and pores where free volume is present initially 
Ziegler, Meinhart, and Deacon’ had found an ap- 
parent activation energy for graphitization of 98 


process, 
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be removed for the process to continue, a plastic deformation mechanism is suggested. 


by C. E. Birchenall and H. W. Mead 


kcal per g-atom. This value, like that of Bunin and 
Danil’chenko, applies to nucleation and growth 
occurring simultaneously. It is not 
sumed that nucleation is entirely diffusion-con- 
trolled. Treatments such as prior cold-working and 
prequenching, which strongly affect the rate of 
graphitization, would be expected to have little 
effect on diffusion processes occurring at the graph- 
itization temperature. In any case 90 kcal per g- 
atom is not particularly close to the 54 kcal or lower 
to be expected for diffusion of iron which is carbon- 
saturated.’ The presence of silicon in iron is said to 
reduce the activation energy for diffusion, so its 
presence in cast irons would be expected to have a 


generally as- 


similar effect. 

The growth rates of nearly spherical graphite 
nodules have been studied by Brown and Hawkes." 
The initial rate of growth before impingement of ad- 
jacent carbon-depleted areas was found to be para- 
bolic, and rate constants were measured at several 
temperatures. Their apparent activation energy for 
the growth process only was roughly 45 kcal per mol 

Burke and Owen’ made growth-rate measure- 
ments on several alloys, recording appreciable in- 
duction periods, initial nucleation rates, and average 
radial growth rates based on an assumed linear rate 
of radial growth. They found that increased silicon 
content increases the overall reaction rate and the 
initial rate of nucleation, and decreases the induction 
period. Assuming 1) spherical nodules, 2) constant 
volume rate of nucleation, 3) austenite in equilib- 
rium with cementite at positions where the cemen- 
tite is not depleted, and 4) a constant diffusion dis- 
tance during the growth of a nodule, they calculated 
an apparent overall activation energy of 68 kcal per 
mol, which was related to an activation energy for 
nucleation of 79 kcal per mol and activation energy 
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for growth of 63 kcal per mol. They concluded that 
the rate-controlling step was diffusion of iron or sili- 
con, probably the latter 

Their second assumption neglects the induction 
period for nucleation which had been observed. The 
fourth assumption seems to be quite incompatible 
with the conclusion of diffusion control by any 
mechanism. The only growth rate curve which they 
show (their Fig. 9) can be fit much better by a para- 
bola, allowing for an induction period, than it can by 
a straight line. This behavior also is required by dif- 
fusion-controlled growth kinetics. Although the re- 
sults are reported only in processed form, an attempt 
has been made to reduce them to parabolic rate con- 
stants which are useful for the analysis given below. 
Since it was evident from Burke and Owen's Fig. 11 
that the induction period was important, parabolic 
rate constants were based only upon their Fig. 11 
(induction period) and Table VI (linear growth-rate 
constants) plus the assumption that their measure- 
ments of growth rate were made over the same 
range of particle sizes. This seems likely for the par- 
ticles are difficult to measure if they are too small, 
and their surrounding regions, depleted of cemen- 
tite, impinge if they are too large. If t, is the in- 
duction time, the growth occurs for a period t t 
after which it is assumed that the particles are about 
6/168 mm diam. (Burke and Owen's constants have 
a magnification factor of 168 in them.) Dividing the 
radius by their linear rate constant gives the time 
for the increase assumed. This is close to the best 
straight line which might be drawn for a parabolic 
curve deficient in early points. Dividing this time 
into the square of the radius gives an approximate 
parabolic rate constant, expressed here in square 
centimeters per second. These constants are listed in 
Table I. The same table gives the carbon and silicon 


Table |. Radial Growth Rate Constants in Units of Sq Cm per Sec 


Inget No 


B5/2 


8.1x10 
Ox10 

16x10 2.1x10 
55x10 
12x10 


17x10 


Wt pet 
Wt pet Si 0.68 


content of the ingots and Burke and Owen's identi- 
fication numbers, The composition of Brown and 
Hawkes’ iron H is also included, although their rate 
constants are given only in Fig. 2 


Calculation of Graphite Growth Rate 


Zener has given a general mathematical treat- 
ment of the growth of phases in an initially uni- 
form, infinitely extended, supersaturated matrix. He 
showed that a linearized approximate solution dif- 
fers little from the more exact numerically calcu- 
lated result. Similar approximate solutions for the 
crystal-growth problem are given by Humphreys- 
Owen, whose followed below with 
small modifications, the greatest being the omission 


procedure is 
of an interface resistance 
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Cerbon Concentration 


Fig. | —Carbon and 
iron concentrations 
\Graph— \Austen-, Austenite 

graphite particle ite | ite 
growing in a matrix 
of austenite and 
cementite 


Cementite 


Concentration 


lron 


2} -------- 


The present problem differs from those discussed? 
by Zener and Humphreys-Owen only in that the 
matrix is bolstered by the presence of particles of an 
unstable phase that dissolves as needed to maintain 
the matrix composition constant. Not only is there @ 
growing phase to consider, but also another bound- 
ary exists between the matrix from which the un- 
stable phase has been depleted and the bolstered 
matrix. For the present purpose of identifying the 
rate controlling diffusion process, only the linearized 
approximate treatment will be given. It is unlikely 
that errors arising from this approximation are 
greater than the uncertainties in choosing the appro- 
priate solubility values for the system. In any case, 
the indicated results seem to be quite clear 

The two major proposals concerning diffusion con- 
trol are: 1) the rate of growth of the graphite par- 
ticle is controlled by the rate of diffusion of carbon 
from the cementite particles to the graphite particles 
through the austenite shell of thickness (R R,), 
2) the rate of growth of graphite depends upon iron 
atoms getting out of the way by self-diffusion to 
provide the volume in which graphite may form 
These two assumptions are used in more explicit 
form subsequently to calculate growth rate con- 
stants for comparison with the Brown and Hawkes 
and Burke and Owen directly measured constant 

Consider a spherical graphite nodule growing in 
a matrix which is a mixture of austenite and cemen- 
tite, with the cementite particles distributed uni- 
formly. Around the growing graphite particle there 
is a spherical shell from which the cementite has 
been depleted. The inner diameter of the shell is R,, 
the outer diameter R,. At R, the austenite will have 
the carbon concentration C, in equilibrium with 
graphite at the temperature, while at R, the austen 
ite will have the carbon concentration C, in equilib- 
rium with cementite if the process is entirely diffu 
sion controlled 

It will be assumed that these concentration condi- 
tions as shown in Fig. i are established very quickly 
and that a steady-state approximation may be em- 
ployed as it is in the 
growth of scales on metals. The concentration in the 
, and the con- 


problem of the 


analogou 


nondepleted two-phase matrix is C 
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Fig. 2—Comparison of calculated and measured growth rate 
constants. The calculated values are filled symbols; the 
measured values are open symbols. Various symbols represent 
Burke and Owen irons: diamond, 33; inverted triangle, 35/1; 
upright triangle, 35/2; square, 35/3; circle, 35/4; and double 
circle, Brown and Hawkes iron H. A single line is drawn for 
35/1, 35/2, and 33 as measured 


centration in the graphite particle is C,. The rate of 
growth of the particle will be 
dR, 
(C, — C,) 4nR,’ - - [1] 
dt 
since the concentration must be raised from C, to C, 
in the shell of thickness dR and area 47R,". The 
growth rate will depend on the rate at which mate- 
rial is brought to that shell by diffusion, or 


ac 
D ( ) [2] 


or 


ac 
where D is the diffusion coefficient and ( : ) 
or 


is the concentration gradient at the interface of aus- 
tenite with graphite. By the assumed diffusion mech- 
anism, Eqs. | and 2 are equal to each other. Similarly 
the growth of the ring depleted of cementite will de- 
pend on the rate at which carbon is removed by dif- 
fusion at R,, or 


dR, dc 
(Cc C,) D ) (3) 
dt or ron 
For the pseudo-steady state the flow by diffusion 
through any shell of radius r between R, and R, is 
given by Barrer” as 


ac (Cc. C,) 
( ), 4nD [4] 


or 


and the dependence of the concentration C(r) be- 
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tween R, and R, on r is given by 


R, (R,—r) 
C(r) = C,— (C,—C,) R) [5] 


Neglecting volume changes accompanying the reac- 
tion, the amount of any material inside the sphere of 
radius R, at any time (right half of Eq. 6) must be 
the same as that initially present (left half), since 
no concentration changes have occurred beyond R,,. 
Thus 

Cc. aR," 4 anf, rC(r)dr- [6] 


Inserting Eq. 5 in Eq. 6 and integrating yields 
(C,—C,) = (C.—C,) 4 


l 
-C,) R.R,(R,+R)- [7] 


For the concentration involved here, neglecting the 
last term leads to errors of about 3 pct. Then 


R, 
—- (8] 
R, (C, — C,) 


Combining Eqs. 1, 2, 4, and 8 and integrating yields 


(Cc, ay 


and similarly for Eqs. 3, 4, and 8 


R, 


2(C,—C,) D 


C.—C, 
Vo 


if R, and R, are 0 at 0 time. The parabolic growth 
rate constants (in brackets) are made up entirely of 
numerical constants and parameters of the system 
which have fixed values at a given temperature. For 
iron diffusion the rate constants are simplified by the 
fact that C, is 0, that is, that iron does not dissolve 
in graphite to an appreciable extent 

In order to calculate rate constants from these 
equations it is necessary to select appropriate values 
for C.. and for Brown and Hawkes iron H 


R, 


which had a composition as follows (in weight per- 
centages): C, 2.35; Si, 0.97: Mn, 0.05: S, 0.090: P, 
0.008; and the balance Fe. It is assumed that cemen- 
tite is Fe,C in composition. The silicon, sulfur, and 
phosphorus are assumed to remain in the austenite, 
and the manganese to distribute between austenite 
and cementite. The graphite is taken to be pure car- 
bon, thus determining C,. The average chemical 
composition determines C_. Austenite compositions 
C, are taken from the solubility limits in refs. 10 
and 20. The calculation is not very sensitive to the 
absolute value of C, or C, but is rather strongly de- 
pendent on the difference, C, c. 

For a pure Fe-C alloy, the activities of iron and 
carbon in equilibrium with cementite, as determined 
by Darken and Gurry,” permit calculation of an 
equilibrium constant, K, for the reaction 


3Fe+C [11] 


Fe,C 
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Table II. Comparison of Calculated and Measured Graphite Growth Rate Constants 


Rate Constants 


Controlling 


Compenent Calculated Measured 


7.368 7.325 7.229 2.4x10 37x10“ 8.2x10-' 
0.0952 0.1007 0.1732 7.3x10 5.6x10 j 
0 0894 0.0958 0.2630 66x10 23 70x10" 1 1x10 
0.0993 0.1028 0.2493 78x10 
0.0851 0.0939 0.2497 6.3% 10 90x10” 3.3x10 
7.516 7.502 7.353 14x10 16x10“ 
0.0746 0.0799 0.1754 18x10 14x10 
0.0640 0.0708 0.2650 15x10 17x10 
0.0753 0.0799 0.2520 18x10 1 3x10 
0 0602 0.0678 0.2510 13x10 1 6x10 3.4x10- 
a50°C 
0.0619 0.0687 0.1759 8.0x10-° 80x10 68x10 


Note: Cy», the carbon concentration at which the diffusion coefficients are evaluated, is in wt pet. All other C's are in g per cucm. The 


rate constants and the diffusion coefficients are in sq cm per sec 


where, if the activity of cementite is taken as unity, constants in Table II for carbon diffusion control dif- 
fer from the experimental values by about this fac- 
K = 4.0°y,. [12] tor must be considered good agreement. The effect of 

change in silicon content is predicted correctly, 
Since the rate constant based on iron diffusion ts 
so much lower than the experimental value, it Is 
evident that the reaction does not wait for space for 
graphite growth to be provided in this way. The only 
alternative seems to be some type of plastic defor- 


Eq. 12 may be used to estimate the carbon solubil- 
ity in equilibrium with cementite in a silicon steel if 
silicon does not dissolve in cementite enough to 
change its activity appreciably. Owen and Street” 
were unable to detect any difference in lattice para- 
meters of cementite in a silicon steel and a plain 
carbon steel, but Hultgren” found that ortho-cemen- mation mechanism. Such a mechanism must also 
tite isolated from a 2.80 pct Si, 0.54 pet C steel con- contribute the expansion within the reaction spheres 
tained about 0.42 pet Si. He felt that this value due to the overall volume change accompanying the 
might be too high due to experimental conditions. In reaction. : 
a recent report on research in progress, Scott and Hillert” suggests that the hydrostatic pressure set 
Farnham” were unable to detect silicon in the car- up by the volume change may tend to slow down the 
bide phase. It is assumed that effects of silicon on the transport of carbon and increase that of iron by 
cementite activity may be neglected. affecting the themodynamic activities in the neigh- 

Since iron H is a complex mixture, but still fairly borhood of the graphite-austenite interface. A basic- 
dilute, it is assumed that a Raoult’s law approxima- ally similar, but slightly modified, argument is given 
tion may be employed to calculate the iron activity. here. If a’, is the carbon activity in austenite under 
Then carbon activity may be determined from Eq. no pressure and a, is the activity under pressure the 
12. At 1000°C this yields the solubility by a short ex- change in chemical potential, », is given by 
trapolation of Smith's activity-concentration curve. 
The matrix is about 81 pct austenite containing 1.38 Au RT In . [13] 
pet C, 1.2 pet Si, and a total of 0.17 pet of S, P, and a 
Mn. At 900° and 800°C, where activity-concentra- The Gibbs free energy, F, may be defined by the 
tion data are not available for silicon steels, it is equation : 
assumed that the ratio of the concentration of car- dF SdT + VdP + \ yp, dn, [14] 
bon in equilibrium with cementite to that in equilib- ~_, 
rium with graphite is equal to the ratio of the re- 
spective carbon activities. Similar calculations have 
been made for Burke and Owen irons—33, 35/1, 
35/4—taking into account only the iron, carbon, and 
silicon content. They are summarized in Table II. 

The carbon diffusion coefficients are from Wells, 
Batz, and Mehl” and Smith.” The iron diffusivities 
are from Mead and Birchenall.’ dF — VdP + yw. dn [15] 


where S is the entropy; T is the absolute tempera- 
ture; V is the volume; P, the pressure; and n, the 
number of moles of component i in the system. If the 
system is isothermal and all n’s are constant except 
n, for the carbon solubility changing at the graphite- 
austenite interface, Eq. 14 reduces to 


Discussion Since F is an exact differential 
The major sources of error in this calculation lie ane ; 

in the inaccuracy with which the difference C, — C, av ae. [16] 
can be calculated and in the fact that a fairly large am aP 
increase in volume accompanies the graphitization Hillert sets 
reaction. Eqs. 9 and 10 are not very sensitive to av M 
errors of the size likely to be found in the absolute 
values of the concentrations or in the diffusion co- 
efficient. The overall accuracy is not likely to give where M is the molecular weight, and p is the den- 
results which are significant to better than a factor sity of carbon. M/p is about 5.3 cu em per mol for 
of about five to ten. The fact that the calculated rate graphite, but the true value will be somewhat 


[17] 


an p 
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4) 
Irons 
H Fe 0 
H 2.20 
33 © 2.20 
35/1 Cc 2.20 
35,4 ¢ 2.20 
H Fe 0 
H Cc 2.21 
2.21 
35/1 221 
35/4 221 
H Cc 2.21 
— 


ince carbon dissolved in austenite increases 
its volume. A rough integration of Eq. 17 gives 


maller, 


M 
ap 18] 
p 
ul 
a M 4P 
In [19] 
a p RI 


Thus an increase in pressure would increase the 
carbon activity in equilibrium with graphite and 
tend to oppose the driving force of the graphitization 
reaction. The effect would probably be limited be- 
cause inclusions, even irregularities in the graphite 
nodules themselves, would prevent the stress field 
from being purely hydrostatic. The limiting stress 
would probably lie between the creep strength and 
the yield strength of the Fe-C alloy. To reduce the 
carbon activity difference across the diffusion zone 
by a factor of ten, hydrostatic pressures of the order 
of 15,000 psi would be required. This value is some- 
what greater than the system should support in the 
presence of irregular interfaces. The resultant plas- 
tic deformation may increase the iron diffusion rate 
greatly if Buffington and Cohen's” results may be 
extrapolated to these conditions 

Both Brown and Hawkes* and Burke and Owen 
found some remote carbides dissolving before some 
near ones. The latter” also observed a carbon con- 
centration gradient in the region around the graph- 
ite nodule which would not be expected if this 
process were relatively fast compared with some 
other controlling the rate. The cementites are ap- 
parently of both primary and secondary origin, those 
of the latter being much finer. Not only would thei 
solubility be enhanced slightly, though perhaps neg- 
ligibly, but if their dissolution was partly interface- 
controlled the decrease in volume of the small par- 
ticles by a given amount, or even by an amount 
proportional to the surface area, would be relatively 
more easily observed microscopically than a similar 
change in the large particles. Thus the effect may be 
partly apparent and partly real 


Summary 
It is possible to calculate rate constants for the y- 
range graphitization based on the diffusion of carbon 
through an austenite shell around the graphite par- 
ticle which agree reasonably weil with the measured 
rates. The temperature dependence of the calcu- 
lated and measured constants is about the same. 
Control of the process by normal self-diffusion of 
iron appears to be excluded by the calculations 
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Hardenability Factors for Hypereutectoid 
Low-Alloy Steels 


Hardenability (multiplying) factors for carbon, manganese, silicon, chromium, nickel, and molyb- 


denum have been developed for hypereutectoid low-alloy steels in which bainite is the first subcritical 
transformation product. These factors permit the calculation of 95, 80, and 50 pct martensite hard- 
enability from chemical composition when steels with spheroidized structures are quenched from 1475°, 
1525°, and 1575°F. The strong contributions to hardenability of the less expensive elements, silicon 
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and manganese, suggest their use to obtain additional hardenability in hypereutectoid low-alloy steels. 


by E. J. Whittenberger, R. R. Burt, and D. J. Carney 


URING the past decade a number of investiga- 
tors’* have carefully developed information 
which permits calculation of the hardenability of 
medium-carbon low-alloy steels from chemical com- 
position and grain size. These data have been es- 
pecially valuable in developing less costly low-alloy 


steel compositions with equivalent or improved 
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HEAT 6, 1.25 %C 


HEAT I7, .49 % Si 


HEAT 21, 0S % Ni 


HEAT 30, 1.12 % Cr 


HEAT 35, .21 % Me 


Fig. 1—Typical spheroidize-annealed structures. One example is shown from each series of laboratory heats. Picral etch. X500. Re- 


duced approximately 30 pct for reproduction. 


properties as compared to earlier steels. No such 
wealth of hardenability data is available for high- 
carbon low-alloy steels. The use of the medium- 
carbon hardenability factors has been found to be 
inadequate for these steels. 

Austin et al.,, Digges and Jordan, and recently 
Jatezak and Devine’ have studied the hardenability 
of hypereutectoid steels. The first two investigations, 
however, involved the use of austenitizing tempera- 
tures so high that essentially complete solution of 
the carbides occurred—a treatment not used com- 
mercially for wear-resistant high-carbon low-alloy 
steels where undissolved alloy carbides are desir- 
able. To develop hardenability criteria for the car- 
burized case on low-carbon alloy steels, Jatezak and 
Devine developed hardenability factors for manga- 
nese, silicon, chromium, nickel, and molybdenum in 
nominally 1.00 pet C steels which had been normal- 
ized prior to austenitizing for 35 to 40 min at 
1475", 1525, or 1575 F. Their base composition had 
a very low alloy content and, except for some steels 
of higher alloy content, the first austenite decompo- 
sition product was pearlite. In steels containing more 
than 1.00 pet Ni their data indicated an interaction 
between manganese and nickel and an increased 
effect for molybdenum when present in amounts ex- 
ceeding approximately 0.20 pet 

Jatcezak and Devine’ also attempted to determine 
hardenability factors for certain of their steels 
which were spheroidize-annealed prior to end- 
quenching but the data suggested strong interactions 
among the several elements. They developed an em- 
pirical correlation between ideal critical diameters 
for the normalized and for the spheroidized prior 
structures and suggested the use of this curve for 
converting hardenability values for normalized prior 
structures to values for spheroidized prior structures 

Because many commercial high-carbon alloy steels 
contain combinations of alloying elements which 
produce bainite as the first subcritical transforma- 
tion product in normal hardening operations and be- 
cause such steels are generally spheroidized for ease 
of machining prior to the hardening operation, the 
present program to develop bainitic multiplying fac- 
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tors for the common alloying elements in spheroid- 
ized hypereutectoid alloy steels was initiated in 1953 
at the South Works of the United States Steel Corp. 


Experimental Procedure 


To obtain information of greatest commercial 


value the experimentation was confined to the de- 


Table |. Chemical Composition of the Laboratory 
Induction Furnace Heats 


Chemical Composition——Wt Pet 


r si Ni Cr 


Carbon Series 
0008 0037 O31 O02 1 0.007 
00290 045 O02 
O08 0044 
0.02 q 020 
Manganese Series 
020 021 003 
006 02% 002 1} 
2s 026 008 7 
006 020 O04 005 
003 $ 0.04 008 
oo7 17 0.42 0.04 5! 
Silleon Series 
005 004 0.07 O01 000 
006 O12 0448 
00% 004 016 
006 026 O30 6.05 Ono 
005 004 049 O12 
006 106 002 110 
Nickel Series 
008 602 O17 
O07 O31 O56 047 
O11 1.05 7 
007 17 O27 156 7 O25 
O10 030 1.78 
jum Series 
007 4 O22 O04 024 
004 O41 002 
O06 004% 
009 029 0.04 
005 O41 0602 
O45 0.02 
02% 
026 O04 
Molybdenum Series 
0004 O01 ! 
O04 O76 O02 
0005 O34 O04 
0006 O31 O04 Of 
006 0006 0625 009 6760 6077 


termined or m samples quenched from 1525°F 


AUGUST 1956, JOURNAL OF METALS—1009 


‘ 
Ate 
> 
HEAT 10, .72 % Mu 
ASTM 
Heat ‘See. 
se 
Mn Moe Al No* 
076 OS8 
2 086 069 
O92 O64 
4 1.08 062 
125 059 
102 006 
7 098 O11 8-0 
102 027 
099 O48 
10 095 0.72 +r 
1! 098 O94 
12 103 1.2% 
22 
14 097 OAT 7 
i4 101 O75 
15 105 049 
16 101 0.52 ? 4 
17 101 O47 He 
18 103 047 
147 4-09 
104 0650 § 
20 106 046 7 
21 099 O50 
22 100 045 
23 10% 7 
6-7 
24 096 079 
25 095 O78 
26 105 075 ry 
27 099 O75 
24 099 O76 3 
29 100 079 
095 O82 
$2 
104 O48 
“4 100 
$5 105 050 
099 0.50 
$8 102 045 
145 4-9 
— 


| 
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velopment of multiplying factors for 50, 80, and 95 
pet martensite structures for the elements carbon, 
manganese, silicon, chromium, nickel, and molyb- 
denum in steels spheroidize-annealed before austen- 
itizing 30 min at 1475”, 1525", and 1575°F. The base 
composition of the experimental heats used in this 
work was adjusted so that bainite was the first aus- 
tenite decomposition product in the end-quenching 
operation 

Several factors were involved in determining the 
base compositions for the 1.00 pct C alloy steels. 

1) A minimum end-quench bar distance of 0.5 
in. to the half-hardness or 50 pct martensite level 
was desired to provide more accurate metallographic 
measurements of the 95, 80, and 50 pct martensite 
positions 

2) The base compositions of the steels were kept 
as nearly constant as possible. Manganese and 
chromium were the only elements varied to main- 
tain a relatively constant base hardenability. 

3) Molybdenum (0.15 pet) was included in the 
base composition of each series for two purposes: 
to retard the formation of pearlite during quench- 
ing to assure bainite as the first austenite decompo- 
sition product,” and to assure the presence in all of 
the steels of at least one carbide-forming element. 

4) Nickel was excluded from all except the 
nickel series because it is not a carbide former and 
retards. the pearlite and bainite transformations 
about equally.” 

Thirty-eight 26-lb induction-furnace heats were 
melted for the experimental program. In five of 
these series the percentage of one alloying element, 
manganese, silicon, chromium, nickel, or molyb- 
denum, was varied in a 1.00 pet C alloy steel base. 
Carbon was varied in the sixth series. Chemical 
compositions of all the heats are given in Table I. 
The analyses shown were made on drillings from the 
as-cast ingots and check analyses were made on end- 
quench bars from an average of two heats from each 
series. The check analyses agreed exceptionally well 
with the ingot analyses 

All of the heats were deoxidized in the furnace 
with aluminum in the proportion of 2 lb per ton and 
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OISTANCE IN SIXTEENTHS OF AN INCH 


Fig. 2—Typical end-.quench hardenability curves for shallow, 
medium, and deep hardening steels trom the manganese 
series of laboratory heats 
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Table I!. Spheroidize-Annealing Treatment of End-Quench Blanks 
From Laboratory Induction-Furnace Heats 


Spheroidize- 
Meat Pet Annealing 
Alley Cycle Spheroidize-Annealing Cycles 
A-—1) Heated to 1450°F 
1 0.76 C Cc 2) Transferred to furnace at 
2 0.86 Cc 1340°F heid for 2 hr 
3 o92c Cc 3) Cooled 10°F per hr to 
4 1.08 c 1300°F 
5 125C c 4) Air cooled 
B—1) Heated to 1250°F, held for 
6 006Mn A 2 hr 
7 0.11 Mn A 2) Heated to 1425°F, held for 
&@ O27Mn A 2 hr 
9 0486 Mn A 4) Transferred to furnace at 
10 0.72 Mn A 1325°F, held for 2 hr 
11 0.04 Mn A 4) Cooled 10°F per hr to 
12 1.22 Mn A 1250°F 


5) Air cooled 


13 0.07 Si A C—1) Heated to 1250°F, held for 
4 0.12 Si A 3 hr 
15 0.16 8i A 2) Heated to 1400°F, heid for 
16 0.30 Si A 1 hr 
17 0.49 Si A 3) Transferred to furnace at 
18 1.06 Si D 1250°F, held for 2 hr 

4) Cooled 10°F per hr to 

1180°F 

21 1.05 Ni D ) nated te 50°F. held f& 
22 1.56 Ni D 1250°F, held for 
23 1.78 Ni dD 2) Heated to 1400°F, held for 
24 0.03 Cr B 1 her 
25 0.04 Cr B 3) Transferred to furnace at 
26 0.25 Cr B 1250°F, held for 2 hr 
27 0.52 Cr B 4) Cooled to 1230°F, he'd for 
28 0.55 Cr B 5 hr 
29 0.85 Cr B 5) Cooled to 1200°F, heid for 
30 1.12 Cr B 3 her 
31 151 Cr B 6) Cooled to 1180°F, heid for 
32 2.04 Cr B 2 hr 
33 O0O1Moe D 7) Air cooled 
34 011 Mo D 
35 0.21 Mo D 
36 0.39 Mo D * All blanks were normalized at 
37 0.51 Mo D 1600°F for 2 hr before spheroid 
38 Mo D izing 


were cast into round, big-end-up, hot-topped graph- 
ite molds. The ingots were forged from 2100°F into 
1% in. diam rounds and slow-cooled in sand. 

Seven 5-in. long blanks were cut from each 
forged round and were normalized at 1600°F for 2 
hr prior to spheroidize-annealing as shown in Table 
II. Four different spheroidize-annealing treatments 
were required to produce similar spheroidized struc- 
tures in all of the laboratory heats, Fig. 1. Standard 
end-quench test bars, 4 in. long by | in. diam, were 
machined from the blanks. 

Three end-quench bars from each heat were aus- 
tenitized at 1525°F and two bars at 1475°F and 
1575°F. All of the bars were held for 30 min at tem- 
perature prior to end-quenching. Two opposite sides 
of each bar were ground to a depth of 0.015 in., 
using six progressively lighter passes to prevent 
tempering. The absence of tempering during grind- 
ing was verified by macroetching and by micro- 
examination. Rockwell C scale hardness readings 
were taken at 1/16-in. intervals along both sides of 
each «bar. End-quench hardenability curves typical 
of shallow, medium and deep hardening composi- 
tions used in this work are shown in Fig. 2. 

A section 2 in. long was cut from the quenched 
end of each bar, polished on one of the two pre- 
viously ground sides, and etched in picral or 2 pct 
nital for microscopic examination. Each bar was 
rated at a magnification of 500 diam for the distance 
to the 95, 80, and 50 pct martensite positions, Fig. 3, 
by three independent observers. The average of the 
three measurements of the distance to each marten- 
site level was used in subsequent work. 

Grain size was determined on samples quenched 
from 1525°F by fracture tests which were compared 
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50 PERCENT MARTENSITE 


Fig. 3—Micrographs depicting the 95, 80, and 50 pct marten 
site positions on an end-quench bar from heat 34. Picral 
etch. X500. Reduced approximately 30 pct for reproduction 


with Shepherd standards, Table I, and by the oxida- 
tion grain-size method. Essentially no differences 
were found between the two ratings 

In addition to the studies conducted using end- 
quench bars, isothermal transformation studies were 
conducted on heats 13 and 17 of the silicon series 
One-eighth in. thick slices were cut from spher- 
oidized rounds, austenitized 30 min at 1525°F, 
isothermally heat treated in a lead bath, and 
quenched in water. The samples were then sec- 
tioned and polished for microscopic examination 

Development of the Multiplying Factors—The 
hardness corresponding to the 95, 80, and 50 pct 
martensite positions on the end-quench bars for all 
of the experimental steels at each of the austenitiz- 
ing temperatures is shown in Fig. 4. Frequency dis- 
tribution plots were used because the differing 
amounts of carbide-forming elements in the various 
steels and perhaps some minor variations in the de- 
gree of spheroidization from heat to heat prevented 
a high degree of correlation. The effect of greater 
solution of the alloy carbides at the higher austen- 
temperature, 1525°F, is reflected in the 


itizing 
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higher hardnesses of the quenched structures. Slight 
decreases in hardness of the 95 and 80 pct martensite 
positions were observed for the 1575°F quench. 

The average of hardness values for the different 
percentages of martensite and austenitizing tem- 
peratures together with the D,-J, curve developed by 
Carney’ (yielding calculated values agreeing more 
closely with observed values than were obtained by 
using the former correlation curves) were used in de- 
termining the observed (actual) D,'’s of commercial 
steels (from end-quench data) for comparison with 
calculated D,’s. This D,-J, curve was also used to 
determine the ideal diameters of the experimental 
steels at the three martensite levels and three aus- 
tenitizing temperatures 

To develop the multiplying factors for the several 
elements investigated, the observed (actual) D,’s for 
the experimental steels in each series, Table I, were 
plotted as a function of the element varied for each 
martensite level and austenitizing temperature. 
These curves were extrapolated to 0 pet alloying 
element and the first approximations of the mul- 
tiplying factors were obtained by dividing the ob- 
served D,’s by the D,’s for 0 pct alloying element 
(1.00 pet C for the carbon series.) These factors 
were then used to correct the observed D,’s for each 
steel for minor deviations from the base composition. 
The corrected D,’s were then plotted as a function of 
the element varied in each series and the quotients 
of corrected D,’s for each steel and the corrected D, 
for 0 pet alloying element (1.00 pet C for the car- 
bon series) in each series were then used in pre- 
paring the corrected or final multiplying factors, 


z 
| 95 %M 
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a 50%™M 
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ROCKWELL C HARDNESS 


Fig. 4—Frequency distribution curves showing the range of 
hardness values corresponding to 95, 80, and 50 pct mar 
tensite as determined microscopically for the laboratory heats 
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Fig. 5—The 95 pct martensite multiplying factors for carbon, 
molybdenum, chromium, silicon, manganese, and nickel in 
spheroidized hypereutectoid steels austenitized for 30 min at 
1475*, 1525°, or 1575°F 


128 
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Fig. 6—The 80 pct martensite multiplying factors for carbon, 
molybdenum, chromium, silicon, manganese, and nickel in 
spheroidized hypereutectoid steels austenitized for 30 min at 
1475*, 1525°, or 1575°F 
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Fig. 7—The 50 pct martensite multiplying factors for carbon, 
molybdenum, chromium, silicon, manganese, and nickel in 
spheroidized hypereutectoid steels austenitized for 30 min at 
1475°, 1525°, of 1575°F. 


The base factor (D,) for each set of experimental 
conditions was determined by dividing the ob- 
served (actual) D, for each heat and set of con- 
ditions by the product of the appropriate multiply- 
ing factors for the six elements investigated. This 
base factor then constituted the hardenability of the 
Fe-1.00 pet C alloy plus the contributions of grain 
size, phosphorus, sulfur, acid-soluble aluminum, and 
any trace elements that may have been present. 
Averaging the base factors for each combination of 
martensite level and austenitizing temperature pro- 
vided the base factor to be used with each set of 
multiplying factors (Figs. 5, 6, and 7). 


Discussion of Results 

The reversal of curvature and secondary hump in 
the end-quench hardenability curves, Fig. 2, was 
found to be a result of the change in proportions of 
the various intermediate temperature transforma- 
tion products, as has been previously pointed out by 
Davenport and Rickett." For example, metallo- 
graphic examination of an end-quench bar from 
heat 9 showed the initial decrease in hardness to be 
associated with increasing amounts of first, fine 
bainite, and then, coarse bainite. At the minimum 
point of the curve, approximately 15/16 in. from the 
quenched end, the structure was essentially coarse 
bainite. Beyond this point, the presence of increas- 
ing amounts of fine pearlite explains the increase in 
hardness while an increase in the pearlite spacing 
appeared to be responsible for the softening which 
curred beyond the secondary hump at approxi- 
mately 23/16 in. Either a secondary hump or a near- 
ly isohardness shelf was found to be associated with 
pearlite formation in all of the steels investigated. 
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Table III. Correlation Between Observed and Calculated Ideal Diameter (D,) for Laboratory Heats 


Ob- 


Pet served 


Alley D, 


076C 
0.86 C 
1.08 
1.25 
0.06 
0.27 


0.51 
0.70 Mo 


End-quench bars fror 


nealed, and then austenitized 


Ob 


served 


70 Mo 


End-quench bars fror 
nealed, and then auste 


05 Pet 
Martensite 


Calea- 


lated 


2.22 


n all 


heats were 


min 


95 Pet 
Martensite 


Caleu- 


all heats were 
nitized 


lated 


dD, 


0) min 


served 


served 


Pet 


Pet 


Martensite Martensite 


Ob- Caleu- Ob- Caleu- 


Dy Dy 


at 1475°F 


40 Pet 


lated served lated 


D; Dr 


es 


normalized, spheroidize-an 


before quenching 


50 Pet 


Martensite Martensite 


Ob- Calea- Ob Calea- 


Dy Dy 


at 1525°F 


lated served lated 


D; 


3233 


~ 


ee 


a2 


normalized, spheroidize-an- 


before quenching 
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Pet 80 Pet Pet 
Martensite Martensite Martensite 


Ob- Caleu- Ob- Calea- Ob- Calea- 
Pet served lated served § lated served lated 
Alley Dy D; Dy Dy Dy 


Seno 


End-quench bars from all heats were normalized, spheroidize-an 
nealed, and then austenitized 30 min at 1575°F before quenching 


Before comparing the relative contributions of the 
different alloying elements to hardenability, some 
recognition should be given to potential sources of 
error in the development of the multiplying factors. 
In addition to potential error inherent in the end- 
quenching operation itself, the following possible 
sources of error were considered worthy of mention. 

Grain Size—Reference to Table I reveals that 
while most of the experimental steels possessed 
grain sizes in the range from ASTM No. 7 to 9 when 
previously spheroidized structures were quenched 
from 1525°F, several of the heats in the nickel and 
chromium series possessed somewhat coarser grain 
sizes. This difference in grain size was found even 
though all of the steels were normalized from 
1600°F prior to the spheroidizing anneal. A few 
checks of grain size in specimens quenched from 
1575°F indicated that no significant grain growth 
had occurred during the higher austenitizing treat- 
ment, and the grain sizes listed in Table I may there- 
fore be considered to be representative of the grain 
sizes for all three austenitizing treatments. This dif- 
ference in grain size was noted at the outset of the 
work but previous indications that the bainite re- 
action is relatively insensitive to grain size” did not 
appear to justify exploring the effect of grain size in 
the experimental program 

Other Elements—-The experimental heats were 
melted with either electrolytic iron or low-metalloid 
steel as the base material. Higher sulfur analyses, 
approximately 0.030 pet, can be observed in those 
heats in which low-metalloid steel was used; very 
low sulfur analyses, approximately 0.004 pct, were 
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Heat Heat 
209 231 243 261 0.76C 3.27 1.65 4.13 429 
1.96 2.03 2.16 2.22 241 2 0.86 C 3.57 
1.75 1.80 1.92 194 10 4 1.08 C 2.56 
1.55 1.63 1.69 1.78 87 5 1.25 ¢ 2.17 
1.28 1.21 1.38 1.30 55 6 0.06 Mn 192 
’ 1.32 1.32 1.45 1.43 oy 7 0.11 Mn 222 
n 1.57 149 1.72 1.61 90 8 0.27 Mn 2.38 
0.48 Mn 1.72 1.63 1.92 1.78 12 9 0.48 Mn 2.67 
1 0.72 Mn 2.29 2.20 2.51 2.47 90 10 0.72 Mn 391 
1 0.94 Mn 261 2.50 2.98 2.85 48 i 0.94 Mn 452 
1 1.22 Mn 4.29 1.16 3.70 3.60 29 12 1.22 Mn 5.97 
1 0.07 Si 1.15 1.13 1.22 1.18 30 i) 0.07 Si 150 
1 0.12 Si 1.47 1.44 1.59 1.56 72 i4 0.12 St 2.04 
1: 0.16 Si 1.38 1.35 1.49 1.47 63 15 0.16 Si 1.92 
16 0.30 Si 1.63 1.62 1.80 1.77 97 16 0.30 Si 2.44 
17 0.49 Si 1.75 1.74 1.94 1.93 20 17 0.49 Si 262 
18 1.06 Si 2.00 2.03 2.28 2.31 87 18 1.06 Si 3.19 
19 0.02 Ni 1.62 1.56 1.75 1.71 wt 19 0.02 Ni 2.16 
20 0.56 Ni 1.66 161 1.77 1.81 05 20 0.56 Ni 2.52 
21 1.05 Ni 2.20 2.09 249 2.39 95 21 1.05 Ni 3.95 
22 1.56 Ni 2.73 246 292 2.75 26 22 1.56 Ni 459 
23 1.78 Ni $11 4.01 1.33 3.33 77 25 1.78 Ni 5.45 
24 0.03 Cr 1.34 1.27 1.45 141 55 24 0.03 C1 1.89 
25 0.04 Cr 1.36 1.34 1.52 1.51 66 25 0.04 Cr 2.04 
26 0.25 Cr 1.53 1.53 1.69 1.72 88 26 0.25 Cr 2.15 
27 0.52 Cr 1.34 1.34 1.45 151 59 27 0.52 Cr 1.83 
28 0.55 Cr 1.72 1.70 1.88 1.89 10 24 0.55 Cr 2.52 
29 0.85 Cr 1.88 1.90 2.05 2.15 31 “y 0.85 Cr 2.86 
0 1.12 Cr 2.34 2.19 2.67 2.51 01 40 1.12 Cr 3.74 
1.51 Cr 1.99 2.09 2.20 2.40 41 151 Cr $62 
42 2.04 Cr 2.35 2.23 2.67 264 95 s2 2.04 Cr 425 
43 0.01 Mo 1.28 1.29 140 1.43 57 aad 0.01 Mo 1.76 
34 0.11 Mo 1.55 1.50 1.469 1.66 82 4 0.1' Mo 2.22 
5 0.21 Mo 1.75 1.76 1.97 1.93 18 $5 0.21 Mo 2.55 
36 0.39 Mo 1.87 1.96 2.10 2.19 38 16 0.39 
37 2.07 2.13 229 2.32 58 ‘7 0.51 Mo 3.27 
38 iz 2.00 1.86 220 2.02 37 38 0.70 Mo 4.15 
No Alley Dy Dy 
0.76C 2.70 2.76 3.28 3.72 
3 0.92 « 2.34 2.37 2.79 281 3.12 
4 1.08 ¢ 1.77 1.80 201 2.05 2.22 
5 1.25 ¢ 1.59 1.58 1.72 1.79 194 
6 0.06 Mn 1.38 1.39 1.53 154 1.70 
7 0.11 Mn 1.45 1.58 1.64 1.78 1.87 
4 0.27 Mn 1.70 1.72 1.92 190 2.17 
9 0.48 Mn 1.74 1.88 2.06 2.15 2.34 
10 0.72 Mn 2.42 2.62 2.84 4.10 3.40 
11 0.94 Mn 2.59 2.00 3.28 $.53 3.91 
12 1.22 Mn +39 +06 4.06 4.15 469 
- 13 0.07 Si 1.09 1.14 1.21 1.30 1.39 
14 0.12 Si 1.63 1.43 181 1.67 2.04 
15 0.16 Si 1.47 1.39 164 1.57 1.83 
16 0.30 Si 1.83 1.72 2.08 1.98 2.34 
17 0.49 Si 1.85 1.85 2.15 2.10 2.34 
18 1.06 Si 2.21 2.17 261 249 3.07 : 
i9 0.02 Ni 1.53 1.58 1.75 1.76 2.03 
20 056 Ni 1.74 1.75 2.0% 200 2.25 
21 1.05 Ni 2.45 2.54 2.95 2.97 3.47 
22 1.56 Ni 2.67 2.79 3.27 3.37 192 
23 1.78 Ni 3.98 460 
24 0.03 Cr 150 140 1.68 164 1.45 
25 004 Cr 1.47 148 164 1.76 1.88 
26 0.25 Cr 1.63 1.50 1.83 1.76 2.04 
27 0.52 Cr 1.41 1.36 1.57 1.59 1.74 
28 0.55 Cr 1.75 1.76 1.97 2.08 2.21 
29 085 Cr 2.10 1.98 2.44 2.33 2.71 
40 1.12 Cr 2.78 2.45 4.23 204 1.74 
1 1.51 Cr 2.43 2.43 2.61 2 90 3.22 
2.04 Cr 3.02 2.78 4.47 3.34 401 
3 0.01 Mo 1.37 1.33 1.53 1.49 1.70 
14 6.11 Mo 1.77 161 1.97 1 86 2.17 
iS 0.21 Mo 1.83 1.81 2.13 2.04 2.42 
ws 0.39 Mo 2.26 2.20 2.62 2.53 296 
2.34 2.24 2.41 2.62 3.25 
é 
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Fig. 8—The 80 pct martensite 
multiplying factors for the vari- 
ous alloying elements in spher- 
oidized hypereutectoid steels 
austenitized 30 min at 1525°F. 
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Fig. 9—The 5 and 50 pct isothermal transformation curves 
for the laboratory heats containing 0.07 and 0.49 pet Si. 
Note the delayed bainite transformation for the higher- 
silicon steel 
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Fig. 10—Typical correlation between calculated and observed 
ideal diameters for the laboratory heats. The examples are 
for a 1525°F quench and the 80 pct martensite level 
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obtained when electrolytic iron was used in the 
melting operation. Electrolytic manganese, 75 pct 
ferrosilicon, electrolytic nickel, 70 pct ferrochro- 
mium, and 65 pet ferromolybdenum were used for 
the alloying additions. None of these addition agents 
are considered to have contributed significantly to 
the phosphorus, sulfur, or trace-element content of 
the heats. A spot check for copper in several of the 
heats revealed a copper content of only 0.02 pct 
maximum. Variations in the phosphorus, sulfur, and 
acid-soluble aluminum contents listed in Table I 
are not considered to have exerted significant in- 
fluences upon the hardenability factors. 

Metallographic Ratings—Since the metallographic 
ratings of the 95, 80, and 50 pct martensite positions 
were based on the averages of the independent ob- 
servations of three individuals, they are subject to 
some error. The numerical deviations of individual 
ratings from the averages were found to increase as 
the rate of change of martensite percentage de- 
creased, i.e., as the hardenability increased (Fig. 2). 
This indicates that, with the possible exception of 
carbon, the accuracy of the multiplying factors de- 
creases for larger percentages of each element pres- 
ent in the steel and suggests the use of some dis- 
cretion in the application of these factors on steels 
possessing D,’s in excess of 5.0 in. 

Base Factors—Some inconsistencies in the rela- 
tionships between austenitizing temperatures and 
base factors can be noted on Figs. 5, 6, and 7. Be- 
cause only partial solution of the alloy carbides oc- 
curred at the lower austenitizing temperature, the 
largest base factor for each martensite level was ob- 
tained for the 1475°F quench. Lower base factors 
were obtained for the 1525°F quench because of 
greater solution of the alloy carbides, as anticipated, 
but the larger base factors obtained for the 1575°F 
quench were unexpected. 

Effect of Austenitizing Temperature—Examination 
of the multiplying factor curves presented in Figs. 
5, 6, and 7 readily demonstrates the increased con- 
tribution of the several elements at the higher aus- 
tenitizing temperatures. As expected, the greatest 
increases in hardenability were achieved when the 
austenitizing temperature was increased from 
1475° to 1525°F, with lesser increases being realized 
at 1575°F. This observation can be readily explained 
for carbon and the carbide-forming elements 
molybdenum and chromium by the increased solu- 
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Table 1V. Comparison of Observed and Calculated Ideal Diameters for Commercial High-Carbon Alloy Steels 


Heat 
Identity ‘ Mn si Ni 


B 0.94 1.14 0.57 0.24 
( 1.05 0.32 0.33 0.11 
D 1.05 0.30 0.28 0.09 
E 1.05 0.36 0.34 0.08 
F 0.99 0.31 0.32 0.10 
G 1.01 0.39 0.31 0.11 
H 1.01 0.40 0.29 0.10 
I 1.00 0.39 0.27 0.11 
J 1.07 0.35 0.30 0.12 
K 1.02 0.37 0.26 0.17 
L 1.04 0.35 0.30 0.10 
M 098 0.34 0.28 0.17 
N 1.05 0.36 0.37 0.09 
oO 1.04 0.35 0.29 0.16 
P 1.01 0.44 0.21 0.13 
Q 1.00 O41 0.24 0.25 
R 1.00 0.35 0.24 0.10 
Ss 1.00 0.37 0.26 0.10 
1.01 0.40 031 0.12 
U 0.98 0.34 0.27 0.24 
AA 097 1.12 0.55 0.14 
BB 0.97 1.12 0.62 0.12 
cc 0.98 1.03 0.56 0.08 
DD 0.96 1.02 0.53 0.13 
EE 0.96 1.06 061 0.16 
FF 0.97 1.07 0.63 0.06 
GG 0.98 1.08 0.74 0.11 
HH 1.02 0.35 0.29 0.21 


Observed D,;'s obtained from commercially normalized 
* Based on a hardness of 58.5 Re 

** Based on the 80 pet martensite multiplying factors 

*** Based on a hardness of 57.0 Re 


Chemical Compositions, Wt Pet 


spheroidized 


Hardenability 
Commercial 


Austeni Ob- Caleu 
tizing served lated 
Cr Mo Temp, °F D;* Di* 


1550 
1.10 0.02 1550 178 4.00 


1.38 0.02 1550 i144 163 
1.44 0.03 1550 1.53 1.59 
1.54 0.02 1550 1.7 1.76 
14! 001 1550 1.78 1.88 
1.37 0.02 1550 106 178 
1.43 0.03 1550 1.98 1.83 
1.37 0.03 1550 1.70 179 
1.53 0.04 1550 1.96 1.75 
1.51 0.03 1550 2.00 1.80 
1.49 0.02 1550 1.69 1.68 
149 0.02 1550 207 184 
1.54 0.02 1550 199 1.41 
1.50 0.03 1550 1.75 1.77 
0.49 0.03 1550 1.07 1.13 
0.59 003 1550 144 1.37 
0.50 0.02 1550 1.05 1.17 
0.50 004 1550 111 127 
1.51 0.03 1550 1.96 191 
1.36 0.03 1550 1 #2 1.83 
1.07 0.02 1500 5.06 
1.05 001 1500 1.09 3.08 
1.04 ool 1500 2.23 2.78 
0.97 0.03 1500 241 261 
099 0.02 1500 109 3.01 
097 0.01 1500 2 85 2.87 
0.98 001 1500 2.55 2.99 
1.51 0.03 1500 1.75 1.65 


1500 


and end-quenched bars 


tion of the alloy carbides, particularly when the aus- 
tenitizing temperature was increased from 1475” to 
1525°F. But this explanation does not appear justi- 
fied for the solid-solution elements silicon, man- 
ganese, and nickel. The significant increase in the 
silicon contribution to hardenability as the austen- 
itizing temperature was increased from 1475” to 
1525°F would not be predicted by simple theory. 
However, it must be remembered that complete 
solution of the alloy carbides was not accomplished 
at any of the austenitizing temperatures investigated 
and homogeneous austenite was never achieved in 
this work. Therefore it is possible that the amount 
of undissolved carbides and degree of heterogeneity 
of the austenite affected the subcritical transforma- 
tion and indirectly influenced the multiplying fac- 
tors developed for silicon, manganese, and nickel. 

Intersection of the multiplying factor curves for 
the different austenitizing temperatures at one or 
more martensite levels is not considered to repre- 
sent a fundamental effect of austenitizing tempera- 
ture on the shapes of the curves. Instead this is be- 
lieved to be merely a reflection of the experimental 
errors inherent in the method for developing multi- 
plying factors 

Despite the recognized sources of error in devel- 
opment of the multiplying factors, reference to 
Table III shows a good correlation between the ob- 
served (actual) D,’s and the D,’s calculated with 
these multiplying factors. Although this correlation 
was made on the steels used to develop the multiply- 
ing factors, the good agreement (+10 pct) between 
observed and calculated D,’s at all martensite levels 
and austenitizing temperatures suggests sufficient 
precision of the data for practical purposes 

Contribution of Different Elements—-For the pur- 
pose of comparing the relative contributions of the 
six elements studied in this investigation, the mul- 
tiplying factor curves for the 80 pct martensite level 
and a 1525°F quench have been reproduced in Fig. 8 
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Carbon: The decrease in the carbon hardenability 
factor as the carbon content increased from 0.75 to 
1.25 pet is in accord with practical experience, The 
relatively low hardenability of the higher-carbon 
steels is believed to reflect an effect of the large 
volume of undissolved carbides. The sharp decrease 
in the carbon multiplying factor curve as the car- 
bon increases emphasizes the importance of using 
the lowest practical carbon content in hypereutec- 
toid steels in order to achieve maximum harden- 
ability. 

Silicon: The outstanding contribution of silicon to 
the hardenability of these spheroidized hypereutec- 
toid low-alloy steels was surprising. Observations 
from commercial heats showed that significant in- 
creases in hardenability could be achieved by in- 
creasing silicon contents from approximately 0.25 to 
0.40 pet and these observations are in accord with 
the present data. In order to understand the reason 
for the outstanding effect of silicon upon harden- 
ability better, previously spheroidized low and 
high-silicon steels from this investigation were sub- 
jected to a limited isothermal transformation study. 
No attempt was made to determine the beginning of 
proeutectoid carbide precipitation. Curves repre- 
senting 5 and 50 pet subcritical transformation were 
developed throughout the temperature range from 
700° to 1200°F for the two steels quenched from 
1525°F (Fig. 9). These curves show that while sili- 
con also retards the pearlite transformation its 
greatest contribution lies in its retardation of the 
bainite reaction. This explains the difference be- 
tween the silicon contribution to hardenability 
found in the work of Jatezak and Devine’ and that in 
the present investigation. The base compositions 
employed by those authors produced pearlite as the 
first subcritical transformation product while in the 
present work bainite, on which silicon exerts a 
stronger influence, was the first austenite decomposi- 
tion product 
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0.98 1.06 0.63 1.07 0.03 2.78 1.05 


Molybdenum: The valuable contribution of molyb- 
denum to the hardenability of these previously 
spheroidized hypereutectoid steels is approximately 
half of that normally obtained in medium-carbon 
low-alloy steels. This, of course, is explained by the 
fact that the austenitizing temperatures employed in 
this study were too low to achieve complete solution 
of molybdenum in the austenite. Reference to Fig. 5 
emphasizes the incomplete solution of molybdenum, 
especially at the lowest austenitizing temperature, 
1475°F. 


Manganese: While manganese has been found to 
make the greatest contribution to hardenability in 
medium-carbon low-alloy steels, its effect in hyper- 
eutectoid low-alloy steels was somewhat less than 
that of molybdenum and approximately half as 
great as in medium-carbon low-alloy steels. Since 
manganese occurs both in the austenite matrix and 
to a lesser extent in the carbide phase, its contribu- 
tion appears to be of approximately the expected 
magnitude, 


Chromium: The use of chromium to promote 
hardenability in hypereutectoid low-alloy steels 
does not appear to be as advantageous as in the 
medium-carbon low-alloy§ steels. Although the 
present data have demonstrated a relatively mild 
effect of chromium on bainitic hardenability, its use 
in many high-carbon low-alloy steels may well be 
justified by its contribution to other properties such 
as wear and oxidation resistance 


Nickel; As previously found for medium-carbon 
low-alloy steels, these studies indicate that under 
these conditions nickel exerts the weakest harden- 
ability effect of the common alloying elements 
Its use does not, therefore, appear to be economical 
in hypereutectoid low-alloy steels except when its 
presence is desired to enhance properties other than 
hardenability 


Comparison of Calculated and Observed Ideal 


Diameters—-As already demonstrated in Table II in 
which the newly developed multiplying factors were 
used in calculating the hardenability of the experi- 
mental steels, the calculated D,’s were in agreement 
with the observed (actual) D,’s within +10 pet. A 
demonstration of this comparison for a 1525°F 
quench and the 80 pet martensite level is presented 
in Fig. 10. This degree of precision is approximately 
that found by other investigators in comparing cal- 
culated and observed D,'s for the steels used in 
developing their multiplying factors. 

The good agreement found in the present work 
between the calculated and the observed D,’s for the 
experimental steels indicates that the Grossmann 
concept of multiplying factors, i.e., that the multi- 
plicative effect of each alloying element is independ- 
ent of the amount of other alloying elements present, 
was valid for these spheroidize-annealed high- 
carbon low-alloy steels. No decrease in precision 
was found for the high-nickel heats of the nickel 
series which contained 0.75 pet Cr and 0.15 pet Mo 
or for the high-molybdenum heats of the molybde- 
num series which contained 1.00 pet Cr (Table III). 
The good correlation between calculated and ob- 
served D,'s for all of the experimental compositions 
provides convincing evidence that the multiplying 
factors are single-valued functions of the percentage 
of the respective elements present in the steels 

At the conclusion of the experimentation, recourse 
was made to commercial hardenability data for 
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hypereutectoid low-alloy steels of the general type, 
AISI 52100. Comparison of the D,’s calculated with 
the new multiplying factors with the D,’s obtained 
commercially is presented in Table IV. These com- 
parisons indicate that the precision of the calculated 
D,’s was rarely poorer than +15 pct, a degree of ac- 
curacy which should be adequate for most commer- 
cial applications. It is interesting to note also that 
in Table IV the heats wh:ch contain higher manga- 
nese and silicon contents significantly 
greater ideal diameters with generally good agree- 
ment between the calculated and observed D,’s. The 
latter examples provide commercial confirmation of 
the merits of achieving additional hardenability 
through the use of increased amounts of the less 
expensive elements, silicon and manganese. 


possess 


Summary 

Hardenability factors for the elements carbon, 
manganese, silicon, chromium, nickel, and molyb- 
denum have been developed for use with hyper- 
eutectoid low-alloy steels in which bainite is the 
first subcritical transformation product. These fac- 
tors permit the prediction of 95, 80, and 50 pct mar- 
tensite hardenability when quenching previously 
spheroidized steels from 1475°, 1525°, and 1575°F. 
The multiplying factors were found to be single- 
valued functions of the percentage of the respective 
elements present in the steels. The correlation be- 
tween the calculated D,’s and the observed (actual!) 
D,’s for the laboratory heats used in the experimen- 
tation was +10 pet and for commercial AISI 52100 
steels was rarely poorer than +15 pet. 

The especially strong contribution of silicon to the 
hardenability of these high-carbon low-alloy steels 
was found to be associated with its retardation of 
the bainite reaction. The important influence of 
both silicon and manganese upon hardenability sug- 
gests that increased amounts of these less expensive 
elements can be used to achieve additional harden- 
ability in high-carbon low-alloy steels. 
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Primary Recrystallization Textures in 


Cold Rolled Si-Fe Crystals 


The primary recrystallization textures of 11 single crystals cold rolled 70 pct were determined. 
The effect of crystal orientation on recrystallization behavior was investigated also and found to 
be large. An exception was found to the relationship that strong components of the recrystallizo- 


tion texture are rotated from the cold rolled texture by 30° about - 110 
relationship was found to hold quite well. Evidence supportin 
discussed in terms of probable active slip systems and ~ 11 


axes, but generally this 
oriented nucleation was found and 
- edge dislocations. 


by C. G. Dunn and P. K. Koh 


HE present paper is one of a series'* on recrys- 
tallization phenomena in cold rolled 3% Si-Fe 
single crystals and is mainly concerned with the 
textures produced on recrystallizing from stable end 
orientations. Data for the cold rolled textures of the 
crystals used have been reported by Koh and Dunn." 
Their results showed that the sharpness of the cold 
rolled textures varied throughout the range of 
stable end orientations and that the tendency to re- 
crystallize was related to the sharpness of the cold 
rolled texture, wherein the rate of recrystallization 
increased and the size of recrystallization grains de- 
creased with decreasing sharpness of the cold rolled 
texture 
In the project under consideration the cold rolled 
crystals involved a range of initial orientations 
that, together with those studied earlier,’ provide 
information on several point The first point is 
whether the recrystallization texture from a (111) 


[112] cold rolled texture, a stable end orientation 
that can be approached from different directions, 
correlates in any way with the initial orienta- 
tion before cold rolling, or whether the recrystal- 
lization texture is entirely determined by the ob- 
servable features of the cold rolled texture. The 
second point involves a preliminary study to see if 
the main components of the recrystallization tex- 
tures correlate with the most probable active slip 
systems. The third point is to determine what ef- 
fect departure from slip on one slip system has on 
the tendency to recrystallize 
Experimental Procedure 

Nine specimens from a previous investigation and 
two additional ones from thicker stock (lot D) but 
of similar composition to the others were used in 
the present work. The latter two crystals, like the 
nine, were cold rolled to a reduction in thickness of 
70 pet and the amount of widening was determined 
Depending on their primary recrystallization be- 
havior, the cold rolled crystals were given short or 
long anneals at temperatures of 980°C or higher 

C. G. DUNN, Member AIME, is associated with Research Lab 
oratory, General Electric Co, Schenectady, and P. K. KOH is asso 
ciated with Research Laboratories, Allegheny Ludlum Steel Corp, 
Brackenridge, Pa 

TP 4114E. Manuscript, Apr. 14, 1955 
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Fig. 1—Pole density stereogram, {110} poles, giving the re 
crystallization texture of specimen A-1 after | min at 980°C 


Table I summarizes the data on initial orienta- 
tions, the textures obtained by cold rolling, and the 
anneals given to provide samples for the present 
work 

Fine grained specimens were thinned to 0.002 in 
thickne and placed in an integrating specimen 
holder. Chart recording ion X-ray 
method and MoKa radiation were obtained for dif 
fraction from (110) plane This method," which 
gives data for all of the pole figure except a central 
ufficient to give gen- 


using a transmi 


radius, proved 
ometimes six, of the six possible 


region of 30 
erally five, and 
pole concentration areas of any one component of 
the texture. These data, therefore, were generally 
adequate for a positive identification of each com 
ponent present 

The first texture obtained for 
poorly defined because of too coarse a grain struc 
ture and therefore too few crystals in each com- 
satisfactory X-ray reflections. The same 


pecimen B-2 was 


ponent for 
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Fig. 2-—-Pole density stereogram, {110} poles, giving the re- 
crystallization texture of specimen A-3 after 25 sec at 980°C. 


overall texture, but more clearly defined, was ob- 
tained after giving this specimen two light (5 pet 
total) cold rolling reductions 90° apart. This pro- 
cedure brought more material into diffraction posi- 
tions and probably altered the texture but slightly. 

As noted in previous papers," pole density units 
were used with the level 6 corresponding to ran- 
Results are given in Figs. 1 to 8 and sum- 
marized in Table I 

Individual crystals in the coarse grained speci- 
mens were X-rayed by a transmission Laue method 
Orientations obtained were plotted in the {100} 
stereograms shown in Figs. 8 to 13. Further in- 
formation on the complex appearing in Fig. 10 will 
be given in a separate paper. 


dom 


Results and Discussion 


Recrystallization From a (111) [112] Cold Rolled 
Texture—-Effect of Initial Orientation: Since prev- 
ious results on recrystallizing from a (111) [112] 
cold rolled texture gave a texture with a strong 
(110)[001] component,” it was thought that an ex- 
tension of the range of initial orientations might 
provide information bearing on the origin of the 


Fig. 3—Pole density stereogram, {110} poles, giving the re- 
crystallization texture of specimen B-1 after 25 sec at 980°C 


(110)[001] component. In particular, the present 
extension provided samples which rotated into the 
stable (111)[{112] end orientation from a different 
direction. The result obtained, however, for speci- 
men D-1, which duplicates the previous specimens 
except for orientation, shows that the (110)[001] 
strong component is again present. This means that 
the direction of rotation into the (111)[112] end 
orientation is not so important as what happens 
after the end orientation is reached, as far as de- 
veloping (110)[001] type nuclei is concerned. 

Effect of Specimen Thickness: A rather marked 
and unexpected effect on the recrystallization tex- 
ture was obtained by varying the initial specimen 
thickness. Referring to previous results’ and those 
obtained from specimens D-1 and D-2 of the pres- 
ent work, it is seen that recrystallization from a 
(111)[{112] cold rolled texture produces a texture 
with one strong component, (110)[001]. On the 
other hand, recrystallization from a (111)[112] cold 
rolled texture for specimens A-1 and B-1 produces 
a texture with two strong components, and neither 
one is the (110)[001] orientation. The components 


Table |. Description of Samples 


Cold Rolled 
Ortentation 


Initial 
Orientation 


(355) (556) (212) 
(395) (110) (335) (110) 
(112) 
(112) (110) (112) (110) 
(122) (112) 
(110) (110) 
(119) (332) (O01) (110) 


(001) (110) 


(114) (110) (lla) (110) 


(110) 
(O01) (110) 
(112) 


(110) 
(1,1,16) (881) 
(223) (334) 
(dad) (212) 


~ 


Structure 
Obtained 


Pet Reerystal- 
lization 


Annealing 
Treatment, °C 


Il min at 980 Fine grained 
30 min at 980 
25 sec at O80 
10 min at 980 
25 sec at 980 
Il min at 980 


20 min at 980 
18 hr at 980 
15 hr at 1050 


Same as that of C-1 
8 hr at 1175 


16 hr at 980 
20 min at 980 
Il min at 980 


I min at 980 


Coarse grained 
Fine grained 
Coarse grained 
Fine grained 
Fine grained 


Coarse grained 


Coarse grained 
Coarse grained 
Coarse grained 


Fine grained 


Fine grained 
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Fig. 4—Pole density stereogram, {110} poles, giving the re- 
crystallization texture of specimen B-2 after | min at 980°C. 


obtained are near (120)[001] and (230)[{001]. Ac- 
cording to Table I, the initial orientations of speci- 
mens B-1 and D-2 are the same, while those of speci- 
mens A-1 and D-1 are but 3° apart. Based on ori- 
entation alone, one would expect the recrystalliza- 
tion textures of specimens B-1 and D-2 to be the 
same and those of specimens A-1 and D-1 also to be 
the same. Instead, the agreement is between speci- 
mens of the same original thickness, i.e., between 
A-1 and B-1 (0.025 in.) and between D-1 and D-2 
(0.050 in.). 

An explanation of this effect based on the ori- 
ented growth theory, which has been advanced by 
Beck and co-workers,’ requires that the cold rolled 
textures be different when the recrystallization tex- 
tures are different. However, a comparison of Figs 
7 and 8 of ref. 3 with Figs. 5 and 7 of the present 
paper shows that all four cold rolled textures are of 
the (111)[{112] type and, furthermore, have similar 
pole density distributions. The conclusion is drawn 
that the cold rolled textures are not sufficiently 
different to account for the observed differences in 
the recrystallization textures. This leaves some form 
of oriented nucleation as an explanation 

An explanation of the results based on oriented 
nucleation theory, described by Burgers § and 
Tiedema, permits one to vary the number of 
nuclei in any given orientation or component and 


\ 


\\\> 


Fig. 5—Pole density stereogram, {110} poles, giving the cold 
rolled texture of specimen D-1 after 70 pct cold rolling re 
duction 


also to restrict the number of components, The still 
undeveloped part of this theory is a mechanism or 
group of mechanisms to account satisfactorily for 
the specific components found. The mechanisms 
proposed by Burgers and Louwerse,” which involve 
the active slip planes, and also those by both Cahn 
and Beck’ are certainly steps in the right direction 
and may lead to a satisfactory mechanism when 
extended to include the effects of multiple slip. It 
should be pointed out, however, where the simple 
correlation of nuclei with the most active slip 
planes fails 

The most active slip planes in specimens A-1, 
B-1, D-1, and D-2 during cold rolling must cause 
rotation into the stable (111) [112] end orientation 
and also must help maintain this orientation when 
no further rotation is involved. Assuming that ac- 
tive <111 slip directions and appropriate slip 
planes cause rotation about the [110] direction as 
observed, one can explain the (111)[112] cold 
rolled texture qualitatively. If the mechanism of 
Cahn is also applied, the nuclei are restricted to 
those with the [110] axis of rotation. This is what 
is needed to explain the strong (110)[001] com- 
ponent found in specimens D-1 and D-2, but it does 
not account for the strong components found in 
specimens A-1 and D-2 


Table II. Summary of Textures Given in Figs. 1 to 8 


Specimen 


(120) (001}* (230) (001) (112) (110}° 
(110) (001)* 
(210) (001)* 320) (001) 
(114 
(110) [001 ‘ii 
D (110 001 


* Indicates an approximate description 


Keerystallization Texture 


111) [110)° 
(110) 
(lll) ‘iii 110\* 
(110)° ey ‘ani 110)* 


(~10° deviation from the specified orientation 
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Fig. &—Pole density stereogram, {110} poles, giving the re- 
crystallization texture of specimen D-1 after | min at 980°C 


The data obtained on percent widening may pro- 
vide a clue to real differences that fail to show in 
the cold rolled textures. The percent widening for 
specimens A-1l and B-1 was 20 pet,’ but that of 
specimens D-1 and D-2 was only 10 pet. This de- 
finitely means a different distribution of slip on the 
active slip planes. It means also that there could be 
an entirely different distribution of dislocations 
within the deformed crystal and a very different set 
of preformed nuclei representing too little material 
to show in the cold rolled textures 

The information obtained from minor components 
of the texture is also pertinent to the question of 


origin of strong and weak components. All four 


specimens agree qualitatively in having (111)[110] 
type components (see Table II). Of greater interest, 


however, is the fact that near (120)[001] com- 
ponents are weak in specimens D-1l and D-2 and 
strong in specimens A-1 and B-1. Therefore, con- 
sidering near (120)[001] type components, the ef- 
fect of specimen thickness becomes merely a change 
in number of nuclei produced during cold rolling, 
the number being large for specimens A-1 and B-1 
and small for specimens D-1 and D-2 

As mentioned before, this factor involving num- 
ber of nuclei is a feature of oriented nucleation 
theory; experimentally it also means that the re- 
crystallization texture can be changed without 
changing the measured deformation texture. The 
near (120)[001] component before is 
an example of this. Changing roll diameter or any 
factor influencing percent widening therefore would 
according to these 


discussed 


be expected to be important 
ideas 

Change in the number of nuclei alone, however, 
does not account for all the observed results, as 
shown in Table Il. The textures of specimens D-1 
and D-2 lack (230)[001] components, and those of 
specimens A-1l and B-1 lack the (110)[001] com- 
ponent. This is strange unless it is assumed that 
the (230)[001] components are shifted (110)[001] 
Such a shift could occur by inter- 
several slip producing 


type components 


action between systems, 
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Fig. 7—Pole density stereogram, {110} poles, giving the cold 
rolled texture of specimen D-2 after 70 pct cold rolling re- 
duction. 


nuclei in new relationships to the cold rolled tex- 
ture. It is suggested that a comprehensive study of 
crystals in the (111)[112] orientation, to cover a 
broader range of widening effects, would provide 
valuable information on this point 

Effect of Adding a (001)[{110] Component to the 
Cold Rolled Texture: When one component of the re- 
crystallization texture is favorably oriented for 
growth with respect to two or more components of 
the cold rolled texture, it will determine the recrys- 
tallization texture according to the oriented growth 
theory. Specimen A-3 provides a test of this theory 
The cold rolled texture (see Table I or ref. 3) con- 
sists of two components: (111)[112] and (001) 
[110]. Assuming adequate numbers of nuclei for 
every possible orientation or component as required 
by the theory, the problem is reduced to finding the 
component best related for good growth. Previous 
results showed that nuclei related by approximately 
30° rotation about a common 110 axis pro- 
duced a strong component in the recrystallization 
texture;’ so this relationship can be taken. Since 
(111)[112] and (001)[110] are 55 
entation midway between them satisfies the orien- 
tation relationship required and therefore is ideally 
oriented for best growth. This orientation should 
be near (113)[332], or the D orientation, shown in 
Figs. 6 and 8. (The D component is, of course, 
poorly resolved in the presence of the strong (110) 
[001] component.) Fig. 2 shows that there is no 
strong (113)[332] component in the recrystalliza- 
tion texture of specimen A-3. Instead, the texture 
is more like that of specimens D-1 and D-2. This 
result indicates that the relatively strong (001) 
[110] cold rolled component has little influence on 
the recrystallization texture. It also means that ap- 
plication of oriented growth theory fails to predict 
the recrystallization texture. Since growth rates are 
known to vary with orientation, the theory must 
fail in the assumption involving the number of 
nuclei present. The conclusion is that there are few, 
if any, nuclei in the (113)[332] orientation 


apart, an ori- 
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Fig. 8—Pole density stereogram, {110} poles, giving the re- 
crystallization texture of specimen D-2 after | min at 980°C 


Recrystallization From a (111) [110] Cold Rolled 
Texture—If the direction of rolling is omitted, the 
(111)[110] and the (111)[112] cold rolled textures 
look alike except that the former is much sharper 
Therefore, a comparison of their recrystallization 
textures may provide information on the origin of 
recrystallization textures 


Specimen B-2 recrystallized rapidly to a fine 


grained structure, thus proving that many nuclei 
were present in the (111)[110] cold rolled crystal. 
The overall texture shown in Fig. 4 is definitely not 
as sharp as those obtained from a (111)[112] cold 
rolled texture, but there are three clearly defined 
These have 


components designated as A, B, and C 
{110} poles in common with the (111)[110] ori- 
entation and are related by 25° to 30° rotations 
about <110> axes that lie close to the basic circle in 
the pole figure. There is a tendency toward three- 
fold symmetry, but it is not complete enough to in- 
dicate recrystallization in all equivalent positions 
This texture does appear to agree better with ori- 
ented growth theory than do those from the (111) 
[112] cold rolled texture, but this is 
when nuclei are present in more of the possible ori- 
entations. It is believed, however, that oriented nu- 
cleation, even in this case, offers more opportunity 
for discovering the origin of the recrystallization 


to be expected 


textures.” 


*In terms of Cahn theor of nucleus formation, the 110 
rotations observed for components A, B, and C would suggest the 
generation of 110 edge dislocations. Slip on the 112 plane in 


the (111) direction would generate 116! dislocations; slip on the 


‘211 plane in the 111! direction oll 


the (121) plane in the (111! direction, [101! dislocations, all having 
vectors parallel to li} directions. Alternatively, using 
directions 


dislocations; and slip on 


Burgers 
slip on (110) planes and sim ous sl in two 1h} 
100 slip, the ger edge disiocationa with 
vectors parallel to rections would be as follows 
110 p ‘ directior lip on the 
100) direction 101 plane in the 
These two sets of descriptions correspond to oppo 
» directions of rotations about 110 axes, which are required 

a stable end orientation 


Recrystallization Relationships for Primaries in 
Coarse Grained Structures—-The reorientations oc- 
curring in the primary recrystallization of specimens 
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Fig. 9—Stereogram of {100} poles of 23 primaries and the 
{100}, {110}, and {111! poles of the cold rolled crystal, 
specimen A-2 


Table Data for Orientations with 110 Axis 


Component No. of Diree- 


Specimen of Texture Primaries tien 


(complex) 


degrees of axis rotation from peak position 
cold rolled texture 


* Deviation 
poles of the 
Counterclock w ise 
t Clock wise 


A-2, C-1, C-3, A-4, and C-2 could be accurately 
followed as seen in Figs. 9 to 13. They also could be 
analyzed on a common basis as shown in Table III 
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Fig. 10-—Stereogram of (100) poles of two primaries (one a 
complex of several closely oriented crystals; the other a nu- 
cleus that disappeared in the 1050°C anneal) and the {100}, 
{110}, and (111) poles of the cold rolled crystal, specimen 


the summary in which represents 91 pct of the data 
and shows that the preponderant relationship is a 
rotation of 25° to 30° about <110> axes. 

Fig. 9, for example, illustrates the <110> rela- 
tionship exceptionally well; all axes of rotation are 
scen to lie within or very near the {110} pole con- 
centrations of the cold rolled crystal. The black 
squares in the stereogram locate the peak {100} 
points of the cold rolled crystal, while the radiating 
arrows point to the {100} poles (pole concentra- 
tions) of the primaries produced by recrystalliza- 
tion. These pole concentrations also show that the 
orientation spread in each of the six components 
with two or more orientations present is no greater 
than the spread in orientation of the cold rolled 
crystal 

The relationship of 25° to 30° rotation about 

110 > axes agrees quite well with results reported 
by Dunn’® for the case of small cold rolling strains. 
Dunn described his results in terms of a third-order 
twin relationship, which is equivalent to the pres- 
ent description 

Analysis of the stereograms to find relationships 
between the observed components obtained by re- 
crystallization and the estimated most active slip 
systems was attempted because such an approach 
might shed light on the mechanism of nucleus for- 
mation. Specimen C-3 in Fig. 11 provides a good 
illustration. After an initial rotation of 5° this 
specimen maintained the (001)[110] stable end ori- 
entation during cold rolling and widened only 3 
pet. The most active slip planes were probably 
(112) and (112) with slip in the [111] and [111] 
directions,t respectively, because these two slip 

' Unpublished work by Hibbard and Dunn involving the study of 
dislocations and active slip planes shows that this is so for small 
deformations 
systems could effect the 70 pet reduction in thick- 
ness without causing widening. It is also important 
to note that they would generate [110] edge dis- 
locations, Out of 24 primaries studied, there are 
five in component B-1 and five in component B-2, 
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Fig. 11—Stereogram of {100} poles of 24 primaries and the 
{100}, {110}, and {111} poles of the cold rolled crystal, 
specimen C-3. 


and both are associated with the [110] axis of rota- 
tion. This is a very good correlation because the re- 
maining 14 primaries are more scattered among 
other <110> axes. Nevertheless, it is far from per- 
fect. 

Specimen C-2 in Fig. 13, on the other hand, 
shows five primaries associated with the [110] axis 
which should not be active on any reasonable pic- 
ture of slip. However, if a small amount of slip 
be allowed even on unfavorably oriented planes, 
which is reasonable, then the only change required 
in the basic idea is that nuclei are also formed by the 
less active slip systems as well as by the more active 
ones. The data support this view if it is maintained 
that the more active planes are favored for produc- 
ing nuclei. According to this concept the complete 
elimination of slip on unfavored slip planes would 
eliminate nuclei from such planes, resulting in a re- 
crystallization texture with fewer components and 
components directly related to the favored slip 
planes. The present good correlation with <110> 
axes of rotation may be explained in terms of Cahn’s 
theory of nucleation if slip is assumed to occur on 
single slip systems in the vicinity of each nucleus. 

Corresponding to Burgers local curvature,” Cahn 
considers a pile up of positive and negative disloca- 
tions. During annealing each set of dislocations 
forms a new arrangement without destroying the 
local curvature. The region is said to be polygonized 

high stresses are removed by the rearrangement, 
and a series of disoriented subgrains or polygon ele- 
ments are formed. These grow at different rates, ac- 
cording to Gow and Cahn” and Cottrell." To explain 
the present observed reorientations, this theory re- 
quires local curvatures with maximum disorienta- 
tions in the 25” to 30° range. 

Multiple Slip and Recrystallization Tendency— 
Slip on more than one slip system is involved when- 
ever cold rolling begins with a crystal in a stable 
end orientation. Subsequent recrystallization, how- 
ever, may or may not occur with ease. Liu and Hib- 
bard,” for example, cold rolled and recrystallized 
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Fig. 12—-Stereogram of {100} poles of 12 primaries and the 
{100}, {110}, and {111} poles of the cold rolled crystal, 
specimen A-4. 


single crystals of copper in the (110)[112] stable 
end orientation and found that recrystallization oc- 
curred very slowly. Lutts and Beck” observed the 
same effect for aluminum crystals in the (110)[112] 
end orientation. In the present work this effect was 
observed for a number of stable end orientations but 
certainly was missing for the (111)[112] and (111) 
[110] end orientations. Qualitatively, the tendency 
to recrystallize could be correlated with sharpness of 
the cold rolled texture.” 

Of particular interest in the present work is the 
weak tendency to recrystallize noted for specimen 
C-2 (see Table I) initially in the (114)[110] end 
orientation. It is less favorably oriented for slip on 
two slip systems than is specimen C-3, which is ini- 
tially very near (001)[110]; nevertheless, C-2 did 
not recrystallize during 18 hr at 980°C, while speci- 
men C-3 recrystallized 50 pct in 20 min at this tem- 
perature. Since both specimens must have under- 
gone complex deformation, the observed behavior is 
contrary to ideas presented by Decker and Harker” 
on behavior of silicon iron crystals. It also raises 
some questions regarding the efficacy of multiple 
slip in nuclei production 


Summary and Conclusions 

The recrystallization behavior of eleven crystals 
after cold rolling reductions of 70 pct was investi- 
gated, and the following results were obtained: 

1) When widening percentage is kept relatively 
low during cold rolling into a (111)[112] end orien- 
tation, there appears to be no effect of initial orien- 
tation strong enough to prevent (110)[001] from 
being the strong component of the recrystallization 
texture 

2) An effect of specimen thickness was discov- 
ered: crystals 0.025 in. thick widened considerably 
more than crystals 0.050 in. thick, other factors be- 
ing equal, and this difference carried over into the 
recrystallization textures, although there was no 
discernible difference in the cold rolled textures 
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Fig. 13—Stereogram of {100} poles of 21 primaries and the 
{100}, {110}, and {111} poles of the cold rolled crystal, 
specimen C-2 


3) Crystals in the (111)[112] cold rolled orien- 
tation recrystallized rapidly to a fine grained struc- 
ture having several preferred orientations or compo- 
nents. Certain of these components were strong or 
weak, depending on factors that are believed to be 
specifically related to the operative slip systems 
Thus, the (110)[001] component was found to be 
very strong or almost absent, depending on the 
amount of widening encountered in the cold reduc- 
tion, while another component near (120)[001], in 
turn, was either very weak or one of two strong 
components. Regarding oriented nuclei and bound- 
ary mobility factors, which determine textures, it 
was concluded that the oriented nuclei factor plays 
the larger role 

4) An exception was found to the previously ob- 
served rule that strong components of the recrystal- 
lization texture bear a <110> axis of rotation rela- 
tionship with the principal orientation of the cold 
rolled texture. It has been suggested that the <—110> 
relationship may be limited to relatively simple 
deformation processes, while departures from the 

110> relationship occur as deformation becomes 
more complicated 

5) The observed absence of a strong (113)[332] 
component in the recrystallization texture from a 
cold rolled texture consisting of (111)[112] and 
(001)[110] components could not be explained us- 
ing oriented growth theory; it could only be ex- 
plained in terms of missing nuclei, which is a tenet 
of oriented nucleation theory 

6) Crystals rotating to the (001)[110] stable end 
orientation and crystals cold rolled parallel to a 

110> direction, except for the (111)[110] end ori- 
entation, recrystallized slowly to coarse grains hav- 
ing several preferred orientations or components 
With few exceptions these components were related 
to the cold rolled texture by rotations of 25° to 30 
about <110> axes. Generally these axes could be 
correlated with the most probable active slip sys- 
tems, but exceptions were noted. The suggestion is 
made that a small amount of slip on unfavorably ori- 
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ented slip planes plays an important role in the for- 
mation of recrystallization nuclei 

7) Although increase in the number of operative 
slip planes tends to produce conditions favorable for 
the formation of nuclei, it has been found that two 
or more active slip systems may produce only a lim- 
ited number of nuclei in cold rolling reductions of as 


much as 70 pet 
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Technical Note 


y has been shown'* that copper can be removed 
from iron-base alloys by solvent extraction with 
molten lead and sodium sulfide slags. In these proc- 
esses copper removal is favored by a positive de- 
Viation of copper in iron from ideal behavior. Chou’ 
determined the distribution of copper between liquid 
silver and iron and obtained a value for the activity 
coefficient of copper in iron at 1600°C, y°.,"", of 
9.12. Chipman’ calculated the activity coefficient 
from the Fe-Cu phase diagram to be 12 at 1600°C. 
More recent work by Koros and Chipman’ yields a 
value at 1600°C for y"»,"" equal to 8.0. In this latter 
work, the distribution of copper between silver and 
iron was measured at 1600°C, while the activity of 
copper in the silver phase was determined from 
calculations based on the Ag-Cu phase diagram. 
The present work presents another value of y° .,' 
based on calculations from the Cu-Pb phase dia- 
gram, on the heat of mixing data for the Cu-Pb 
system, and on an experimental study of the dis- 
tribution of copper between iron and lead at 1600°C. 
These experiments were part of a larger research on 
the removal of copper from iron-base alloys con- 
ducted at The Pennsylvania State University 
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Activity Coefficient of Copper in Liquid Iron at 1600°C 


by Frederick C. Langenberg 


Experimental Procedure—The distribution of cop- 
per between pure iron and lead at 1600°C was made 
in the furnace assembly shown in Fig. 1. The melts 
were made in high purity alumina crucibles under 
an atmosphere of prepurified argon. Temperatures 
were read with an optical pyrometer sighted into 
a ‘%-in. hole drilled in the inductor. Extensive cali- 
bration of the optical readings with immersion 
readings had been carried out previously. 

The initial charges consisted of 100 g of electro- 
lytic iron and varying weights of copper. The melts 
were brought rapidly to 1600°C and 75 g of lead 
added. The temperature was quickly readjusted to 
1600°C, and the melts were held for 10 min at this 
temperature. A sample was then drawn from the 
iron layer in a fused silica tube. This sample was 
analyzed to determine the copper content of the 
iron layer at equilibrium, while the copper content 
of the lead layer was determined from a material 
balance. The validity of the material balance was 
confirmed by a chemical analysis of the entire lead 
layer for one heat in which the crucible was re- 
moved and quenched after the iron sample was 
taken. The calculated copper content of the lead- 
rich phase was 1.18 pct; while the entire lead layer 
analyzed 1.20 pet Cu 

The distribution results are shown in Fig. 2. The 
distribution constant, N»,.“"/Ne,"", is equal to 3.95. 

Discussion—From the Cu-Pb phase diagram’ it 
can be seen that lead-rich liquid Pb-Cu solutions 


TRANSACTIONS AIME 


67 
23 
~ 


PEMOVEARLE GRASS 1] 


GAS OUTLET 


warer 


TURE 


wont Tuee 


AL UNDUM LINER 


SGHT HOLE 
TOR 


‘a! 


> ~t 


Fig. |—Controlled-atmosphere furnace. The melts were made 
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Fig. 2—Equilibrium distribution of copper between liquid iron 
and lead at 1600°C. K Neo” [Noo 3.95 
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are in equilibrium with essentially pure copper from 
approximately 79.5 to 99.8 atomic pet Pb over a 
temperature range of 954° to 327°C. A point on the 
liquidus at 93.81 atomic pet Pb and 657 C has been 
carefully determined by Bornemann W agen- 
mann. This point could be utilized together with 
the heat of fusion of copper and the specific heats 
of solid and liquid copper to calculate the activity 


and 


coefficient y, in the liquid phase. The data yield 
9.72 at 657°C and N,, 0.938 
In order to calculate the activity coefficient at 


1600 C, the following equation is used 


) L, 


aT 


where L,,""" is the relative partial molal enthalpy 
of copper referred to pure liquid copper and defined 
H, H Fortunately, Kawakami’ has 
measured the mixing heats of Cu-Pb alloys at 
1200 C by calorimetric methods. These results lead 
to L, 5730 cal at N,, 0.938 
is independent of temperature, yo, 


Assuming 
sie 2.02 at 


1600°C. To find the activity coefficient at infinite 
dilution, an extrapolation is made by assuming the 
function log (1 is constant over the 


range N, 0.062 to N, 0. This results in a value 
of 2.23 


The experimental data for the equilibrium dis- 
tribution of copper between lead and iron can now 
be utilized. At equilibrium 


a, 
and 


Thus, 
(3.95) (2.23) 8.8 
Summary—The activity coefficient of copper in 
iron at infinite dilution at 1600°C has been found 
to be 8.8 
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9° and 36° about ~ 001 


Relative Interfacial Energies of Symmetrical Tilt 


Grain Boundaries in Silver 


The relative interfacial energies of symmetrical tilt boundaries in silver of greater 
than 99.999 pct purity were measured as a function of orientation difference 4 between 
The results are in good agreement with the dislocation 


model of the grain boundary. The energy vs / curve may be represented by the Shockley 
In 4). 


and Read equation in the form E.4 (0.55 


EAD’ has indicated that an ideal experimental 
method of testing the predictions of the dis- 
location theory of the grain boundary would be to 
measure the interfacial energies of symmetrical tilt 
boundaries between face-centered-cubic grains that 
have a common <001> axis, as a function of orien- 
tation difference @. The misfit @ should be defined 
by a rotation of each grain through an angle of 6/2 
away from the boundary. Such boundaries might 
be expected, from geometrical considerations, to be 
made up of a series of edge dislocations, at least for 
small values of 6 
Energy vs @ relationships for tin’ and lead’ were 
previously obtained for an asymmetrical tilt bound- 
ary separating two grains in which generally only 
one grain was rotated about a <001> specimen axis 
through an angle of 6 away from the boundary, the 
other grain remaining fixed. It is possible, however, 
that the boundary atoms in tin and lead may have 
attained a symmetrical position, in relation to the 
orientations of the grains on either side of the 
boundary, during equilibrium annealing. The two 
sets of measurements on silicon ferrite’ were some- 
what better suited for comparison with theory, since 
the boundaries were symmetrical tilt boundaries in 
which the axis of relative rotation was 110 in 
the first series and 100> in the second; but this 
alloy has a body-centered-cubic structure. Although 
the grain boundaries in silver’ were symmetrically 
tilted, the axis of relative rotation was not a simple 
crystallographic direction, and it varied from bound- 
ary to boundary 
Although the above measurements were in good 
agreement with the Shockley and Read equation,” 
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it appeared desirable to carry out experiments under 
the ideal conditions specified by Read.’ Consequently, 
the relative energies of symmetrical tilt boundaries 
in silver between grains that have a common < 001 
axis were measured, The technique of equilibrating 
grain boundaries in oriented tricrystals was used 
rather than the less satisfactory thermal groove 
method previously employed for silver bicrystals 


Experimental Details and Observations 

The solidification and seeding techniques, described 
previously’ for growing tricrystals of controlled 
orientations, were used to prepare tricrystal speci- 
mens from silver of greater than 99.999 pct purity 
The silver was obtained from American Platinum 
Works, Newark, N. J., in the form of polycrystalline 
rods 10 cm long and 7 mm in diam. These rods were 
then cold worked by rolling or drawing them into 
suitably shaped blanks. Single crystal seeds and 
tricrystals were grown in a high purity graphite 
boat by means of a movable furnace with globar 
heating elements. The graphite boat was enclosed 
in a Vycor tube, which was first evacuated to about 
100% Hg and then filled with a static argon atmos- 
phere. The maximum temperature outside the 
Vycor tube was 1250°C 

A typical tricrystal specimen of silver is shown in 
Fig. 1. Grains B and C were grown from seed crys- 
tals with a <001 specimen axis or longitudinal 
direction parallel to the direction of growth and 
with another <001> direction perpendicular to the 
surface. Each of the two seed crystals was rotated 
18° about the <001> specimen axis but in opposite 
directions away from the boundary. A symmetrical 
tilt boundary, therefore, separated grains B and C 
with an orientation difference @ of 36° about <001 
Grain A in Fig. 1 was grown from the middle seed 
with a <110> direction parallel to the specimen 
axis and with a <001> direction inclined at 45° to 
the surface of the specimen. The interfaces sepa- 
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Fig. 1—Tricrystal specimen of silver in which a symmetrical 
tilt boundary separates grains B and C with an orientation 


difference (#) of 36°. The grain boundaries separating 
grains A and B and A and C are large angle incoherent 
boundaries. 


rating grains A and B, and A and C are large angle 
incoherent boundaries. Another tricrystal with 6 
30° about 001 was grown from the same seed 
crystals 

Initial attempts to grow similar tricrystals, but 
with @— 9° and 13° about <001>, resulted in speci- 
mens in which the two large angle incoherent 
boundaries did not converge, but grew parallel to 
the specimen axis. It has been observed previously’ 
that grain boundaries in tricrystals of lead con- 
verged only when the speed of growth was fairly 
high, 1.e., not less than about 5 mm per min. However, 
repeated tests on silver with varying rates of growth 
from about 1 to 10 mm per min resulted in the non- 
convergence of the two incoherent boundaries: at 
still greater growth rates, difficulty with stray grains 
was encountered. Since the (111) crystallographic 
face is expected to have a lower accommodation co- 
efficient than either the (100) or (110) faces in the 
face-centered-cubic structure,” a middle seed crystal 
with a <111> specimen axis was substituted for the 

110> seed crystal in an effort to prevent continued 
growth of the grain from the middle seed. Three tri- 
crystal specimens, each having the required inter- 
section of three boundaries, were prepared with 
orientation differences between grains B and C of 
9°, 13°, and 20° about 001>, in which grain A 
was grown from the <111> seed crystal. The grain 
boundaries separating grains A and B, A and C, may 
still be described as large angle incoherent bound- 
aries as was the case for the specimens with @ 30 
and 36° about <001 In all, five tricrystal speci- 
mens were grown in which each specimen contained 
a symmetrical tilt boundary separating two grains 
having a common <001> axis: two specimens con- 
tained a grain with a 110> direction parallel to 
the specimen axis, and three contained a grain with 
a <111> direction parallel to the specimen axis 

The tricrystals were etched in 15 pct nitric acid 
solution to reveal the presence of the boundaries 
The orientation differences #6 were determined from 
back-reflection Laue X-ray photograph 
curacy of only +1, due to the substructures or stri- 
ations present in the crystals. The tricrystals were 
annealed in an argon atmosphere at 925°*5°C for 
periods of at least 30 hr. The dihedral angles be- 
tween the three boundaries were microscopically 
measured on the top and bottom surfaces before and 
after the annealing treatments. It was noted that 
boundary migration and change of boundary angles 
occurred during the formation of the specimen and 


to an ac- 


during the annealing in the same manner as was 
previously observed. Constant boundary angles 
were obtained after 20 to 30 hr annealing at 925°C 
In this connection, Greenough and King found for 
a similar purity of silver that heating at 900°C be- 
yond 19 hr had little effect on the size of the bound- 
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ary grooves and made no apparent difference in the 
magnitude of the groove angle 
It was estimated from the consistency of repeated 
measurements that the accuracy of the boundary 
angles was +1 to *3°. The equilibrium boundary 
angles were used to calculate the relative interfacial 
energies of the symmetrical tilt boundaries from 
the equation 
Ys 


cos h [1] 


cos d Yau 
where ys», yx», and y,, are relative energies of the 
interfaces separating grains B and C, A and B, and 
A and C, respectively, and angles d and h are as 
designated in Fig. 1. The energy of the grain bound- 
aries separating grains A and C and A and B was 
assumed to be unity, since in all cases these are large 
angle incoherent boundaries 


Results and Discussion 

The data obtained for the relative energy yy,» of 
the symmetrical tilt boundary as a function of @ are 
shown in Table I and in Fig. 2. The marked inequal- 
ity of the values of angles d and h in three of the 
five specimens suggests that the energy y,,. may also 
depend on the orientation of the boundary. How- 
ever, since it is unlikely that the interfacial ener- 
gies of the incoherent boundaries (y,» and y,,) are 
dependent upon boundary orientations, the relative 


Table |. Measurements of # and Relative Grain Boundary Energies 


in Silver 
about PEquilibriam Angles, ¢ Of Symmetrical 
Ketween Hand ( Degrees Tilt 
‘ d h 

36 119 120 121 1.01 

40 119 115 126 10) 

20 129 117 114 0 46 

13 135 117 1048 0.76 

” 145 100 115 0.60 
interfacial energy y,, may still be obtained to a 


good approximation from Eq 

The results indicate that the interfacial energy 
of a symmetrical tilt boundary in silver depends on 
# in a manner similar to previous observations on 
boundary energies, although the maximum in the 
# curve is reached at a somewhat 
A gradual change in 


present energy v 
larger angle of misorientation 
the energy v also apparent in Fig 
which suggests that there | 
boundary structure between 

Shockley and Read 
quantitative expression for the absolute boundary 
(y) based on the dislocation model of the 


# curve 
no abrupt change of 
mall and large angles 


have derived the following 


energy 
grain boundary 


where the parameters E, and A are independent of 
the orientation difference @. It follows that a straight 
hould result in the present data 
The plot shown in Fig, 3 


line relationship 
between y,, and log 6 


confirms this prediction. The parameter A, which 
depends on the nonelastic core energy of the di 

location, was obtained from the logarithm of the 
angle # extrapolated to zero energy in Fig. 3. The 
value of A is 0.55, which is very close to the value 
A 0.52 calculated by van der Merwe” in a de- 
tailed mathematical analysis of tilt boundaries. The 
good correlation between the Shockley and Read 
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equation and the experimental results may be seen 
in Fig. 2 

The value of #,, i.e., the angle at which the en- 
ergy vs @ curve reaches its maximum, may be de- 
rived from the equation 


,= [3] 


where e is the Napierian base and A is the parameter 
in Eq. 2. For the present data with A 0.55, 6, is 
36.5 If the results for silver, obtained by Green- 
ough and King, are plotted on a single energy vs 
angle curve, the value of 6, is 25°. This difference 
in #,. may be due to the fact that, although the 
boundaries in the two investigations were symme- 
trically tilted, the axis of relative rotation for the 
boundaries reported in the present instance was a 
simple crystallographic direction, which was not the 
case in Greenough and King's grain boundaries. The 
#,, values reported for the various studies on grain 
boundary energies are compared in Table II. 

If the present data are plotted in the form y/y,. 
vs 0/0,, where y,. is the maximum energy of Fig. 2, 
good agreement is obtained with the Shockley and 
Read equation written in the dimensionless form 


[1 In” |. [4] 


In common with previous results on boundary en- 
ergies, agreement with the dislocation model is ob- 
tained even at large values of @ (i.e., 6>20°) where 
Eq. 4 becomes doubtful. Various reasons for this 
possibly fortuitous agreement have been discussed 
previously by Brooks" and by Read.’ In this con- 
nection the model for large angle grain boundaries 
proposed by Smoluchowski,” using the concept of 
rods of misfit rather than dislocations, is reported to 
result in a dependence of the grain boundary energy 
upon angle, which is nearly identical with that ob- 
tained with the dislocation model.” The problem of 
whether the structure of large angle grain bound- 
aries can be described by rods of fit and misfit, or 
by some sort of dislocation array as suggested by 


~ 


RELATIVE GRAIN BOUNDARY ENERGY a 


te) 10 20 30 40 


DIFFERENCE IN ORIENTATION @ (DEGREES ) 


Fig. 2—Variation of relative grain boundary energy with dif 
ference in orientation for symmetrical tilt boundaries in silver, 
theoretical ¢ (A — In @) curve with A 0.55. Circles repre 
sent experimental values 
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Fig. 3—Plot of log # vs yw ./# from experimental results ob- 
tained for silver 


Chalmers,” is still not resolved. It would be de- 
sirable to measure the energy of twist boundaries in 
silver as a function of misorientation and to com- 
pare this data with the relationship obtained for 
symmetrical tilt boundaries in the present study 
As was pointed out by Chalmers,” if there is any 
difference in the energy-angle relationship in the 
two cases, it will provide extra support to the dis- 


Table Ii. 4,. Values for Various Energy vs # Curves 

Material 
Silicon iron (110) series* 26.6 
Silicon tron (100) series* 29.8 
Tin 12.2 
Lead" 25.0 
Silver 25.0 
Silver ‘present work) 36.5 


location model of the boundary. In addition, if dif- 
ferences persist up to large angles, it may be con- 
cluded that some sort of array of dislocations repre- 
sents the structure of the large angle boundary. The 
results of Couling and Smoluchowski” on the aniso- 
tropy of grain boundary diffusion of silver into 
copper have indicated that grain boundaries cannot 
be treated as a uniform slab of misfit, except pos- 
sibly for highest angles of misorientation. Hoffman” 
has found that anisotropy of boundary self-diffusion 
in silver persists in boundaries of maximum misori- 
entation, and he concluded that the concept of a 
large angle grain boundary as a uniform slab of 
disordered material is not valid in general. 

An estimate of the maximum grain boundary en- 
ergy (y.) for silver in terms of absolute units may 
be made from the present results, if we substitute 
the theoretical value of E, 1030 ergs per cm’ at 
approximately 900°C, calculated for silver by Read, 
in the equation 

vy. = ES. [5] 


Eq. 5 is believed to give a good approximation to 
the relatively constant energy in the flat part of the 
energy vs @ curve at large angles.’ For 6, 36.5", 
the maximum energy y,. is 656 ergs per cm’. Read 
estimated from Greenough and King’s data that y,. 
is 460 ergs per cm’. In view of the unverified as- 
sumptions made in deriving both of these values 
the present comparison appears to give at 


for Yea» 
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40 
30 
10} 
a 
6 
2) 


least the right order of magnitude for the energy of 
large angle grain boundaries in silver. 


Summary 

The relative interfacial energy of symmetrical tilt 
boundaries in silver of greater than 99.999 pct 
purity was measured as a function of orientation 
difference between 9° and 36° about <001>. The 
variation of boundary energy y, with angle between 
the grains #@, may be represented by the Shockley 
and Read expression y Ef (0.55 In #), where 
E, is independent of @ 
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Study of the Effect of Gases on the Melting, 
Casting, and Working of Palladium 


With the object of improving the melting, casting, and working of palladium and 


95.5 pct Pd-4.5 pct Ru, the effects of different melting atmospheres (reducing, oxidizing, 
and neutral), crucible linings, and annealing atmospheres have been studied. Some inter- 


HE object of the present work was to ascertain 
the effect of oxidizing, inert, and reducing am- 
bient atmospheres on the melting and casting of 
palladium and a Pd-Ru alloy commonly used for 
jewelry. The need for such a study was indicated 
during World War II when jewelers experienced 
difficulty in their attempts to make small castings of 
the torch-melted Pd-Ru alloy by the lost-wax proc- 
ess. When the metal was melted under oxidizing 
conditions similar to those used for platinum, the 
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esting observations are included about the solubility and diffusion of gases in palladium. 


by R. H. Atkinson 


castings were gassy; on the other hand, if the melt- 
ing atmosphere was reducing, the castings were hot- 
torn and brittle 


General Experimental Procedure 


Pure palladium sponge (99.9 pet Pd) and pure 
ruthenium powder (99.8 pet Ru) were used for 
making small ingots (50 g) of palladium and 95.5 
pet Pd-4.5 pet Ru by induction melting. The coil, 
3 in. high by 2 in. ID with 16 turns, was energized 
by a 20 kva Ajax high frequency converter 

The melting crucibles, so-called sand crucibles, 
which were made of a highly refractory fireclay, 
were lined with different materials, including pro- 
prietary magnesia, alundum, zircon, and zirconia 
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Fig. |—Palladium strip (de 
oxidized with hydrogen) show 
ing difference between anneal 
ing in air and hydrogen. Elec 
trolytic (AC) etch in 5 pet 
NoCN. X250 


o—Annealed in air 
to grain boundary fissures, microporous 


zone, and blister 


cements, as well as fused alumina and magnesia. The 
proprietary cements, which contained clay or other 
binder, were made into a stiff paste with water and 
applied to the inside wall of the melting crucible to 
give a lining about “% in. thick. The fused alumina 
(100 mesh) was mixed with a saturated solution of 
aluminum chloride in water and the fused magnesia 
(100 mesh) with a solution made by dissolving 32 
#@ magnesium acetate crystals in 100 ml water 
Whereas the crucibles lined with proprietary cements 
could be used after air drying, the crucibles lined 
with fused alumina or magnesia, after fitting with 
graphite cores, were baked at 2500° to 2600°F in an 
induction coil until the bonding materials were con- 
verted to oxide and the evolution of hydrogen chlo- 
ride, or other gases, ceased 

Particulars of the gases used as deoxidizers were 
as follows: hydrogen: 99.9 pet, water pumped; car- 
bon monoxide: 95 pet, balance hydrogen, nitrogen, 
carbon dioxide, and oxygen; city gas: 42 to 45 pet H., 
12 pet CO, 26 pet CH,, 4.5 pet C.H,,, 9 to 10 pet N,, 2 to 
4 pet CO,, 0.5 to 1.5 pet O,, less than 100 grains of 
organic sulfur per 100 cu ft; acetylene: tank gas of 
commercial purity; commercial methane: 92 to 96 
pet CH,, balance ethane and air (this gas would be 
representative of natural gas) 

Gases, other than reducing gages, examined for 
their effect on the melting, casting, and working of 
palladium were as follows: nitrogen (99.7 pet), air, 
steam, helium (98 pet, balance mostly nitrogen), 
argon (99.6 pet, balance nitrogen), oxygen (99.5 
pet), carbon dioxide (99.5 pet, balance air). The 
helium was oil pumped; the other cylinder gases 
were water pumped. The moisture content of water 
pumped nitrogen, oxygen, and argon is of the order 
of 0.01 pet by volume when the gases are reduced to 
atmospheric pressure 

The palladium sponge was melted in air and held 
molten for 1 or 2 min in order to remove any traces 
of oxidizable metal and metalloid impurities which 
might be present, Subsequent treatment varied ac- 
cording to circumstances. In the experiments in 
which the effect of a gas was being studied, the de- 
sired gas was applied at the rate of about 3 cu ft per 
hr to the surface of the melt after the preliminary 
oxidation. The metal was then solidified and re- 
melted a number of times until the oxygen was 
worked out and the behavior of the metal on solidifi- 
cation became characteristic of the gas used as at- 
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Poor surface due 


b—Annealed in hydrogen. Good sur- 
face; metal is sound except for trace 
of random microporosity 


mosphere. The metal was then allowed to solidify in 
the crucible and cool below red heat before the gas 
was removed. In making the Pd-Ru alloy, the 
ruthenium was not added until after the oxidation of 
the palladium, because heating the molten alloy 
under oxidizing conditions caused some loss of 
ruthenium as volatile tetroxide. The alloy melts 
were solidified once, remelted, and either treated 
with the gas under study or deoxidized. Castings 
were made by pouring into warm graphite rod 
molds, 2x% in. diam, using about 200° to 300 F 
superheat (100°F superheat is sufficient when using 
an Ecco centrifugal melting and casting machine) 
Temperatures were measured with an optical pyro- 
meter. 

The ingots, including those solidified in the cru- 
cibles, were cold-rolled to rod “%x% in., and finally 
to strip 0.010 in. thick, with intermediate anneals 
after each 50 pet cold reduction. All samples were 
degreased before annealing. in order to avoid any 
adventitious effects of gases produced by the ther- 
mal decomposition of rolling lubricants. The pal- 
ladium samples were annealed for 10 min at 900°C 
and the alloy samples for 30 min at 1100°C; all 
samples were quenched in water after annealing 
Annealing atmospheres included inert gases, air, and 
in some experiments reducing gases 

In judging the quality of the metal, the principal 
criteria were density, hardness, and freedom from 
blistering after annealing. Densities were measured 
by weighing in air and water at room temperature 
and applying corrections;' a fine Inconel wire, 0.004 
in. diam, was used to suspend the ingots and strips, 
the latter usually '% in. thick. The diamond pyramid 
hardness (Dph) of each strip (at about 0.06 in 
thick) was measured with a Vickers hardness teste 
using a 5-kg load. The resulting data are listed in 
Tables I and II together with relevant information 
about the preparation of the samples. 


Observations on Density and Hardness 

The best value for the density of annealed pal- 
ladium strip was 12.023 g per cu cm at 25°C, which 
is close to Owen and Yates’ value of 12.03 at 20°C 
calculated from the space lattice.’ Hitherto the den- 
sity calculated from specific gravity measurements 
has been much lower; Vines* gives 11.96 at 18°C 
The best value for the density of 95.5 pet Pd-4.5 pct 
Ru was 12.031 g per cu cm at 25.5°C. In the case of 
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Fig. 2—95.5 pct Pd-4.5 pct Ru deoxidized by city gas and 
annealed in air. Surface badly blistered. Unetched. X500. 
Reduced approximately 5 pct for reproduction 


these high density samples, there was no detectable 
difference between the values for annealed and hard 
(50 pet cold reduction) strip, although there were 
differences in other samples. The presence of gases 
usually caused the density to fall on annealing, but 
some samples of strip made from metal deoxidized 
with hydrogen actually increased in density on an- 
nealing by amounts varying from 0.005 to 0.016 

The best values for the hardness of pure palladium 
were 36 to 38 Dph for the annealed metal and 92 to 
96 Dph for the hard metal (50 pet cold reduction); 
the corresponding hardness values for annealed and 
hard 95.5 pet Pd-4.5 pet Ru were 80 to 90 and 150 to 
160 Dph, respectively. The hardness of any given 
sample of Pd-Ru is not a reliable guide as to purity 
because it is not always exactly reproducible. Minor 
variations in hardness may occur due to the fact that 
the alloy is age hardenable; for instance, a sample of 
melt 1232 hardened by 40 units on furnace cooling 


Trials of Reducing Gases as Deoxidizers 

Hydrogen—When molten palladium and Pd-Ru 
are deoxidized by treating with hydrogen, very 
dense ingots can be obtained, provided the metal is 
solidified and remelted once or twice in the hydrogen 
atmosphere before casting (Table I, melt 1166: 
Table II, melts 1205, 1215, 1224, and 1229). The 
soundness of such ingots is due to the fact that, at 
the melting point of palladium, hydrogen is more 


soluble in the solid than in the liquid metal, Hydro- 
gen, however, does have serious disadvantages as a 
deoxidizer for palladium, When a hydrogen atmos- 
phere is applied to the surface of molten palladium 
containing oxygen, the metal gases due to the rapid 
evolution of steam and the inside wall of the melt- 
ing crucible becomes sprayed with very fine particles 
of palladium, some of which may escape from the 
crucible. An equally serious disadvantage of hydro- 
gen as a deoxidizer is that, when dissolved in molten 
palladium, it reacts with the refractory lining of the 
melting crucible, causing the introduction of im- 
purities such as magnesium, aluminum, zirconium, 
phosphorus, and silicon into the palladium. For in- 
stance, one sample of Pd-Ru (Table II, melt 1215) 
contained 0.082 pet Mg. Such impurities have an 
appreciable hardening effect; for instance, palladium 
melted in a crucible lined with magnesia cement and 
deoxidized with hydrogen had a hardness of 51 to 
52 Dph, which is at least 10 units harder than pure 
palladium; see melts 1126, 1134, and 1166 in Table L. 
Phosphorus and silicon are especially harmful when 
making investment castings, as they cause hot tear- 
ing even in very low concentrations (below 0.01 
pet). In this connection it may be mentioned that 
microexamination of ingots of 95.5 pet Pd-4.5 pet Ru 
cast from metal deoxidized with hydrogen revealed 
that those treated in alundum cement, zircon, or zir- 
conia linings had duplex structures, a small amount 
of an intergranular constituent being present; 
whereas those treated in magnesia cement, fused 
magnesia, or fused alumina linings were single 
phase, It was also noticed that ingots of this alloy 
deoxidized with hydrogen in pure alumina linings 
broke up when they were cold rolled, unless they 
were given a prior heat treatment at 1000°C; where- 
as ingots deoxidized with hydrogen in either pure 
magnesia or magnesia cement linings were ductile 
and could be cold rolled without such preliminary 
heating. It would appear, therefore, that when a 
Pd-Ru alloy is deoxidized with hydrogen, the cru- 
cible linings should preferably consist of magnesia 
or magnesia cement. A third disadvantage of the use 
of hydrogen as a deoxidizer is that some steam will 
be formed at the surface of the molten metal during 
casting, unless this is done in either hydrogen or an 
atmosphere free from oxygen. It has been found, for 
instance, that investment castings of hydrogen- 
deoxidized palladium have pitted surfaces, un- 


Crucible Density," 
Melt No Deoxidizer Lining G per CaCm 
1126 H MgO cement 11.95 
1134 H MgO cement 11 965 
11661 H MgO cement 11 958°° 
12311 Hy, Att MgO cement 12. 012 
1132 IH MgO cement 1201 
1129 City gas MeO cement 11.88 
1130 CH MgO cement 1192 
1189 CH, MgO cement 11. 953 
1131 co MgO cement 11.96 
1145 co Alundur 12.020 
1146 co Zircor 12.023 
1143 Argor MgO cement 12 023 


23° to 28°¢ The two best + 


mperature 


Key to rating of relative number and size of blisters: xxx 
micre isible at X15. xx, fair number 
t These melts were cast; the others were allowed to solidify 
§ Air was used for the final anneal ‘strip 0.01 in. thick 
** Density of sting was 11.952 


Dr ind free from oxyger 


tt Reducing gas applied intermittently through the cover of inert gas 


Table |. Particulars of Annealed Palladium Strip Made with Different Gaseous Deoxidizers 


Hlisters? 


Hardness, Annealing 


Dph Atmosphere Number Size 
51.1 Air xxx Micro 
Alr Micro 
2.34 He, airt xx Micro 
N,; 

42.3 Ait xx Micro 
21 Alt All size 
42.5 Air Micro 
“41 He, airt xxx All size 
8.1 Alr None 

‘a5 Air Micro 
“2 Air None 

7 Air 


alues were 12.023 at 245°C and 12.025 at 250°C 


considerable number, macro: visible without magnification. xxx, many 


the crucible 
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Table II. Particulars of Annealed 95.5 Pd 4.5 Ru Strip Made with 
Different Gaseous Deoxidizers 


Density.” 
(racible 
Lining 


Deoxidizer Ingot 


fused 


Mg), fused 
Me). fused 
Mg), fused 
Mgt « 
Mago « 
MgO 
Mae), fused 
Mae), fused 
MgO cement 
cement 
MgO cement 


ement 
ement 
cement 


11.638 


9.756 
10.9434 
11.726 
11 480 
11.768 
MgO) cement 
Zirceor 
Zircon 


Notet$ 
11.590745 


The best 
of blisters 
“ 
the cover of inert 


value 


24 
number 
fair 
intermittent 
fron 
slidify 


29°¢ 
and size 
nber fe 
through 
“er 
crucible 
ifter deoxidatior 


temperature to 


“x x 
spplied 
ar md tree 

wu owed to 
wed by nitrogen ‘or 
when strip 
cast metal contained RuO 


all other melts 


wae thicker 


inclusions after 


G per CaCm 


Annealin Blisters? 


Atmos- 


None 
None 
x 
None 
None 
None 
None 
None 
None 
None 
None 
None 
x 


All sizes 


Micro 
xx All sizes 
None 

None 

Micro 
Micro 
All sizes 
Micro 
Micro 
All sizes 
Micro 
All sizes 
All sizes 


12.020 


was 


considerable 


gas 


metal then 


at 255°C 
number 


12.031 


macro: visible without magnification. xxx, many, 


were cast 


solidified and remelted before casting 


annealing in helium at 1200°¢ 


doubtedly due to local formation of steam, whereas 
imilar made with nongaseous deoxidizers 
urfaces. A fourth disadvantage is that 
made from hydrogen-deoxidized palladium 
bli more or less seriously when annealed in air; 
we Fig. la 

Intermittent Deoxidation— The disadvantages as- 
ociated with the use of hydrogen as a deoxidizer for 
palladium and its alloys can be lessened by modify- 
ing the deoxidation technique as follows: The air 
over the molten palladium in a melting crucible is 
replaced by helium or argon and a jet of hydrogen 
is applied intermittently at intervals of a few sec- 
long as there is an appreciable amount of 
in the metal, it will when the 
applied. The metal may be cast as soon 


casting 
have smooth 
trip 


te! 


ond a 
oxy#en effervesce 
hydrogen i 
as it remain 
but sounder 


olidified 


quiet when the hydrogen is applied, 
will be obtained if the metal 
and remelted before casting. One of the 
advantages of this intermittent treatment that 
there is less pick-up of impurities from the crucible, 
because the concentration of hydrogen in the molten 
lower than when hydrogen alone 
the atmosphere. The detrimental effects of 
can also be lessened by 


Is 


ingot 


IS 


palladium 1} 1S 


used as 
hydrogen as a deoxidizet 
diluting it with an inert gas, such as argon or nitro- 
ven (Table 1, melt 1132 and Table II, melts 1233 and 
1248), to give a predetermined composition 
Deoxidation Indicator—-If any appreciable time 
elapses between deoxidation and casting, when 
the metal is solidified and remelted between de- 
oxidation and casting, the intermittent application 
of the hydrogen should be continued until the metal 
cast. In order the tendency to 
too much hydrogen during this period an indicator 
has been developed. If a small amount of tungsten 
or molybdenum (about 0.1 to 0.2 pet) is added to the 
gas, it is then 
the hydrogen jet and 


as 


is to counteract use 


molten metal as soon as it ceases to 
to apply 


only necessary as 


1032—JOURNAL OF METALS, AUGUST 1956 


when any white smoke is seen in the crucible. The 
smoke, which tungsten oxide (or molybdenum 
oxide), begins to form as soon as the residual hydro- 
ven in the melt drops to zero. The appearance of the 
smoke, therefore, sign, indicator, that the 
hydrogen jet should be applied again 

Carbon Monoxide—When carbon monoxide, city 
gas, or commercial methane is applied to molten 
palladium containing oxygen, the melt usually does 
not gas. Consequently there is no visible indication 
when the deoxidation has been completed, and it be- 
comes necessary to conduct the deoxidation accord- 
ing to a time schedule 

Fortunately excess carbon monoxide is much less 
harmful than excess hydrogen, because carbon mon- 
oxide has comparatively little action on the crucible 


Is 


is a or 


Fig. 395.5 pet 
Pd-4.5 pct Ru 
heated at 1100°C in 
air for 16 hr 
Numerous relatively 
large particles of 
RuO. subscale 
Unetched. X1000 
Reduced approxi 
mately 5 pet for 
reproduction 
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Mard- 
ness, 
Melt Ne Strip Dph phere No. Size 
1195 H Al,O,, 11 904 He 
1221 i“ Alundum 11.971 11 986 N 
1207 Zireor 11.613 11.968 He 
1224 i Z 11.968 11.972 N 
1204 H 11 966 11.978 He 
1210 11.979 11.90% He 
1226 Hf 11.677 11.953 He 
1205 H 11.948 11.955 He 
1210 n" 11.940 11 961 He 
1215 "i 11.945 11.951 0 He 
1229 At 12. 007 12.004 8 N 
1242 My, Al 11.631 12.031 86.0 N 
1244 11.412 12.007 80.5 He 
12:38 i” ON. 10.891 12.007 #9 He 
1257 ity, Het 12.018 46.3 He 
1140°* co Zire 12.014 83.6 co 
‘ 1170 co 12.008 712 He 
1190 CO,N Zz 11.906 89.1 He 
1200 co 11.933 40.7 He 
12148 11.906 880 He 
1244 CO, At 12.018 818 He 
1107 City gas 11.711 (48) Air 
1220 City gas 11.814 87.8 He 
1240 City gas, At 12.014 774 He 
1192 Argon 12.002 95.5 He 
1225 Argon Ye 83.1 He None 
* Density at roonw ae 
Key to rat f 
Hed 
CO 
tt Blist 
The 
as 
| 
- 
= 
%, >, 4 Ge, 
. 


a—C rcial CO. C derable uni- 
formly distributed microporosity 


ity than in a. 


b—Purified CO. Much less microporos 


c—Air. One strip is free from porosity; 


the other has a narrow microporous 
zone near surface 


Fig. 4—Effect of different annealing atmospheres on the soundness of strip made from palladium deoxidized by commercial CO 
(melts 1145 and 1146). Electrolytic (AC) etch in 5 pet NaCN. X250. Reduced approximately 5 pct for reproduction 


linings at the melting point of palladium. Good re- 
sults were obtained with crucible linings of mag- 
nesia, alundum, and zircon cements. Annealed strip 
made from palladium deoxidized with carbon mon- 
oxide had a hardness of 36.2 to 38.5 Dph, which 
compares with 51 to 52 for strip made from pal- 
ladium deoxidized with excess hydrogen. Moreover, 
the former strip had a high density and annealing in 
air usually did not impair the surface as it did with 
strip made from metal deoxidized with hydrogen; 
compare Figs. 4c and la. Results were not quite as 
good when using carbon monoxide for deoxidizing 
95.5 pet Pd-4.5 pet Ru, largely due to the retention 
of gas in the metal. As will be seen from Table II, 
ingots of 95.5 pet Pd-4.5 pet Ru deoxidized with car- 
bon monoxide had significantly lower densities (9.7 
to 11.6) than ingots deoxidized with hydrogen (11.7 
to 12.0) and the resulting strip showed a small 
amount of blistering annealed in helium 
When the carbon monoxide jet was applied inter- 
mittently through a cover of argon (Table I, melt 
1234) a somewhat less gassy ingot was obtained. Re- 
placing the carbon monoxide atmosphere over the 
molten metal by an inert gas, such as argon or nitro- 
gen, then solidifying and remelting before casting, 
did not effect any improvement in the quality of the 
wrought metal (Table I], melts 1218 and 1199). As 
there is no visible gassing when deoxidizing with 
carbon monoxide, the use of tungsten or molyb- 
denum as indicator might be helpful in avoiding use 
of undue excess of gas 

Other Gases—City gas is not recommended for de- 
oxidizing either palladium or the alloy because the 
resulting strip acquires a very poor surface due to 
excessive blistering when annealed in air; see Fig 
2. Although applying the city gas intermittently 
through a cover of inert gas (Table II, melt 1240) 
effects an improvement, the quality of the resulting 
trip is still poor 

Strip made from palladium which had been de- 
oxidized with commercial methane (Table I, melt 
1189) blistered so badly when it was annealed in 
air that no further trials were made with this gas 
This result is probably indicative of the unsuitability 
of natural gas for deoxidizing pa'ladium. Acetylene 
was no better than methane (Table I, melt 1130) 
and had the further disadvantage that its smoky 


when 
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flame made it difficult to get accurate readings of the 
temperature of the metal 


Effect of Gases on Annealing of Palladium and Pd-Ru 

Air—Many palladium-rich alloys containing oxi- 
dizable metals are ideal for the formation of sub- 
scale (oxides below the surface) because oxygen 
diffuses relatively easily into palladium above 
800°C. As ruthenium forms a stable dioxide at cus- 
tomary annealing temperatures, subscale will be 
formed when 95.5 pet Pd-4.5 pet Ru is annealed in 
air. The fact that the surface of the metal stays 
bright on annealing often misleads manufacturers 
into thinking that this alloy cannot be harmed by 
annealing in air. Normally the particles of sub- 
scale are quite small and would be overlooked, but 
in a sample of the alloy heated at 1100°C for 16 hr 
ubscale were relatively large and 
numerou ee Fig. 3. Annealing the alloy in mix- 
tures of carbon dioxide and air showed that as little 
as | pet of oxygen in the annealing atmosphere 
caused the formation of very fine inclusions, pre- 
sumed to be subscale, under the surface of the metal 


the particles of 


Even when annealing commercially pure palladium, 
the presence of oxygen is objectionable because it 
reacts with residual deoxidizer, either 

eous. For instance, when a sample of 


from hydrogen-deoxidized palladium wa 


olid or gas- 
trip made 

annealed 
blistering occurred and a microporous 
whereas when 


In alt 
zone formed just below the 
another piece of strip from the 
nealed in hydrogen the metal remained quite sound; 
ee Fig. 1. On the other hand, 
ladium deoxidized with carbon monoxide may be 
annealed in air with little or no damage, see Fig. 4c 
However, in spite of the exceptional behavior of the 
latter sample, it may be concluded that the ideal an- 
nealing atmosphere for palladium and Pd-Ru alloys 
should not contain free oxygen 

Hydrogen can be used as an annealing atmosphere 
for palladium and its alloys but has the drawback 
that it causes appreciable hardening of the metal 
Wise and Vines’ found that pure palladium annealed 
in hydrogen at 900°C and cooled in the same ga: 
had a hardness of 93 Dph compared with 51 Dph for 
another sample annealed in nitrogen. However, if 
the metal was removed from the hydrogen atmos- 


eriou 
urface 


ame melt was an- 


trip made from pal- 
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Table III. Some Evidence of the Solubility of Non-Reducing Gases in Pure Palladium 


of Palladium on Solidification 


Density of Strip* 


Cold Relled Annealed 


“ry wild. dirty ingot 
Alv Wild, dirty ingot 
Nitrogen! Round top, still gassing (slightly) on eighth solidification 11.99 11.19 
Stearr Very wild, clean ingot 11.95 11.84 
Carbon dioxidet Good set, gassing persisted until sixth solidification 12.01 11.98 
Helium Slightly wild 11.99 11.95 
12.02 12.02 


Argon Fair set; no 


* Strip from metal solidified in nitrogen was 0.05 in. thick 
The ingot wae « 
and magnesium 

Drying the air, nitroger 


phere when hot, less hardening occurred. This hard- 
ening effect has been confirmed in the case of pure 
palladium and it has been shown that 95.5 pet Pd- 
4.5 pet Ru also hardens about 40 units when an- 
nealed in hydrogen. There would probably be no 
objection to bright annealing atmospheres consisting 
of mixtures of nitrogen with not more than 10 pct 
H because the additional hardening would not be 
enough to have any significant effect on the working 
of the metal. Annealing in hydrogen also tends to 
aggravate any existing blisters, especially if it can 
react with the gas in the blisters to form other gases 
of lower solubility, such as steam and methane. For 
instance, when strip made from palladium solidified 
in CO, was annealed in hydrogen, the amount of 
blistering was greatly increased, presumably due to 
hydrogen diffusing into the metal and reacting with 
the CO, as follows 


CO, + 4H 2H.O + CH, 


Carbon Monoxide can be used as an annealing at- 
mosphere but there are pitfalls in connection with 
its use. Pure palladium, which had been deoxidized 
with commercial CO and annealed in the same gas 
during the working to strip, contained a consider- 
able amount of uniformly distributed microporosity; 
see Fig. 4a. However, a sample of the same metal 
which had been annealed in a purer CO, made by 
passing dry CO, over dry activated charcoal at 
1000°C, contained considerably fewer micropores, 
Fig. 4b. It is thought that hydrogen, present as an 
impurity in the commercial gas, caused the micro- 
porosity in the former sample by diffusing into the 
palladium and forming steam and methane accord- 
ing to the equation 


3H, + CO H.O CH, 


CO made by the action of concentrated sulfuric acid 
on formic acid was found to be unsuitable as an 
annealing atmosphere because it contained traces of 
sulfur compounds which made the palladium hot- 
short. Heating in CO has a slight hardening effect on 
both palladium and 95.5 pet Pd-4.5 pet Ru, which 
amounts to about ten units after 1 hr at 1000°C 
Preferred Annealing Atmosphere—Helium and 
argon are ideal as annealing atmospheres for pal- 
ladium and Pd-Ru. Although steam, CO.,, and nitro- 
gen diffuse slowly in palladium, they are also satis- 
factory. Nitrogen mixed with enough hydrogen to 
give a slightly reducing atmosphere is also satis- 
factory for annealing most industrial alloys. 


Observations on Solubility and Diffusion of Gases 
in Palladium 


In studying the effect of nonreducing gases, the 
palladium was melted and solidified in each gas a 
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gassing on second solidification 


ontaminated with a small amount of soft dark-colored substance 


and carbon dioxide made no difference to the behavior of the palladium on solidification 


the other strips were 0.125 in. thick 


which might have been a mixed oxide of palladium 


number of times. The ingots were then removed 
from the crucibles and worked down to strip, mak- 
ing the usual observations and paying special atten- 
tion to the effect of annealing, which was done in 
air, on the density of the strip; see Table III 

In this paper, the author, for the sake of con- 
venience, has referred to the solubility and diffusion 
of gaseous compounds, such as steam, in palladium 
There is no intention of ignoring the generally ac- 
cepted view that all gases dissociate into their com- 
ponent atoms when they dissolve in metals. How- 
ever, in the case of palladium the dissociation theory 
may need modification; for instance, energy con- 
siderations make it unlikely that either steam or CO 
would be completely dissociated in molten palladium. 


Solubility of Gases in Molten Palladium—The 
vigorous gassing which occurs when palladium 
solidifies in oxygen or steam indicates that both 


these gases are much more soluble in the molten 
than in the solid metal; the amount of gassing which 
occurs in oxygen looks about the same as when 
molten silver solidifies in air. Helium would also 
appear to be appreciably soluble, but in the case of 
the remaining gases this type of evidence is less 
convincing. However, other evidence of solubility ts 
provided by abnormalities in the density of the strip 
made from the ingots; see Table III. Strip made 


from palladium solidified in nitrogen, steam, Co. 


~ 
= 
‘2 


b—Onxygen then hydrogen. Sur- 
face sound but grain boundary 
porosity near center of strip 


a—Hydrogen then oxygen. Grain 
boundary fissures at and near 
the surface. Metal sound else- 
where. 


Fig. 5—Pure palladium strip (0.020 in. thick) showing effect 
of heating in hydrogen followed by oxygen and vice versa 
Aqua regia etch. X250. Reduced approximately 5 pct for 
reproduction. 
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and helium, respectively, not only had lower den- 
sities than the pure metal but the density fell ap- 
preciably on annealing, undoubtedly due to the 
effect of blowhole gas, which showed up as blisters 
when the strip became thinner. Even argon must 
have an appreciable, though low, solubility because 
strip made from palladium solidified in this gas was 
not entirely free from porosity and blisters. Strip 
made from palladium solidified in oxygen and air 
was too dirty for the density to be reliable 

Some of the foregoing conclusions about the solu- 
bility of certain gases in molten palladium appear to 
be in disagreement with the findings of Sieverts and 
Bergner, who reported that helium did not possess 
a measurable solubility. They measured the volume 
of helium required to fill a porcelain tube contain- 
ing a known weight (12 g) of molten palladium at 
1600 °C, compared with the volume of nitrogen (as- 
sumed to be insoluble) required under the same 
conditions. It should be pointed out, however, that 
their method was comparative and that it would not 
be sensitive enough to measure small amounts of gas 
capable of causing blistering when the metal is con- 
verted into strip and annealed 


Diffusion of Gases in Solid Palladium The rate 
of diffusion of hydrogen in palladium has been 
measured, but published information for other gases 
is either meager or nonexistent. It is possible, how- 
ever, to draw some conclusions about the relative 
rates of diffusion of gases in palladium from the be- 
havior of blowholes during the conversion of ingots 
into strip. In the absence of diffusion, such blow- 
holes would show up as blisters during annealing 
and the blisters would persist however thin the 
metal became. Strip made from palladium solidified 
in helium or argon behaved in this way, indicating 
that the rate of diffusion of both gases in palladium 
was extremely slow. In the case of helium there was 
no diminution in the blistering when the strip was 
reduced to a thickness of 0.001 in. if the anneals 
were done at 900°C, though there was some im- 
provement when the anneals were done at 1300°C 
These conclusions are in line with the work of Ram- 
say and Travers, who found that helium and argon 
did not diffuse through palladium at 900° to 950°C 
On the other hand, similar strip made from ingots 
solidified in oxygen or CO did not develop blisters 
at any stage, indicating that the rate of diffusion for 
both these gases was at least rapid enough to pre- 
vent blowholes from becoming blisters. Strip made 
from ingots solidified in nitrogen, CO.,, or steam de- 
veloped blisters on annealing, which, however, dis- 
appeared on further working and annealing. The 
rates of diffusion of nitrogen, CO., and steam in pal- 
ladium, therefore, are intermediate between those of 
oxygen and the inert gases, helium and argon 


Relative Rates of Diffusion of Hydrogen and Oxy- 
gen—The question naturally arises as to how the 
rate of diffusion of hydrogen compares with that of 
the other gases. Wise and Vines found that when 
commercial palladium was heated in hydrogen afte1 
heating in air or oxygen it blistered, presumably due 
to the formation of steam under the surface of the 
metal. This behavior might be construed as evidence 
that the hydrogen diffused into the palladium more 
quickly than oxygen could diffuse out. However, 
strip made from palladium which had been deoxi- 
dized with hydrogen also blistered when annealed 
in air, Fig. la. As some of the hydrogen in the latter 
sample (melt 1126) might have been present as 
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metal hydride and, therefore, not free to diffuse at 
its usual rate, it was decided to make further experi- 
ments, using pure palladium made without deoxi- 
dizer. Accordingly, a pure palladium ingot which 
had been solidified in argon was worked down to 
strip, 0.020 in. thick, with all intermediate anneals 
in argon. The annealed strip used for the tests was 
sound except for an occasional blister and a few 
stringers of micropores; the latter presumably con- 
tained argon because they were independent of the 
grain boundaries and were unaffected by annealing 
in hydrogen. One set of samples of strip was heated 
in hydrogen for 30 min at 1000°C, quenched in 
water, and then heated in oxygen for 60 min at 
1000 C. Another set was heated in oxygen for 12 hr 
at 1000°C, quenched in water, and then heated in 
hydrogen for 30 min at 1000°C. The only apparent 
difference between the two sets of strip on visual 
examination was that the set heated in hydrogen 
and then in oxygen had dull etched surfaces, where- 
as the others remained bright; there was no sig- 
nificant blistering in either set. Both sets were less 
ductile than before, as judged by a reverse bend 
test. Other samples, after plating with a thin layer 
of platinum, were mounted for microexamination 
In the strip in which the annealing atmosphere had 
changed from hydrogen to oxygen, there was fissur- 
ing of the grain boundaries at and near the surface, 
see Fig. 5a, but the rest of the strip was sound, On 
the other hand, the surface of the strip which had 
been heated in oxygen and then in hydrogen was 
sound but the center of the strip was unsound due to 
the formation of numerous micropores in the grain 
boundaries; see Fig. 5b. Elsewhere in this strip there 
were very much smaller micropores which were uni- 
formly distributed and relatively numerous. Appar- 
ently the hydrogen diffused into this sample and 
combined with the oxygen in the outer layers be- 
fore the latter gas could diffuse very far; nearer the 
center of the strip (10 mils from the surface) the 
rate of penetration of hydrogen was slowed down 
sufficiently for the dissolved oxygen to have time to 
diffuse to the grain boundaries before the two gases 
met. In the other sample, most of the hydrogen dif- 
fused out of the hydrogen-saturated palladium be- 
fore oxygen could enter the metal and damage was 
restricted to the fissuring of grain boundaries at and 
near the surface. From a practical point of view, 
hydrogen would appear to diffuse at least ten times 
as fast as oxygen in palladium. Nothing, however, 
can be predicted about the diffusivity constants of 
the two gases 
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Martensitic Transformation in Binary Titanium Alloys 


Both the habit plane of martensite and the orientation relationship between the 
matrix and martensite platelets of different habit planes have been investigated in binary 
titanium alloys with molybdenum, chromium, and iron. The effect of the mode of de- 
formation on the martensite habit plane was studied. A micrograph of an exposed mar- 


tensite platelet is presented. 


N the study of martensitic transformation in Ti-Mn 

alloys,’ two martensite habit planes—{334}, and 
|444},--were reported. The {334}, habit was also 
observed in unalloyed titanium upon transforma- 
tion, although there is disagreement with respect 
to the exact indices. The other habit plane, {344},, 
has not been reported in martensitic transformation 
in any other alloys 

The present investigation was made to determine 
whether other binary titanium alloys with A-stabil- 
izing elements would exhibit a crystallography of 
transformation similar to that of Ti-Mn alloys. Fur- 
thermore, since martensite platelets can be induced 
by deformation under certain conditions, it was of 
interest to investigate whether the mode of defor- 
mation, compressive or tensile, would influence the 
formation of martensite platelets on a specific plane 
in an alloy system which possesses two martensite 
habit planes 


Experimental Procedure 

The material used for the preparation of the 
binary alloys of iodide titanium with molybdenum, 
chromium, and iron had the following purities: 99.99 
pet iodide titanium, 99.9 pet molybdenum, 99.423 pct 
chromium, and 99.9 pet iron 

The compositions of alloys listed in this paper are 
in nominal weight percentage. All specimens used 
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were prepared and treated according to the pro- 
cedure described in reference 1, unless stated 

For the subzero ternperature treatment the follow- 
ing experimental schedule was followed. After speci- 
mens had undergone the grain-growth treatment, 
they were quenched into an ice-water bath and 
were then metallographically examined. In speci- 
mens of higher alloy content, no martensitic trans- 
formation was observed. In those in which mar- 
tensitic transformation did occur, only specimens in 
which the martensite platelets existed as fine needles 
in localized regions were used. All specimens were 
reannealed 17 hr at 1200°C, quenched into ice water, 
and the capsule was broken. They were held in the 
ice water for from 5 to 10 sec, then transferred to a 
liquid-argon bath. This stepped quenching pro- 
cedure was found to be more efficient than direct 
quenching into liquid argon. In the latter case, as 
soon as the hot specimen was immersed in the liquid 
argon, a protective, insulating layer of argon gas 
formed, and the specimen continued to glow vividly 
in the bath for some time 

In the study of the habit behavior of martensite 
produced by deformation, specimens were deformed 
at room temperature either by compression, tension, 
or rolling 

Martensite habit planes were determined by the 
two-surface analysis procedure described in refer- 
ence 1. A stereographic net of 15%4 in. diam was 
used throughout the investigation 

The method for determining the orientation rela- 
tionship between martensite and the matrix follows 
that used by Greninger and Troiano.. A diamond- 
polishing table with its auxiliaries was used in order 
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Fig. |1—Location of poles of martensite habit planes in Ti-Mo 
alloys in stereographic triangles. Areas |! and III are sepa 
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Pas Fig. 3—Location of 
poles of martensite 
habit planes in Ti-Fe 
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Fig. 4—Orientation 
relationship between 
a {i matrix and mar 
poi tensite of {334}, 
Jal habit in a Ti-6 pct 

; Ma alloy. Plane of 
projection is parallel 
to the habit plane 


to make this method experimentally feasible for the 
present investigation, yielding only three suitable 


specimens out of more than 30 attempts 
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Experimental Results 

Martensite Habit Plane—/n Water-Quenched Ti- 
Mo Alloys: Poles of habit planes resulting from 28 
determinations on eight grains in seven specimens, 
containing 10 to 11 pet Mo, aggregate into two 
groups, areas I and II in Fig. 1. The centers of these 
two clusters deviate from the [334], and [344], 
poles by approximately 1'%” and 1°, respectively; 
both also lie about 1° off the 110>, zone.* These 


* Much higher indice might be used to indicate the exact loca 
tion of the centers of these two clusters. However, for simplicity 
ndices of 134 and ‘44 are adopted throughout this paper 


results are in agreement with those reported pre- 
viously for the Ti-Mn alloys 

In Water-Quenched Ti-Cr Alloys: From the re- 
sults obtained in 26 determinations on eight grains 
in six specimens of Ti-6 pet Cr alloys, there was not 
a single occasion where martensite of {344}, habit 
was observed. All markings were the {334}, habit, 
area I in Fig. 2. Based on the ratio of determinations 
on martensite of {344}, habit to those of {334}, habit 
in Ti-Mo alloys, it seems logical to conclude that 
there is only one martensite habit plane in quenched 
Ti-Cr alloys. This conclusion was further verified 
by the observations made from the subzero tem- 
perature treatment of Ti-Cr alloys 

In Water-Quenched Ti-Fe Alloys: Approximately 
3.6 pet Fe was required to retain the £8 phase com- 
pletely. Only eight habit-plane determinations were 
made on three out of ten specimens. In all determ 
inations, the habit plane was identical to that in 
Ti-Cr alloys, the {334}, habit, Fig. 3. Since the 
number of determinations is insufficient, it is not 
concluded whether or not martensite platelets of 
| 344}, habit also exist in Ti-Fe alloys 

In Specimens after Subzero (186°C) Tempera- 
ture Treatment: In seven determinations made on 
two Ti-Mo alloys of 10.5 and 11 pet Mo content, only 
martensite of {344}, habit was found, area III in 
Fig. 1. In the two Ti-6.5 pet Cr alloys, the martensite 
habit planes are the same as those found in the 
water-quenched specimens, the {334}, habit, area II 
in Fig. 2. If the martensite platelets in Ti-Cr alloys 
do exhibit two habit planes, the specimens treated 
at — 186°C would show some martensite platelets of 
|344},, as do Ti-Mo alloys. Obviously, this is not the 
case. It leads to the conclusion that martensite plate- 
lets in Ti-Cr alloys possess only one habit, {334}, 

It might be noted that in these two Ti-Mo alloys, 
fine martensite needles were present in localized 
areas after water quenching. Specimens of higher 
molybdenum content which did not reveal these fine 
needles were also lacking in martensite platelets 
after subsequent quenching to subzero temperature 
This indicated that, in Ti-Mo alloys, the formation 
of {344}, martensite upon quenching to subzero 
temperature Was sensitive to the slight variation in 
alloy content 

In Specimens Deformed at Room Temperature 
Ti-Mo alloys of less than about 15 pet Mo content 
which retain § phase upon water quenching form 
traight-line markings upon deformation at room 
temperature. These markings were persistent even 
after deep polishing. In all determinations made on 
these markings, the habit observed was one of the 
two habit planes found in water-quenched speci- 
mens, and not the {112}, habit of mechanical twins 
in body-centered-cubic metals 

Fight Ti-Cr alloys, %x%x% in., containing from 
6.3 to 6.5 pet Cr, were compressed or cold rolled 
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Table |. Tabulation of Experimental Data 


Specimens Used 


Experimental Results 


Nominal 


Alley Methed of 
System Treatment 


Ti-Mo Quenching 
146°C Quenching 

Compression 

Tensiot 

Holling 

O°C Quenching 
146°C Quenching 

Quenching 


10 to 11 
10.5 and 11 


Composition, Total 
Wt Pet 


Determinations 


specimens either peeled or cracked during 
deformation. Thus, no data were obtained. In the 
Ti-Mo alloys, martensite platelets induced by either 
tension, compression, or cold rolling delineated only 
the {344}, habit, area III in Fig. 1. Since martensite 
produced by cold rolling is slightly curved, the poles 
of the habit planes determined were scattered 

The results of habit plane determinations on dif- 
ferent alloys under various conditions are sum- 
marized in Table I 

Lattice Relationships—Hetween Matrix and Mar- 
tensite of {334}, Habit: Relatively thick martensite 
platelets of {334}, habit suitable for the direct ex- 
posure method could be obtained in quenched Ti- 
Mn alloys. A group of Ti-Mn alloys containing 6 pct 
Mn was prepared and a final specimen was obtained 
by the direct exposure method. It was found that 
Burgers’ relationship’ holds true in the present case, 
but with slight modification. The orientation rela- 
tionship may be defined as follows 

(110), // (0001), 
[1120], ~0° to 

This relationship is shown stereographically in Fig. 4 

From later observations of the microstructure of 
the exposed martensite platelets, it appeared that a 
ingle platelet contains colonies of needle-like struc- 
tures; thus, the orientation of the platelet might also 


These 


Fig. 5—Powder dif 
fraction pattern of 
an etched-down solid 
Ti-4 pet Cr alloy, 
water-quenched for 

1 he at 900°C, 
showing o +a’ 
structure. Spots on 
{110}, were paired 
with those on 


(0002), 
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vary slightly from colony to colony. In order to 
explore this possibility, four Laue back-reflection 
photograms were taken at random on this exposed 
platelet. In all cases, no deviation could be noticed 
in the parallelism between [110], and [0001 ],. zones, 
but the [111], and [1120],. zones had a separation 
that varied from 0° to % 

The parallelism of (110), and (0001), was also 
observed in Ti-Mo alloys by the powder diffraction 
method,” although this alloy possesses two martensite 
habit planes. This is better shown in Fig. 5 for a 
Ti-Cr alloy in which martensite platelets delineate 
only the {334}, habit. 

Between 8 Matrix and Martensite of {344}, Habit 
Two determinations were made on martensite plate- 
lets induced by cold rolling in Ti-Mo alloys. The 
determined lattice relationships were not the same 
However, one of them is similar to that found in 
the case of martensite of {334}, habit. These two 
relationships are shown stereographically in Figs 
6 and 7, and are expressed as follows 

(110), : (0001),. ~14 

[110], : [1010],. ~1 [1] 
(110), // (0001) 

: ~1 [2] 


Microstructures—Martensite platelets the 
water-quenched binary titanium alloys usually ap- 
peared as thin, straight markings, parallel to each 
other within a given cluster. Subzero temperature 
treatment had no apparent effect on the thickness 
of platelets either present before, or formed during, 
quenching. However, platelets sometimes exhibited 
considerable width when formed by deformation, 
especially by cold rolling. These platelets were 
macroscopic on a previously polished surface. It ts 
not unusual for some of these platelets to have an 
area of about 1 sq cm, or to be restrained only by 
the size of matrix grains 

Sometimes the parallel martensite platelets con- 
stituted the cross slip appearance shown in Fig. 8 

The lightning-bolt type of martensite observed in 
Ti-Mn alloys' was also found in the Ti-Cr alloys, 
Fig. 9. On two occasions, the habit planes of the 
component needles were determined by two-surface 
analysis, and were found to have a {334}, habit. The 
angular separation of their poles was 64 In othe: 
words, if the habit plane of one component is (334),, 
the other has indices of either (334), or (343) 

Since no detailed study has been made of the 
exposed martensite platelet at high magnification, 
an attempt to do so was made during this inves- 
tigation. Extreme difficulties were experienced, due 
to the limited thickness of the platelet. Not only 
must the polished surface be exactly parallel to the 
broad area of the platelet, but the amount of mate- 
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Fig. 6—Orientation 
relationship A be 
tween o motrix 
and martensite of 
{344}, habit in a 
Ti-11] pet Mo alloy. 
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rial removed during final electrolytic polishing must 
be accurately controlled. Of the many attempts 
made, only two platelets could be exposed and 
photographed with any degree of success. One of 
them is shown in Fig. 10 

The outstanding feature of this photograph is that 
the exposed platelet is composed of many dark- 
etched lines instead of a homogeneous structure 
These lines seem to segregate into clusters, and may 
or may not be parallel from cluster to cluster. If the 
material between these lines is assumed to be part 
of the platelet, then these lines could be twins. How- 
ever, this in-between material joins continuously 
with the matrix outside the platelet. without any 
visible boundaries under either polarized or oblique 
light. This suggests that the material is a portion of 
matrix trapped within the platelet. Hence, the struc- 
ture of martensite might be very complicated, and 
not a single crystal structure as generally assumed 


Discussion 

From the results obtained in this investigation, 
the generalization can be made that martensite 
platelets in binary titanium alloys delineate one or 
two crystallographic planes of the 8 matrix with 
indices close to {334}, and {344},. These findings 
were verified in the determination of the lattice 
relationships, as shown in Figs. 4 to 6 

No data were obtained which indicated that mar- 
tensite platelets of different habit planes might have 
different crystal structures Using the Debye- 
Scherrer powder technique and etched-down solid 


/ 


Fig. 8—Micrograph of a Ti-5.7 pct Cr alloy, water-quenched 
for | hr at 1200°C, showing cross slip appearance. X150 
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Fig. 7—Orientation 
relationship B be 
tween ao matrix 
and martensite of 
{344}, habit. Plane 
of projection is 
parallel to the habit 
plane 


specimens, the lattice parameter of martensite 
formed by water quenching did not vary appre- 
ciably from that for a-titanium. However, with an 
elaborated technique, it was reported that two close- 
packed-hexagonal structures with a slight differ- 
ence in lattice parameter were formed in quenched 
Ti-Mo alloys.” This implied that martensites of dif- 
ferent habit planes could have different crystal struc- 
tures, and offered a logical explanation for the 
plurality of martensite habit planes in Ti-Mo alloys 

The observation made on the habit plane of mar- 
tensite induced under various conditions in Ti-Mo 
investigation rules out the 
, tensile or com- 


alloys in the present 
possibility that the mode of stre 
pressive, is a primary factor influencing the pre- 
ferential formation of martensite platelets on one 
habit plane or the other. Thus, it could be that the 
habit plane of martensite depends on the tempera- 
ture at which the martensite forms. In the case of 
steel, Van Winkle and Mehl" concluded that the 
transformation temperature is the controlling vari- 
able accounting for the selection of different mar- 
tensite habit planes 

It is suggested here that the martensite platelets 
of different habit planes may have different M, tem 
peratures. The M, curve determined by Duwez”™ fot 
Ti-Mo alloys could be the M, curve for martensite 
of {334}, habit. The M, curve for martensite of 
(344}, habit could be quite horizontal, as shown in 
Fig. 11. It would therefore appear that only mar- 
tensite of {334}, habit could exist in relatively low 
alloyed or unalloyed titanium. This is in agreement 


Fig. 9—Micrograph of Ti-6 pet Cr alloy, showing lightning 
bolt type of martensite. 150 
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with the results of both Newkirk and Geisler’ and 
Williams et al. on sponge and iodide titanium 

As to the lattice relationship, Williams et al. 
found that the (0001), plane cannot be exactly 
parallel to the (110),, but is removed by % of 1 
This deviation from parallelism of these two planes 
was not observed in the present investigation. How- 
ever, there is general agreement on the association 
of the specific habit plane with this orientation rela- 
tionship. In all cases, the pole of the habit plane 
of the platelet lies near the (110), plane, which is 
in parallelism with the basal plane of the martensite 
In addition, the directional parallelism is not the 
[111], direction that is closest to the pole of the 
habit plane, but the one about 80° away. This is 
illustrated in Fig. 4 

Two orientation relationships between the 6 matrix 
and martensite of {344}, habit were found in the 
present investigation. Since both of them are experi- 
mental evidence, it is not possible at present to con- 
iider one more valid than the other. These two 
orientation relationships may be interrelated by 
ome structural variations, such as twins, although 
this was not found here. Weinig and Machlin" re- 
ported that Burgers’ orientation relationship holds 
true for martensite of {344}, habit. This agrees with 
the relationship B, Fig. 6. However, there is a dis- 
crepancy in the association of the habit plane with 
this lattice relationship. Weinig and Machlin’s habit 
plane, (434),, Fig. 6, is different from (443), as 
found in the present investigation 


Conclusions 

1) In water-quenched Ti-Mo alloys, two mar- 
tensite habit planes, {334}, and {344},, were observed, 
the former being more prevalent. Martensite in- 
duced either by subzero temperature treatment or 
by deformation (tension, compression, or rolling) 
at room temperature possessed only one habit plane, 
the {344}, habit 


Fig. 11 —Schematic 
representation of M, 
temperatures for 
martensites of dif 
ferent habit planes 
in the Ti-Mo system 
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Fig. 10—Microstructure of an 
exposed martensite platelet in 
a Ti-13 pet Mo alloy. This pic 
ture is a composite of two 
micrographs Lines running 
from lower right to upper left 
are scratches due to insufficient 
electrolytic polishing X150 
Area reduced approximately 35 
pct for reproduction 


2) Martensite in Ti-Cr alloys, either quenched 
into water or subsequently treated at liquid argon 
temperature, was shown to have the {334}, habit 
only 

3) Only one habit plane of martensite, {334},, 
was observed in water-quenched Ti-Fe alloys. It 
was not determined whether another habit plane of 
1344}, indices exists in this alloy system as it does 
in Ti-Mo alloys. 

4) The orientation relationship between the 
matrix and martensite of {334}, habit is as follows: 

(110), // (0001), 
[111], : [1120],.~0° to % 

5) The orientation relationship between the 
matrix and martensite of {344}, habit was found to 
be different in two specimens: 

(110), : (0001),. ~14 
{110}, : [1010],. ~1 
(110), // (0001), 
[111], : [1120],. ~1 

6) It is the temperature at which the martensite 
forms, not the stresses, which controls the selection 
of the habit plane of this martensite, in an alloy 
system which possesses two martensite habit planes 

7) Microstructures of individual martensite 
platelets have been observed to comprise a complex 
structure when examined parallel to the habit plane. 


Specimen A 


Specimen B 
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